Stoichiometry of Lead Telluride 
E. Miller, K. Komarek, and I. Cadoff 
Kinetic Factors in the Reduction of Silica from Blast- 
Furnace Type Slags 
James C. Fulton and John Chipman 
Zinc-Zirconium System 
P. Chiotti and G. R. Kilp 
Some Effects of Alloying on the Strength Properties of 
Columbium at Elevated Temperatures 
Gordon D. Gemmell 
Hot Indentation Testing of Magnesium and Other Selected 
Materials 
J. W. Goffard and R. G. Wheeler 
Alloys of Copper, Nickel, and Tantalum 
| Cyril Stanley Smith 
Electrical Conductivity of Molten FeS 

D. Argyriades, G. Derge, and G. M. Pound 
Microstructural Study of the Response of a Complex 
Superalloy to Heat Treatment 

J. R. Mihalisin and J. S. lwanski 
The Effects of Variations in Nitrogen and Manganese 
Content on the Structure and High-Temperature Properties 
of Cast X-40 Alloy 

E. E. Fletcher and A. R. Elsea 
Internal Oxidation of Copper-Aluminum Alloys 

D. L. Wood 
Evaporation of Silver Crystals 

J. P. Hirth and G. M. Pound 
The Crystal Structure of MoNi, 

Shozo Saito and Paul A. Beck 
Influence of Tin and Aluminum of the Transition Behavior 
of Oxygenated Titanium 

E. H. Rennhack and J. F. Libsch 
The Fatigue Hardening of Copper 
Alfred Siede and A. G. Metcalfe 


Subgrain Growth and Softening in Rolled Aluminum Crystals 


B. G. Ricketts, A. Kelly, and Pul A. Beck 
The Solubility of Cementite in Austenite 
Smith 
Activity of Silica in CaO-Al,0,-SiO, Slags at 1600° and 
1700°C 
_ F.C. Langenberg and John Chipman 
Variation of Orientation Texture of Ultra-Thin Molybdenum 
Permalloy Tape 
H. A. Lewis, P. K. Koh, and H. F. Graff 


(Contents continued inside 
front cover) 


8 


THE 
SOCIETY 


DETROIT PUBLIC LIBRARY 


JAN 1 41960 


TECHNOLOGY 
DEPARTMENT 


Volume 215, No. 6 
December 1959 


= 
CZ : 
4 
7 
882 
Gy 
898 
3 
905 
912 
; 
917 
938 
UB 
: 
942 
947 
949 
954 
958 
962 
BEES 
7 


High-Temperature Aging Structures in y’- Hardened Austenitic Alloys: W. C. Hagel and H. J. Beattie,Jr. = 


Close-Packed Ordered Structures in Binary AB, Alloys of Transition Elements: Austin F. Dwight and 


Corrections to Volume 215 


Paul A. Beck 976 
Preferred Orientation in Warm-Worked and Heat-Treated 4340 Steel: Eric B. Kula and Stanley L. Lopata 980 
Influence of Constraints During Rolling on the Textures of 3 Pct Silicon-lron Crystals Initially 

(001)[100}: R. CG. Aspden 986 
On the Origin of Tertiary Creep in an Aluminum Alloy: A. S. Nemy and F. N. Rhines : 992 
Phase Relations and Precipitation in Cobalt-Titanium Alloys: R. W. Fountain and W. D. Forgeng 998 
Sintering Investigations with Preagglomerated Burdens: F. W. Kinsey and C. A. O’Malley 1008 
Boundary Migration of High-Purity Lead During Creep and Grain Growth: R. C. Gifkins 1015 
The Effect of Striation-Type Substructure on the Deformation of eyelens Single Crystals: 

J.T. McGrath and G. B. Craig 1022 
Aging of Nickel-Base Aluminum ‘Alloys: Robin O. Williams 1026 
Precipitation Phenomena in Cobalt-Tantalum Alloys: M. Korchynsky and R. W. Fountain 1033 
Grain Growth in Silicon Iron: P. K. Koh 1043 
Discontinous Crack Growth in Hydrogenated Steel: E. A. Steigerwald, F. W. Schaller, and A. R. Troiano 1048 
The Effect of Chromium on the Stability of Cementite: George Sandoz 1052 
Short-Time Creep-Rupture Behavior of Tungsten at 2250° to 2800°C: Walter V. Green 1057 

_ Short-Time Creep-Rupture Behavior of Molybdenum at High Temperatures: W. V. Green, M. C. Smith, 

and D, M. Olson : 1061 
Technical Notes 
Observations on the System Zirconium Iron: L. E. Tanner and D. W. Levinson 1066 
Slip Markings and Plastic Instability of Crystals: Robert L. Fleischer 1067 
Creep-Rupture Tests at 1800° and 2000°F on Hyper-Pure Silicon Polycrystals: Jack T. Brown 1068 
The Influence of Nucleation and Thermal Gradients on the Development of Solidification Texture: 

M. E. Glicksman and G. S. Ansell 1069 
Note on the Existence of “UTa,,C,”: Erwin Pérthe and J. Paul Pemsler 1070 
Deformation Modes of Yttrium at Room Temperature: E. J. Rapperport and C. S. Hartley 1071 

1072 


INDEX TO VOLUME 215 FOLLOWS PAGE 1072 


INSTRUCTIONS FOR AUTHORS 


It is the policy of The Metallurgical Society of AIME 
to publish in its TRANSACTIONS contributions of both 
practical and theoretical interest which treat signifi- 
cant advances in the science and engineering of metal- 
lurgy. Manuscripts will be judged by qualified re- 
viewers according to established criteria for technical 
merit. Submission of a manuscript is representation 
that it has neither been copyrighted, published, nor 
submitted for publication elsewhere. Prior publication 
is a basis for rejection. 

Technical Publication-TP: Manuscripts should rep- 
resent completed original work embodying the results of 
extensive field, plant, laboratory, or theoretical in- 
vestigation, or new views on old but important prob- 
lems. Material must be significant and of sufficient 
value to a reasonable number of members to warrant 
permanent recording. In addition to technical accept- 
ability, material should be presented clearly and con- 
cisely. 

Technical Note TN: The purpose of a technical note 
is to provide prompt publication of short items dealing 
with new findings or topics of current interest in 
rapidly moving fields of science and engineering. A TN 
should be written in a readily-understood, self-con- 
tained form; involve a minimum of speculation; and be 
presented in a manner suitable for rapid review. The 
recommended length for a TN is 750 words and manu- 
scripts in excess of one page of TRANSACTIONS will 
not be considered for this form of publication. One 
page of TRANSACTIONS consists of approximately 
900 words; therefore if tables and illustrations are 


used, care must be taken that the total space (includ- 
ing title, text, tables, and figures) does not exceed 
one page of TRANSACTIONS. | 

Written Discussion of technical publications (TP) is 
invited. It should contribute to the original TP by pro-. 
viding confirmation, new or alternative interpretation 
according to the criteria established for TP’s. It must 
be submitted within two months of publication date. 
It will be referred to authors for reply; all discussion 
and authors’ reply for a single paper will be published 
as a unit at the earliest possible date. 


REQUIREMENTS FOR ALL MANUSCRIPTS 


1. Send to: G. Derge, Editor 
TRANSACTIONS OF THE METALLURGICAL | 
SOCIETY OF AIME 
Carnegie Institute of Technology 
Pittsburgh 13, Pennsylvania 

2. Submit three complete copies, each with a set of 
tables and illustrations. Manuscripts should be 
typed double-spaced on one side of 8% by 11 in. 
paper, with a margin of at least one inch all around, 
to allow for styling. 

3. After manuscript is accepted for publication, figures 
suitable for the printer’s use will be requested by 
the editor. Figures will normally be reduced to 
column width. 

a. Line drawings. Should be no larger than 8% by 11 
in. and should be suitable for reduction. 

b. Photomicrographs and/or photographs. One 
mounted set of glossy prints should be furnished. . 
These should be sent flat, protected by card- 


(Continued inside back cover) 


OF THE METALLURGICAL SOCIETY OF AIME 


STAFF: Editor, Gerhard Derge 
Carnegie Institute of Technology 
Schenley Park 

Pittsburgh 13, Pa. 

Editorial Assistant, M. A. Redmerski 
Managing Editor, James J. Burke 


THE METALLURGICAL SOCIETY: John 
Chipman, President; W. R. Hibbard, Jr., 
Past-President; C. C. Long, Vice-President; 
T. D. Jones, Treasurer; R. W. Shearman, 
Secretary. 


PUBLICATIONS COMMITTEE OF THE 
METALLURGICAL SOCIETY: R. Maddin, Ty f) 
Chairman; Dennis Carney, J. C. Fulton, 

J. H. Hollomon, T. B. King, C. C. Long, 

W. O. Philbrook, J. D. Sullivan, David Swan, 


and F. L. Vogel. 


Review and selection of manuscripts is under 
the supervision of the following Publications 
Committees: Extractive Metallurgy Division: 
T. B. King, Chairman; S. J. Dickinson, R. P. 
Hermsdorf, R. Schuhmann, Jr., and H. H. Kellogg. 


Institute of Metals Division: F. L. Vogel, Chair- 
man; R, L. Smith, Vice Chairman; R. W. Balluffi, 
J.H. Bechtold, J, O. Betterton, Jr., C. G. Goetzel, 
R. Gordon, C, D. Graham, Jr., R. W. Guard, J. J. 
Heger, M. Herman, J. N. Hobstetter, H. H. 
Johnson, Jr., |. R. Kramer, W. C. Leslie, Harold 
Margolin, R. A. Meussner, E. Morgan, G. E. 
Pellissier, |. S. Servi, A. U. Seybolt, P. Shewmon, 
C. Dean Starr, and Jack Washburn. 


Iron and Steel Division: W. O. Fhilbrook, Chair- 
man; F. C. Langenberg, C. W. Sherman, J, B. 
Wagstaff, and E. J. Whittenberger. 


Published bimonthly by the American Institute of Mining, Metallurgical, and Petroleum Engineers, Inc., 
29 West 39th Street, New York 18, N. Y. Telephone: PEnnsylvania 6-9220. Subscription $20 per year 
for non-AIME members in United States and North, South, and Central America; $25, foreign; $5 for 
AIME members. Single copies, $4.00, single copies foreign, $5.00. The AIME is not responsible for any 
statement made or opinion expressed in its publications ... Copyright 1959 by the American Institute 
of Mining, Metallurgical, and Petroleum Engineers, Inc. ... Registered cable address, AIME New York 
... Indexed in Engineering Index, Industrial Arts Index, and Chemical Abstracts... Second class post- 
age paid at New York, N. Y., and Ann Arbor, Mich. Volume 215, Number 6. 


ICAL SOCIETY OF AIME VOLUME 215, DECEMBER 1959 - 881 


a 
| 
| 
| 
| 
iS 
a 
e 
i 
~ 
4 
TRANSACTIONS OF 
THE METALL UR 
‘ 


Stoichiometry of Lead Telluride 


The lead-tellurium phase diagram in the region of the 


maximum melting point of PbTe was investigated using thermal 


E. Miller 


analysis and electronic measurements of single crystals. The 


maximum melting point occurs at 923.9°C and at 50.002 at. pct 
Te. Stoichiometric lead telluride, PbTe, is in equilibrium with 


liquid of 0.41 at. pct excess lead at 923.2°C. 


INTEREST in lead telluride as a semiconductor 
material for use as a thermoelement in thermo- 
electric devices and as an infrared detector has re- 
sulted in recent investigations of its properties. 
Although many investigators have studied the elec- 
tronic properties of lead telluride,’ stoichiometric 
PbTe has not as yet been prepared with consistently 
low carrier concentrations. In the case of elemental 
semiconductors such as Si and Ge high carrier con- 
centrations are attributed to impurities. However, 

. when dealing with compounds, deviations from 
stoichiometry may also result in high carrier con- 
centrations, the excess component behaving as a 
doping element. The observed high carrier con- 
centrations in PbTe could be explained if the com- 
pound has an off-stoichiometric congruent melting 
point, since in this case normal solidification of 
liquid of stoichiometric composition would not re- 
sult in a homogeneous solid of stoichiometric com- 
position. This relationship between melting point and 
stoichiometry may be expected theoretically,” and 
has been found in PbSe* and in Bi,Te, .* 

Previous work on the lead-tellurium phase dia- 
gram has been compiled by Hansen® who drew the 
phase boundaries of the compound as extending 
from 22 to 45 wt pct Te at room temperature, Fig. 1. 
Recently Pelzel® reinvestigated the lead-rich section 
of the diagram and confirmed the solubility limit of 
PbTe for Pb as being 22 wt pct Te at the eutectic 
temperature. 

The data previously reported are not sufficiently 
precise in the region of the maximum melting point 
of the compound and consequently the exact relation 
between the congruent melting point and stoichio- 
metry is not known. 

To permit reproducible preparation of solid PbTe 
of desired stoichiometry a precise determination of 
the phase diagram in this region is necessary. This 
portion of the diagram was investigated by thermal 
analysis and analysis of electronic properties of 
PbTe single crystals. 


EXPERIMENTAL PROCEDURE 


A) Materials—The materials used were spectro- 
scopically pure lead and semiconductor grade tel- 
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lurium purchased from the American Smelting and 
Refining Co. Both materials were at least 99.999 pct 
pure and showed only trace impurities upon spectro- 
scopic analysis. Initially the materials were zone 
refined but no difference was observed between crys- 
tals prepared from the zone-refined material and 
those prepared from as-received material. There- 
fore most of the samples were prepared from as- 
received lead and tellurium. 

B) Thermal Analysis—The thermal analysis ap- 
paratus was constructed according to the specifica- 
tions of the National Bureau of Standards.’ A Pt/Pt- 
10 pct Rh thermocouple was calibrated against the 
melting point of NBS copper, antimony, and zinc, the 
electromotive force being measured with a Rubicon 
Type-B potentiometer sensitive to 1 wv. The abso- 
lute accuracy of the thermal analysis obtainable with 
this system is +0.5°C. The relative accuracy of the 
readings is +0.1°C. Weighed quantities of lead and 
tellurium were sealed in evacuated quartz capsules 
having a central thermocouple well. The capsules 
were small enough so that no temperature gradient 
existed along their lengths, and thus no composition 
change could occur by vaporization of tellurium and 
subsequent condensation on cooler parts of the 
capsule. The liquidus line was determined using a 
cooling rate of 2°C per minute. 

C) Preparation of Single Crystals— The crystals 
were grown by the Bridgman method. Samples of 
desired liquid composition weighing about 150 g were 
sealed in evacuated quartz capsules 3/8 to 5/8 in. 
in diam and 4 in. long, tapered at the lower end. The 
specimens were lowered at a rate of 0.35 cm per hr 
through a furnace held at 1050°C. 

An oxide staining procedure was developed as a 
macroetch for observing any grain boundaries in the 
samples. To develop the boundaries the specimens 
were polished down through 3/0 paper and then 
placed in a furnace in a vacuum at 600°C for ap- 
proximately 5 min to vaporize a very thin layer of 
tellurium from the surface. The surface of the 
specimen was oxidized by admitting air to the sys- 
tem. The specimen was held at temperature for 
ten seconds and then water quenched to stop the re- 
action. Different grains become oxidized to different 
degrees and can be clearly distinguished. Any 
sample showing signs of a polycrystalline section 
was discarded and electronic properties were meas- 
ured on ingots which were single crystals. 

D) Electronic Properties—Resistivity and thermo- 
electric power along the length of the single crystals 
were measured to determine the sign and concentra- 
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tion of carriers as a function of distance from the 
seed end. Resistivity scans of the grown crystals 
were made using the four-point probe technique 
(probe spacing 0.050 in.). The impressed direct cur- 
rent was measured by the voltage drop across a 

0.01 ohm standard resistor in series with the speci- 
men. The voltage drop across both the specimen and 
the standard resistor was determined with a Rubicon 
Type-B potentiometer. To reduce he heating at the 
contacts and the resulting electromotive force 
generated due to the thermoelectric effect, the cur- 
rent was passed through the specimen for as short a 
time as possible. Any electromotive force observed 
in the specimen immediately after the current flow 
was interrupted was assumed to be due to the 
thermoelectric effect and was subtracted algebraic- 


WEIGHT PERCENT, Te 


given in Fig. 2. The maximum melting point was 
determined by extrapolation to be 923.9°C + 0.5°C. 
This is higher than the values of 917°C reported by 
Hansen® and 904°C found in the International Critical 
Tables. The higher value determined in this study 
can be attributed to closer control of both purity and 
vaporization of the tellurium during analysis. 
Resistivity scans of four single crystals are shown 
in Figs. 3 to 6. Fig. 3 shows the resistivity scan of a 
single crystal grown from liquid of stoichiometric 
composition. The resistivity of the specimen is not 
uniform, indicating that segregation occurred during 
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| 
ally from the electromotive force reading taken with | | 
current flowing. Using these precautions, the re- | LIQUID 
sistivity could be determined with an accuracy of so4’c | | 
+ 4X 107* ohm-centimeter. A heated copper probe | 
was used to determine the sign of the thermoelectric ae 
power along the length of the sample. ees? | + a 
LIQUID + PbTe | 
EXPERIMENTAL RESULTS AND DISCUSSION 
The liquidus temperature was determined by | | 
thermal analysis of four compositions near the | | | 
stoichiometric point. The liquidus temperatures | PbTe 
obtained are given in Table I. | n-TYPE | | 
These values were used to plot the liquidus curve p-TYPE 
920°C + | 
Table |. Liquidus Temperatures in Pb-Te System 
Composition (At. Pct) Liquidus Temperature (°C) 919°C | L 
496 497 498 499 500 501 502 503 
0.42 pet excess Pb 923.2 + 0.5 
0.26 pet excess Pb 923.6 + 0.5 ATOMIC PERCENT TELLURIUM 
Fig. 2—Lead-tellurium phase diagram in the region of the 


congruent melting point. 
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\ Fig. 3—Resitivity scan of a single crys- 


tal grown form stoichiometric liquid. 
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DISTANCE FROM SEED END OF SPECIMEN-PERCENT 


solidification. The resistivity increases from a low 
value at the initially solidified or ‘‘seed’’ end toa 
maximum near the tail end of the specimen and at 
approximately this point the thermoelectric power 
changes in sign from p-type (excess Te) to n-type 
(excess Pb.) In the region from the maximum to the 
end of the specimen the resistivity decreases con- 
tinuously. The explanation for this curve can be seen 
in the phase diagram in the insert in Fig. 3. If we 
assume that the congruent melting point lies to the 
tellurium side of the stoichiometric point on the 
diagram, then a specimen of stoichiometric liquid 
composition initially rejects tellurium-rich, or 
p-type material. As solidification progresses, the 
composition of the solid being rejected follows the 
solidus line. The initial rise in resistivity indicates 
that the composition is approaching stoichiometry. 
The change in sign of thermoelectric power and the 


maximum in resistivity is associated with passing 
through the stoichiometric composition. The de- 
crease in resistivity further along the sample indi- 
cates that the composition of the solid is moving 
away from the stoichiometric point in the lead-rich 
direction. 

A second sample corresponding to a liquid com- 
position of 0.37 at. pct excess lead has a resistivity 
vs length curve as shown in Fig. 4. The curve is 
Similar to the previous one except that the peak in 
resistivity is nearer the ‘‘seed’’ end of the speci- 
men, indicating that the initial solid frozen out is 
nearer to the stoichiometric composition. 

The resistivity of the third sample of liquid com- 
position 0.42 at. pct excess Pb is shown in Fig. 5. 
The resistivity peak is virtually at the ‘‘seed’’ end 
of the specimen, indicating that stoichiometric PbTe 
was frozen out initially, and that the stoichiometric 


"NOMINAL 
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OAMETER-.63" 
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COMPOSITION-037% EXCESS Pb 


+ Fig. 4— Resistivity scan of a single crys- 
tal grown from liquid 0.37 at. pct excess 


lead. 
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Table Il 


Liquid Composition, Seed Resistivity, Seed Carrier Seed Impurity Con- Carrier 
Specimen At. Pct Lead Ohm-Cm Concentration, Cm* tent, Excess At. Pct Type 
50.00 0.008 1.6 x 10** 5 x 107° p 
2 50.42 0.150 8.3 x 10*° 
3 50.37 0.084 1.4 x 10"’ 4.7 x 10~* Pp 
4 49.68 0.003 3.8 x 123:1¢° Pp 


compound is an equilibrium with liquid of essentially 
0.4 at. pct excess lead. 

The fourth sample of 0.32 at. pct excess tellurium, 
Fig. 6 shows a continually decreasing resistivity 
toward the tail end, with no apparent maximum. This 
would correspond to a sample on the tellurium-rich 
side of the congruent melting point which segregates 
along the tellurium-rich solidus line, and remains 
p-type in carrier sign. 

It may be pointed out that the peak in resistivity 
does not occur at the stoichiometric point. The 
stoichiometric point can be defined electronically 
as the composition where the number of electrons 
equals the number of holes; maximum resistivity 
occurs at the composition where the number of holes 
equals the number of electrons times the mobility 
ratio. Therefore the two compositions will coincide 
if the mobility ratio is unity, but will have different 
values for all other cases. The difference between 
the hole concentration of the two compositions is 
shown to be (Appendix I): 


Pmax Pstoich (b2 [1] 


where n/ is the electron hole equilibrium constant. 
The ratio of the resistivity of the stoichiometric 
sample to that of the maximum resistivity sample is 


1 
Prtoich = 2b2/b+ 1 [2] 


This last equation is the same as that obtained by 
Hunter® for the resistivity overshoot in high mo- 
bility materials. 


n; and b were determined from Hall coefficient 
and resistivity data taken from several sections of 
the crystals.” The room-temperature mobility of 
the majority carriers was found to be independent of 
impurity content and equal to 500 sq cm per v-sec 
for holes and 1170 sq cm per v-sec for electrons, 
resulting in a mobility ratio } of 2.3. 

The electron and hole mobilities determined are 
at the lower end of the range of reported values.’ 
The room-temperature electron-hole equilibrium 
product, n; was determined to be 4X 10°". Using 
these values in Eq. [1] we find that the maximum 
resistivity and the stoichiometric compositions 
differ by 2 x107° at. pct. 

Also shown in Figs. 3-6 are the carrier concen- 
trations as a function of length along the grown 
crystals, which were determined from the resistivity 
measurements and the above mobility values. As- 
suming that both Pb and Te behave as singly ionized 
donors and acceptors respectively there is a one- 
to-one correlation between carrier concentration and 
excess of lead or tellurium. 

The solidus curve near the stoichiometric point 
was determined using the seed composition obtained 
from Figs. 3 to 6. Table II summarizes the seed-end 
carrier concentration, the composition of the seed in 
atomic percent and the composition of the liquid from 
which the seed was rejected. The position of the 
solidus line and the liquidus line relative to the 
stoichiometric composition is obtained from the data 
in Table II with the aid of Fig. 7. The solidus and 
liquidus can be drawn as straight lines, within the 
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Fig. 6—Resistivity scan of a single crys- 
tal grown from liquid 0.32 at. pct excess 
tellurium. 
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limit of error, and the region of the phase diagram 
near the maximum melting point is sketched in Fig. 
7. The seed compositions determine points on the 
solidus line relative to the stoichiometric compo- 
sition and tie lines fix points on the liquidus with 
respect to the solidus. For example, specimen 2 has 
a seed composition of 4.7 X 10~* at. pct excess 
tellurium. The corresponding point on the liquidus 
is 0.37 at. pct excess lead. Extrapolating the solidus 
and liquidus lines to their intersection yields a 
value of the maximum melting composition relative 
to the stoichiometric composition. Similarly, ex- 
trapolation downward to the intersection of the 


STOICHIOMETRIC 
PbTe 
| 
| 
| 
5x10° 
LIQUID 
037 
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SOLID 
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Fig. 7-Determination of phase boundaries in the region 
near the congruent melting point. 
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solidus line with the stoichiometric line yields a 
value for the liquid in equilibrium with the stoichio- 
metric compound. This agrees with the data obtained 
from specimen 3 in which it was found that liquid of 
composition 0.42 at. pct excess lead rejects a seed 
which is close to stoichiometric in composition, 

Fig. 5. 

The compositions were calculated from the values 
for impurity content, and are therefore dependent on 
the resistivity and mobility measurements only. The 
mobility was determined from Hail measurements 
and are accurate to + 5 pct. Any error in the mobil- 
ity values results in a proportional error in the com- 
position of the maximum melting point, while errors 
as large as 25 pct in the mobility change the value of 
the composition of the liquid in equilibrium with 
solid of stoichiometric composition by less than 0.1 
at. pct. This analysis fixes only the lines with re- 
spect to composition. The temperature coordinate is 
fixed by superimposing the calculated liquidus on the 
liquidus line found by thermal analysis. Any error 
inherent in the thermal analyses results in an error 
in the temperature coordinate only, and does not 


affect the accuracy of the composition determina- 
tions. The completed partial phase diagram is shown 
in Fig. 2. 


SUMMARY AND CONCLUSION 


Analysis of the electronic data obtained from the 
single crystals of lead telluride grown by the Bridg- 
man technique shows that the stoichiometric and 
maximum melting compositions do not coincide. The 
maximum melting point lies to the tellurium-rich 
side of the stoichiometric point and corresponds to a 
composition of 50.002 + .0005 at. pct Te. This devia- 
tion is too small to permit thermal analysis to fix the 
composition of the maximum melting point with re- 
spect to the stoichiometric composition. Since the 
liquidus curve is rather flat the temperature error of 
+ 0.1°C corresponds, at the maximum melting point, 
to a composition error of + 0.03 at. pct which is 
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much greater than the observed deviation from 
stoichiometry. However, the measured deviation is 
significant for semiconductor technology since it 
corresponds to a carrier concentration of 5 x 10” 
holes/cm*. The technological implication is that 

if standard solidification techniques from stoichio- 
metric liquid are used, the resulting solid will not 
be of stoichiometric composition. Also, if a purifying 
technique such as zone refining is used, the compo- 
sition of the ingot will approach that of the maximum 
melting composition, and will therefore not be 
stoichiometric. However, homogeneous alloys of 
stoichiometric PbTe can be prepared by solidifica- 
tion of liquid of 0.41 at. pct excess lead using a 
technique in which the liquid composition is held 
constant. 


APPENDIX 
Relation Between Resistivity Maximum and 


Stoichiometric Point 


The following symbols are used: 
b mobility ratio of electrons to holes, [n/p 
e electronic charge 
n? equilibrium product of electrons and holes 
n number of electrons per cubic centimeter 
bp number of holes per cubic centimeter 
ln mobility of electrons 
Mp, mobility of holes 


o electrical conductivity 
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The composition where the maximum resistivity 
occurs can be found by the following analysis: 


= + = (nb+ p)eup [1] 

at any temperature: mp =n} [2] 

o = + p)eup 

do 

ap ~ oP + 1=0 [3] 
therefore: p = nb [4] 


That is, the maximum resistivity will occur where 
the number of electrons times the mobility ratio 
equals the number of holes. Therefore the two com- 
positions will coincide if the mobility ratio is unity, 
but will have different values for all other cases. 
The difference between the hole concentrations of 
the two compositions can be calculated: 


maximum resistivity composition p = nb 

stoichiometric composition p=n 

Prax = (0)? » Pstoic = Mi 


| = Pstoic = (b2 1) ni 
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Kinetic Factors in the Reduction of Silica 


from Blast-Furnace Type Slags 


Reduction of Si from slag to carbon-saturated iron is a very 


slow reaction. The rate is nearly independent of stirring but is 
accelerated markedly by increased temperature. Ina slag con- 
taining 45 pct SiOz, 38 pct CaO, 17 pct Al,O,, the energy of 


activation is approximately 130 kcal. 


At temperatures of 1450° to 1600°C occurring in 
the hearth of the iron blast furnace, chemical re- 
actions are normally expected to proceed with great 
rapidity. Many of the reactions of iron making are 
indeed quite rapid and attain a condition corres- 
ponding roughly to a state of equilibrium before 
metal and slag are tapped from the furnace. The 
one conspicuous exception is the reaction by which 
carbon in the coke or metal reacts with silica in the 
slag to deliver silicon to the metal. From the 
practical viewpoint the slowness of this reaction is 
indeed fortunate, for if it were fast enough to reach 
equilibrium during the time of contact, it would be 
difficult to produce pig iron of the desired low 
silicon content. 

The one other reaction which under certain cir- 
cumstances can also be very slow is the transfer 
of sulfur from blast-furnace metal to slag. In 
their laboratory experiments on this reaction, 
Hatch and Chipman’ found that at least 5 hr were 
required for the attainment of equilibrium in a small 
crucible and that the reaction was not accelerated 
by increasing the rate of stirring. Subsequently it 
was shown? that the presence of a reducible oxide 
MnO greatly inhibited sulfur removal, and finally 
that SiO, itself* under some conditions has suffi- 
cient cxidizing power to interfere with sulfur trans- 
fer. The kinetics of sulfur removal are now rather 
well understood,* and it has been shown*>® that when 
the silicon content of the metal is high enough to 
prevent reduction of SiO2, the desulfurizing process 
is rapid. Thus the observations of slow removal of 
sulfur are associated with the coincident slow re- 
duction of SiO,, a process which transfers both 
silicon and oxygen to the metal phase. It is, of 
course, the oxygen which interferes with sulfur re- 
moval. An explanation of the slowness of the silica 
reduction reaction has not been obtained. 

The sulfur transfer process has been shown by 
the authors’ to be at least partially transport- 
controlled in the absence of interference by silica. 
Under the experimental conditions. 99 pct of the 
total transfer at 1600° was accomplished within an 
hour. Under similar conditions the reduction of 
silica may not proceed half-way to equilibrium® in 
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8hr. It is scarcely imaginable that silica reduction 
could be transport-controlled when the slag contains 
44 pct SiO, and the metal about 1.4 pct C. The ex- 
periments reported here show definitely that it is 
controlled by a slow step or steps in the chemical 
reaction. One might expect to find such a slow step 
in the breaking of Si-O bonds or in the slow re- 
moval of oxygen by carbon at the slag-metal or 
metal-crucible interface or by bubble formation. 


EXPERIMENTAL PROCEDURE 


The experimental procedure used in this investi- 
gation was similar to that used in the study of the 
kinetics of desulfurization.® A sketch of the graph- 
ite crucible and stirrer used in the current work is 
shown in Fig. 1. The quantity of metal and slag 
used was adjusted so that the slag-metal interface 
was located between the top and bottom blades on 
the stirrer; the top of the slag layer was above the 
top blade. The stirrer shaft was hollow down to the 
metal level and served as thermocouple well or 
optical pyrometer target. Stirring speeds of 0 to 
500 rpm were used. 

A carbon monoxide atmosphere was maintained 
in the furnace by flushing the gas over the slag 
surface, except in run No. 220 when it was bubbled 


Dia. Hole 0.D. 


drill to 
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Fig. 1—Schematic drawing of graphite crucible and stirrer. 
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through the melt by means of a graphite tube which 
extended below the slag-metal interface. 

In most heats, the metal contained 15 pct Si and 
was saturated with carbon; for experiments at 
1600°C this corresponds to about 1.4 pct C.” The 
silicon content of the charge was obtained by dis- 
solving pure silicon in Armco iron in a graphite 
crucible. The metal was always melted and held 
for '/,hr to obtain thermal equilibrium and carbon 
saturation before the slag was added. 

The slag composition for normal heats was ap- 
proximately 44 pct SiOz, 38 pct CaO, and 18 pct 
Al,0O,;. Master slags were prefused in graphite 
crucibles from chemically pure oxides. They were 
sized to —6/+20 mesh to reduce dusting losses dur- 
ing addition to the crucible. The granulated slag 
mixture was added through a silica funnel after the 
metal had been adjusted to the desired equilibrium 
temperature. The slag composition at the begin- 
ning of a run was obtained from the analysis of the 
master slags or combinations of such slags. 

Slag and metal samples were sucked into Vycor 
tubes immersed into the respective layer. Actual 
metal analyses at ‘‘zero’’ time were from samples 
withdrawn from the furnace just prior to adding the 
slag to start the run. 

The record of a typical run, including the cal- 
culated SiO, concentration for equilibrium with the 
observed silicon content, is shown in Fig. 2. 


RESULTS 
The overall reaction being studied can be written: 
SiO, (slag) + 2 C (graphite) = Si + 2 CO (g) [1] 


The equilibrium concentration of Si in carbon- 
saturated iron and of SiO, in lime-silica-alumina 
slags pertaining to Eq. [1] are known for 1600° and 
1700°C respectively.*° It was necessary to have 
these data available before initiating the kinetic 
study in order to be able to describe the driving 
force of the reaction in terms of the displacement 
from equilibrium. The slag and metal compositions 
at the start of a run were always chosen so that the 
metal was of lower Si content than that correspond- 


| | 
44 Si O, 
2 
— 
42 16 
Si 
x 
38 O, Equilibrium 
36 | | | | | 13 
fe) 2 4 6 8 10 


Time, (hours) 


Fig. 2—Record of a typical experiment (No. 215). 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ing to the equilibrium. 

The mechanism of the reaction is unknown and, 
therefore, only the simplest treatment of the kinet- 
ics can be made. It is assumed that the forward 
rate is proportional to the concentration of SiO, and 
the reverse rate to that of Si, the other concentra- 
tions remaining constant. The net rate is then 


—dn sio, 
at 
where dn SiO, is the number of moles of SiO, used 


up in time dt, A is the interfacial area, and the C’s 
are concentrations in moles per unit volume. The 
two k’s are related through the equilibrium constant 


=A(k — k’ [2] 


SiO, 


where C*.i9 is the silica concentration required 


for equilibrium with the observed Cxg;. The change 
in concentration of SiO, is obtained by dividing by 
V, the slag volume, and at the same time we may 
substitute k for k’ Cg,, thus 


— dC gio, 


*7 (Ca, — C*sio,) [3] 


Noting that A/V is equal to 1/L, where L is the 
depth of the slag, we can write: 


2.3 d log (Cyn — C*sin.) 4 
dt 


This may be further modified to give: 


d log (% SiO, —-% SiO,*) _ —k [5] 
at 


Here % SiOz is the weight percent silica in the slag 
at any time, and % SiO,* is the equilibrium value for 
the observed Si content of the metal. 

Compositions of the initial slags are shown in 
Table I. Three of these are essentially alike while 
the fourth is a binary mixture. Four to seven slag 
and metal samples were taken during the 10-hr 
period covered by each run. Silicon content of the 
metal always increased and SiO, in the slag de- 
creased. There was a corresponding slight in- 
crease in the lime and alumina contents of the 
slags. Equilibrium SiO, concentrations of the slags 
were read from the original plots of the authors.**® 
In the several figures that follow, values of log 
(% SiOz - % SiO.*) are shown as a function of time. 
The degree of reproducibility in sampling and anal- 
ysis is not sufficient to prove that the relation is 
linear, but straight lines have been drawn and their 
slopes used to obtain the values of k reported in 
Table II. 


Table |. Initial Slag Compositions, Wt Pct 


Slag No. SiO, CaO 
A 44.3 37.5 
B 44.7 37.5 
Cc 45.1 37.5 
D 51.5 48.5 
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Table II. Summary of Important Characteristics of Experimental Silica Reduction Heats 


Wt. of Wt. of Pct Si Stirring Slope x Interface Depth of k x 10° 
Run No. Slag No. Slag, G Metal, G Metal Temp., °C Rate, Rpm 10* Min=* Area, SqCm Slag Cm Cm Min 

211' A 150 600 15.0 1600 0 -1.0 18.6 2.5 6 
226 B 150 600 15.0 1600 12 -1.7 22.2 | 8 
225 B 150 600 15.0 1600 35 —2.8 vat By 2% 14 
213 A 150 600 15.0 1600 100 -1.4 22.2 23 7 
212 Cc 150 600 15.0 1600 500 -5.3 22.2 23% 26 
222 D 150 600 15.0 1600 100 —6.7 22.2 2.1 32 
214 A 400 400 15.0 1600 100 —1.4 23.4 5.3 17 
216 A 400 400 15.0 1650 100 —3.2 23.4 53 39 
217 A 400 400 15.0 1700 100 —8.3 22.2 5.6 107 
218 Cc 400 400 10.0 1600 100 —0.8 22.2 5.6 10 
219 c 400 400 5.0 1600 100 —0.8 22.2 5.6 10 
215? A 400 400 15.0 1600 100 —1.4 25.6 5.6 18 
220° Cc 400 400 15.0 1600 100 -1.4 22.0 5.7 18 


*Run No. 211 was stirred for 0.4 hr at the beginning of the experiment to homogenize the melt. There was no stirring in this experiment 


again until 1 min before the last sample at 10 hr. 
*Stirrer in slag layer only. 


*Carbon monoxide was blown over the surface of the slag in all heats except No. 220 where it was bubbled through the metal and slag. 


EFFECT OF STIRRING RATE AND SLAG-METAL 
WEIGHT RATIO 


Fig. 3 shows the influence of stirring on silica 
reduction at 1600°C. With no stirring the rate was 
nearly as great as at 100 rpm, but it can be seen 
that there was a general tendency for the specific 
rate constant, k, to increase with increasing stir- 
ring rate. However, the effect was not large. Much 
of the improvement in rate on the run at 500 rpm 
can be attributed to gross turbulence and an in- 
crease in effective slag- metal area. 

Fig. 4 demonstrates the effect of several vari- 
ables. In all runs the stirring rate was 100 rpm, 
but in No. 215 the stirrer extended only into the 
slag layer. The rate was normal. In No. 220a 
stream of carbon monoxide was bubbled into the 
metal. Again a normal rate was observed. These 
variables have apparently had no influence on the 
rate. The same slope has been drawn for all four 
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Fig. 3—Influence of stirring rate on rate of silica reduc- 
tion at 1600°C. 
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runs, but because of the shallower slag the k value 
for run 213 is smaller than the others, Table II. 
This is the same run which in Fig. 3 also appeared 
to have an abnormally low k, and the result may 
well be in error. 


EFFECT OF METAL AND SLAG COMPOSITION 


Fig. 5 shows the results of three runs beginning 
at 5, 10, and 15 pct Si, respectively, all other con- 
ditions being constant. The slopes of the lines and 
the values of k are the same within limits of ex- 
perimental error. 

On the same figure is shown the record of run 222 
in which the slag was free of alumina and was of 
much higher silica activity. The composition was 
chosen so as to make the value of (% SiOz - % SiO.*) 
approximately the same as in the other runs. But 
the activity-concentration relation is steeper in this 
range, and the value of (asjo, - a*sio,) was distinctly 
larger than in the other runs. This probably ac- 
counts for the higher rate. 


1.0 
| | 
0.9 
a 
Slag Metal 
= © No. 214 400g 400g 4 
4 0. No. 213 60g 600g 
A No. 215 400g 400g Slag only stirred 
ry © No.220 400 400 CO bubbled in 
0.6 | | | L | 
2 6 8 10 


Time (hours) 


Fig. 4—Influence of several variables on the rate of silica 
reduction at 1600°C. Stirring rate 100 rpm. Slag and me- 
tal composition the same in each run. 
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Fig. 5—Influence of changes in initial composition of metal 
and slag on reduction rate at 1600°C. 


EFFECT OF TEMPERATURE 


Fig. 6 shows the influence of temperature on the 
rate of silica reduction. The slopes of three runs 
at 1600° are compared with runs 216 and 217 at 
1650° and 1700°C, respectively. There is a very 
large increase in slope and in specific rate con- 
stant with increasing temperature. The tempera- 
ture coefficient corresponds to a heat of activation 
of about 130 kcal. The accuracy of this result is 
difficult to estimate, and it is presented here with 
the understanding that it could be in error by as 
much as 20 or 30 kcal. But even 100 kcal would be 
an unusually high heat of activation. 


CONCLUSIONS 


Obviously the experimental results reported here 
are much too limited to afford a complete under- 
standing of the reaction mechanism. Further ex- 
periments are needed with larger concentration 
differences and longer times under a wide variety 
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Fig. 6—Influence of temperature on the rate of silica re- 
duction. 


of conditions. 

The slow rate and high heat of activation suggests 
that the slow step is associated with the breaking of 
Si-O bonds. It is not precluded, however, that a 
slow CO evolution is in part responsible in view of 
the extremely low concentration of oxygen in high- 
silicon iron saturated with carbon. If the observed 
heat of activation corresponds to the rupture of four 
Si-O bonds, the previously reported heat of activa- 
tion for diffusion® of Si in similar slags of 70 kcal 
should be ascribed to the rupture of only two such 
bonds. This suggests a diffusion mechanism in 
which a tetrahedron is anchored by two oxygens 
which form an axis around which the remainder 
of the group can oscillate. Such speculations cry 
aloud for further experiments, and critical ex- 
periments are in progress in which Si-O bonds will 
be broken by other reactions. 
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Zinc-Zirconium System 


Thermal, metallographic, vapor pressure, and X-ray data 
were obtained to establish the phase diagram for the zinc- 
zirconium system. Five compounds corresponding to the stoi- 
chiometric formulas ZrZn, ZrZn2, ZrZn3, ZyZng, and 
were observed. All these compounds, with the exception of 
ZrZn., which melts congruently at 1180°C under constrained 
zinc-vapor conditions, undergo peritectic reactions. The tem- 
perature at which the zinc vapor pressure is 1 atm for a series 


of alloys was determined from vapor-pressure measurements. 
The data obtained are summarized in the construction of a 
l-atm-pressure phase diagram and a phase diagram corres- 


ponding to a pressure of less than 10 atm. 


Tue purpose of this investigation was to establish 
the phase diagram for the zinc-zirconium system. 
Thermal, metallographic, vapor pressure, and 
X-ray data were employed in determining the phase 
regions. 

Partial investigations of this system have been 
conducted by Gebhardt’ and Carlson and Borders.? 
Carlson and Borders studied the high-zirconium 
region and established the existence of a eutectic 
at 69 wt pct Zr with a melting point of 1015°C. The 
terminal phases of the eutectic horizontal were 
shown to be an intermetallic compound ZrZn and a 
solid solution of 8 zirconium containing 21 wt pct 
Zn. The 8 solid solution decomposes into ZrZn and 
a zirconium at 750°C. The eutectoid composition is 
given as 15 wt pct Zn, and the solubility of zinc in a 
zirconium at temperatures below 750°C is indicated 
to be negligible. Gebhardt studied the zinc-rich re- 
gion and observed a lowering of the melting point of 
zinc from 419.5° to 416°C and temperature horizon- 
tals at 545° and970°C. Some preliminary observa- 
tions by Chiotti, Ratliff, and Kilp were reported by 
Hayes.? 

Pietrokowsky* has reported the compound ZrZn, 
to have a cubic MgCu, structure with a, = 7.396A. 


MATERIALS AND EXPERIMENTAL PROCEDURES 


The metals employed in the preparation of alloys 
were Bunker Hill slab zinc or Baker analyzed re- 
agent granulated zinc, both 99.99 pct pure and 
hafnium-free iodide-process crystal bar zirconium 
obtained from the Westinghouse Electric Corp. The 
zirconium contained 200 ppm Fe, 200 ppm Si, 100 
ppm C, and minor amounts of other impurities. 

The zirconium was milled or machined into thin 
chips or shavings. These were cleaned with a 
nitric-hydrofluoric acid solution, rinsed with water, 
and acetone, and dried just prior to their use in al- 
loy preparation. The granulated zinc was similarly 
cleaned using dilute nitric or hydrochloric acid. 
Weighed quantities of these materials, 20 to 30g 
total, were mixed and pressed at 20,000 to 70,000 
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psi to give relatively dense compacts. During the 
early part of this investigation the pressed compacts 
were placed in MgO-15 wt pct MgF, crucibles which 
were then sealed inside of quartz ampules. The 
compacts were given various prolonged heat treat- 
ments prior to their use for thermal analyses, or 
vapor-pressure measurements. Because of expan- 
sion of the compacts and the relatively high zinc 
vapor pressure it was difficult to heat to the melt- 
ing temperatures of the alloys without failure of the 
quartz ampules. Homogenization at temperatures 
below the melting temperature gave brittle, porous 
alloys unsuitable for metallographic examination. It 
was also difficult to prevent condensation and segre- 
gation of zinc on the colder parts of the quartz am- 
pules during heating and cooling operations. These 
problems were eliminated to a great extent by the 
use of tantalum crucibles. Tantalum proved to be 

a satisfactory container with little or no reaction 
between the alloys and the tantalum. Small tantalum 
thermocouple wells were successfully welded in the 
bottom of these crucibles. Pressed compacts were 
sealed inside the tantalum crucibles by welding on 
preformed caps under an argon atmosphere. Heat 
treating and differential thermal analysis were com- 
bined into a single operation. The experimental 
sample assembly is shown in Fig. 1. This assem- 
bly was enclosed inside a stainless-steel tube heat- 
ing chamber which could be evacuated and filled 
with an inert gas. The thermocouple leads were 
brought out of the heating chamber between two 
rubber gaskets used to provide a vacuum seal for 
the water-cooled head. 

Most of the compounds in this system undergo 
peritectic decomposition. After heating above the 
temperature of a particular peritectic horizontal the 
sample was cooled to just below the peritectic tem- 
perature and held at temperature for several hours. 
The sample was then reheated through the peritectic 
temperature and the size of the thermal arrest, if 
still present, compared with the one previously ob- 
tained. If the thermal arrest was not characteristic 
for the alloy composition being investigated its mag- 
nitude diminished and repeated cycling and anneal- 
ing eventually eliminated it. The peritectic thermal 
arrests characteristic of a particular composition 
were established in this manner. 
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Fig. 1—Sample assembly for thermal analysis. 


Some of the alloys used for thermal analyses, 
those with compositions intermediate to two equi- 
librium phases, were subsequently used for vapor- 
pressure measurements. Samples of these alloys, 


weighing roughly 5 g, were broken up into coarse 
particles is to 7/32 in. in diam. Either magnesium 
oxide or tantalum crucibles were used as contain- 
ers. The dew-point method employed has been 
described in an earlier paper.* 


EXPERIMENTAL RESULTS 


The results of thermal analyses and the phase 
diagram for the zinc-zirconium system under con- 
strained vapor conditions are presented in Fig. 2. 
The thermal arrests observed are represented as 
solid triangles. The tips of triangles pointing down- 
ward represent the beginning of thermal arrests on 
cooling and the tips of triangles pointing upward 
represent the beginning of thermal arrests on heat- 
ing. Some liquidus boundaries are still uncertain 
and are represented by broken lines. The region 
for zirconium contents greater than 69 pct Zr is 
based on work of Carlson and Borders.” The region 
below 8 pct Zr and 800°C confirms previous work 
by Chiotti, ef al.,? and Gebhardt.’ 

Since the alloys used for thermal analyses were 
enclosed, along with an argon atmosphere, inside 
of small containers to constrain the zinc vapor, the 
pressure over the alloys varied with temperature. 
The maximum combined zinc and argon pressure 
is estimated to be less than 10 atm at the maximum 
temperatures to which the various compositions 
were heated. 

Fig. 3 shows the phase fields expected at 1 atm 


ATOMIC PERCENTAGE ZIRCONIUM 
30 40 60 


10 20 80 90 0 
°¢ oF 
1300- 
HEATING 
/ / 2100 
1000- 6'+ 8 69.0 \ 
910° \ 
Fig. 2—Zinc-zirconium phase diagram ; 1700 
under constrained vapor conditions. 900;-- ‘ 865° 
y¥+B 
1500 
800+ 
v 
700k +1300 
Ltée 
545° 
500 
| € +O | +8 Sty y+a “900 
4168 
400 
N N N N wi 
r 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


WEIGHT PERCENTAGE ZIRCONIUM 


VOLUME 215, DECEMBER 1959-893 


= 
= 
8 
5 
Y | 
im! E 
E 
H 
V/A 
I 


Table |. The Boiling Point of Several Zinc-Zirconium Alloys 


Alloy Composition, Boiling Point 
Wt Pct Zr °C = 1Atm 
0.0 (pure zinc 907 
910 
4.0 914 
8.7 917 
12.2 924 
15.0 924 
19.0 924 
23.7 924 
24.7 924 
25.0 925 
35.0 980 
44.0 1040 
50.0 1040 
69.0 


pressure. The temperatures at which various com- 
positions have a zinc vapor pressure of 1 atm are 
given in Table I. Other vapor-pressure data will be 
presented in a later paper. The phase boundaries 
for regions involving condensed phases only are the 
same as those in Fig. 2, since the small change in 
pressure experienced by the alloys during thermal 
analysis would not be expected to affect these bound- 
aries appreciably. 

Zirconium produces a slight lowering of the melt- 
ing point of pure zinc. Gebhardt reported the eutec- 
tic temperature to be 416°C. The results of this in- 


vestigation indicate that the eutectic temperature is 
417+1°C. Thermal analyses were not helpful in 


ATOMIC PERCENTAGE ZIRCONIUM 


establishing the eutectic composition. It was pos- 
sible to develop well-defined eutectic structures in 
alloys of near eutectic composition by cooling fairly 
rapidly from above the eutectic temperature. Ex- 
amination of the microstructures of alloys contain- 
ing 0.1, 0.2, 0.24, 0.3, 0.4, 0.5, and 0.9 pct Zr placed 
the eutectic composition near 0.3 pct Zr. None of 
these alloys showed 100 pct eutectic structure. 
Compositions greater than 0.3 pct Zr contained 
relatively large primary ZrZn,, crystallites, and 

in some areas large zinc grains in addition to typ- 
ically finely dispersed eutectic structure. The large 
zinc grains were presumably formed by segregation 
and agglomeration of finely dispersed zinc crystal- 
lites during solidification. The tendency toward 
segregation of the zinc during solidification made 

it impossible to estimate the eutectic composition 
from the relative amounts of what appeared to be 
primary zinc and eutectic in the microstructure of 
alloys containing less than 0.3 pct Zr. Alloys con- 
taining 0.3 or less pct Zr contained primary zinc 
dendrites with little or no evidence of large ZrZn,, 
crystallites which could be interpreted as a primary 
phase. Therefore, the best value for the eutectic 
composition is taken to be 0.3 + 0.5 pet Zr or 0.2 

+ 0.04 at. pct Zr. The microstructure of a 0.24 pct 
Zr alloy is shown in Fig. 4. Slowly cooled alloys in 
the composition range between the eutectic and the 
compound ZrZn,, do not show a well-defined eutectic 
structure but, as may be seen in Fig. 5, consist of 
compound crystallites in a zinc-rich matrix. 
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Fig. 4—Microstructure of 0.24 pet Zr 
alloy showing primary zinc dendrites 
and ZrZn,4-Zn eutectic, etch. 
X250. 


etch. X250. 


Fig. 5—3.7 pet Zr alloy, showing ZrZn,, Fig. 6—A 9.0 wt pct Zr alloy annealed 
crystallites in a zinc matrix. HNO, 


at 400°C for 268 hr. The major phase 
is ZrZn,, and the minor phase is 
ZrZng, Dark areas are voids. Dilute 
HNO3-HF etch. X250. 


Reduced approximately 38 pct for reproduction. 


The compounds identified and the results of X-ray 
data are tabulated in Table II. The exact composi- 
tion ranges of the compounds listed, are uncertain; 
however, thermal and metallographic data show that 
the composition range is small. The first compound 
on the zinc-rich side of the diagram has a composi- 
tion approximating the formula ZrZn,, (9.06 wt pct 
Zr). An alloy containing 8.8 pct Zr heated at 370°C 
for 16 hr, at 600°C for 32 hr, and finally at 425°C 
for 10 hr still gave a well-defined eutectic thermal 
arrest on cooling below the eutectic temperature. 
X-ray data showed the presence of zinc and an in- 
termetallic compound. A 9.0 pct Zr alloy after 
heating at 400°C for 268 hr was primarily one phase 
as shown in Fig. 6. The minor phase is ZrZng and 
the dark areas are voids. The alloy was quite po- 
rous and extremely brittle. The compound ZrZn,, 
undergoes peritectic decomposition at 545°C. The 
8.8 pct Zr alloy showed a slight doubling of the ther- 
mal arrest on cooling below 545°C. The reason for 
this is uncertain but may be a solid-solubility region 
extending to a somewhat lower zirconium content 
for the compound. Alloys containing 9.0 to 17 pct 


Zr gave a well-defined thermal arrest at 750°C, the 
peritectic decomposition temperature for ZrZn,, 
and at 545°C but no 416°C arrest if properly an- 
nealed. The microstructures of 16.0, 18.5, and 

25 pet alloys are shown in Figs. 7, 8, and 9, re- 
spectively. 

The compound ZrZn, undergoes an allotropic 
transformation at 910°C and decomposes peritec- 
tically at 1100°C. This compound usually shows 
many highly twinned grains if cooled from above 
910°C (see Fig. 10). The twinned structure is ab- 
sent if the compound is formed below 910°C by 
prolonged heating of pressed compacts. These ob- 
servations suggest that the twinned structure is 
produced by the transformation and may be related 
to the transformation mechanism. 

Alloys containing 41 and 58.2 pct Zr are also 
single-phase alloys. Twin structure, less pro- 
nounced than that for the ZrZn, phase, was also 
observed in a 41 pct (ZrZn,) alloy. No evidence 
for an allotropic transformation was observed. 
The only thermal arrests observed for alloys in 
the 42 to 58.3 pct composition range were at ap- 


Fig. 7—A 16.0 pet Zr alloy annealed at Fig. 8—An 18.5 pct Zr alloy annealed 


Fig. 9—A 25 pet Zr alloy slowly cooled 


500°C for 113 hr, showing ZrZng crys- 528 hr at 725°C, showing primarily one from 950°C, showing ZrZn, ina ZrZng 


tals ina ZrZn, matrix. HNO;-HF etch. phase ZrZng. HNO;-HF etch. X250. 


X250. 


matrix. HNO;-HF etch. X250. 


Reduced approximately 38 pct for reproduction. 
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Fig. 10—A 31.0 pet 
Zr alloy slowly 
cooled from 1130°C, 
showing highly 
twinned ZrZ,. HNO;- 
HF etch. X250. 


proximately 1110°C. For some unknown reason, 
the thermal arrest for several of these alloys oc- 
curred at a somewhat higher temperature (5° to 
8°C) on cooling than on heating (see Fig. 2), The 
size of the thermal arrests increased as the com- 
position was increased from 42 to 58 pct Zr. Mi- 
croscopic examination of 42 and 44 pct Zr alloys 
which had been heated to 1160°C showed that the 
alloys had not been completely molten. Alloys 
containing 50, 54, and 58.3 pct Zr similarly heated 
appeared to have been completely molten. The 
thermal arrest at 1110°C was consequently attrib- 
uted to the peritectic decomposition of ZrZn. 

The existence of the eutectic at 69 pct Zr reported 
by Carlson and Borders? was confirmed. A 69 pct 
alloy was essentially 100 pct eutectic structure and 
gave a well-defined thermal arrest on heating and 
cooling through 1015°C., 

The X-ray powder patterns for the compounds 
ZrZn,,, ZrZn,, and ZrZn, are very complex. Sin- 
gle crystals of ZrZn,, and ZrZn, were isolated and 
utilized in an attempt to determine their lattice pa- 
rameters. The lattice constants and space group of 
the ZrZn,, phase were determined from rotation and 
precession patterns to be a, = 14.11 and Fd3m re- 
spectively. The crystal system and lattice constants 
for the ZrZn, phase given in Table II were deter- 
mined from Weissenberg diffraction patterns. Pre- 
cession and Weissenberg patterns show a doubling 
of spots along the a* axis but not along the c* axis. 
One interpretation of these observations is that the 
crystals used were twinned about the c axes with a 
twin angle of nearly 90° and that the basic struc- 
ture is orthorhombic with a and b axes of nearly 
equal length, namely a, = 12.8, b, = 12.5, and 
C, = 8.68. Further work needs to be done on this 
compound in order to definitely establish its true 
lattice. 


ZINC-RICH LIQUIDUS 


The course of the zinc-rich liquidus was esti- 
mated from a number of observations. Vapor- 
pressure data were particularly helpful in establish- 
ing the liquidus between 800° and 950°C. The zinc 
vapor pressure in this temperature range for a 
number of alloys is shown in Fig. 12. The course 
of the vapor-pressure curve for any particular al- 
loy becomes essentially parallel to the curve for 
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Fig. 11—A 54.0 pct 
Zr alloy slowly 4 
cooled from 1150°C, 
showing ZrZnp, light 
phase, and ZrZn, 
dark phase. HNO;- 
HF etch. X250. 


Reduced approximately 38 pct for reproduction. 


pure zinc, dashed line in Fig. 12, in the tempera- 
ture region where the alloy is a single liquid phase. 
All alloys in the same two-phase region have the 
same vapor pressure. Consequently an isobar will 
move toward higher temperatures with increasing 
zirconium content until the liquidus is crossed. This 
fact was utilized in establishing the liquidus curve. 
The curve drawn with a heavy line in Fig. 12, rep- 
resents the vapor pressure of alloys with composi- 
tions exceeding the solubility limit. The isobars 
indicated as horizontal lines in Fig. 12 are shown 
plotted in Fig. 13. Each of these curves yields a 
liquidus point. These four values are plotted in 
Fig. 14, along with other data. Examination of the 
curves in Fig. 12 show that the vapor pressure of 
the 8.74 pct alloy is the same as the vapor pressure 
of alloys of higher composition at 1/T equal to 

9.2 x 107* or at about 810°C. 

In the temperature range below 800°C the vapor 
pressure of alloys in the liquid-solid region rapidly 
approach the vapor pressure of pure zinc and the 
data showed considerable scatter presumably due 
to nonequilibrium conditions resulting from the 
sluggish peritectic reactions involved. 

The open circles in Fig. 14 represent liquidus 
points obtained by chemical analyses of samples 
removed from a zinc bath containing 1.8 pct Zr. 
The bath was maintained under an inert atmos- 
phere and heated to 800°C or well above the liq- 
uidus, thoroughly mixed, and then cooled stepwise. 
Samples were removed from the top of the bath 
after it had been held at constant temperature for 
2 or more hours. The temperature at which the 


Table Il. Compositions and Lattice Parameters of 
Zinc-Zirconium Compounds 


Wt Pct Crystal Space Lattice o 
Compound Zr System Group Comstants, A 
ZrZn* 58.25 cubic Pm2m 3.336 
ZrZn\) 41.10 fee Fd3m 7.396 
ZrZn3 31.10 cubic ~ 16.3 
ZrZn¢ 18.85 pseudo- a = 12.7 
bet co= 8.68 
ZrZn 14 9.06 fcc Fd3m 14.11 
®Carlson and Borders” 
bPietrokowsky3 
text 
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Fig. 13—Zine vapor pressure isobars. 


10% xe) pound is removed with the samples. 
The downward pointing arrows in Fig. 14 repre- 


sent limiting compositions at which thermal arrests 


zirconium content began to decrease due to pre- for the 910° and 750°C horizontals in Fig. 2 were 
cipitation of compound from solution gave an indi- still detectable. The lower upward pointing arrow 
cation of the liquidus temperature for the 1.8 pct is based on the observation that an 8 pct Zr alloy 
(Nz, = 0.013) alloy. This temperature was found heated in a tantalum crucible flowed through a pin 
to be 585°C. Analyses of samples taken at lower hole which developed in the bottom of the crucible 
temperatures likewise represent the composition at 885°C. No solid residue remained in the cru- 
of the saturated liquid assuming no suspended com- cible. Therefore the solubility must be greater 


than 8 pct Zr at 885°C. 


1.0 2 T T T T T T T T 
F 1 Knighton’s data as reported by Nathans’ are also 
ne 4 plotted in Fig. 14 for comparison. The agreement 
ae | a ESTMATED FROM VAPOR PRESSURE DATA . is reasonably good. However, if a straight line is 
4 PERITECTIC THERMAL ARRESTS ? 
<-MELTING POINT ZrZng J drawn through Knighton’s data and extrapolated to 
X METALLOGRAPHIC ESTIMATION OF the eutectic temperature the composition at this 
temperature would be considerably less than the 
2 © LITERATURE VALUES (5) value indicated by the present investigation. The 


true curve for log N vs 1/T would be expected to 
show some discontinuity in slope at the peritectic 


° 


3005 temperatures. However, the precision of the 
- present data is not sufficient to establish such a 
= ; trend. Values taken from the straight line in Fig. 14 
2 2 ] are presented in Table III. These values for tem- 
= 
. Table III. Solubility of Zirconium in Zinc 
4 
Temp., °C Nz, Wt Pct Zr 
417 0.00175 0.25 
450 0.0026 0.36 
500 0.0050 0.70 
F 4 550 0.0086 1.20 
600 0.014 1.96 
650 0.021 2.92 
0.001 L 1 L 700 0.031 4.2 
6 7 8 9 7 at i 2 13 14 15 800 0.061 8.30 
ee 900 0. 106 14.20 
1000 0. 168 21.90 


Fig. 14—Solubility of zirconium in zinc. 
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peratures up to 930°C may be considered as a 
fairly good approximation of the true solubility of 
zirconium in zinc. At 1100°C the solubility value 
obtained from the extrapolated curve in Fig. 14 is 
29 wt pct Zr. A very weak thermal arrest was ob- 
tained at this temperature with a 25 wt pct Zr al- 
loy (see Fig. 2), This observation indicates that 
the solubility at 1100°C does not exceed 25 pct. 
Consequently it must be concluded that the true 
solubility at this temperature is still quite uncer- 
tain, but probably lies between 25 and 29 pct Zr. 
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Some Effects of Alloying on the Strength 
Properties of Columbium at Elevated Temperatures 


Effects of solid-solution alloying with titanium, molybdenum, 
and tungsten at concentrations up to 10 pct on the strength of pure 
columbium at elevated temperatures (mainly 2000°F) have been 


investigated by means of creep-rupture, hot-tensile, and hot- 
hardness testing and recrystallization studies. 


Tus paper presents some results from the initial 
part of a study of the effects of alloying on the high- 
temperature strength properties of columbium. 

The elevated-tempera&ture strength characteris- 
tics of pure columbium were first studied. Binary 
alloys of columbium with titanium, molybdenum, 
and tungsten containing 1, 5, and 10 pct of the solute 
elements were chosen on the basis of their high 
melting points, their known solid solubility in co- 
lumbium, and results of separate oxidation-resist- 
ance studies of columbium alloys. 


EXPERIMENTAL PROCEDURE 


All the materials used were of highest purity. 

A typical analysis of the columbium is shown in 
Table I. Compositions of the alloys are also given 
in Table I. 

To evaluate the strength properties of pure co- 
lumbium and the alloys at elevated temperatures, 
creep-rupture, hot-tensile, and hot-hardness test- 
ing was done on recrystallized material. To pre- 
pare the pure metal and the alloys for these tests, 
1-lb buttons were made in a water-cooled copper 
crucible, inert atmosphere, tungsten arc furnace. 
Tapered ingots, 3 in. long, were made from these 
buttons by a skull-casting technique and these were 
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machined to '/, in. diam, swaged to 50 pct reduction 
(pure columbium at room temperature, alloys at 
lowest temperature possible without cracking, gen- 
erally in range 1100° to 1800°F) and heated in 
vacuum (10°° mm Hg) for 16 hr at 2550°F for re- 
crystallization and homogenization. The resulting 
grain diameter was 0.1 to 0.3 mm. The 10 pct Mo 
alloy casting was not successfully swaged at tem- 
peratures up to 1800°F without cracking and was 
not included in the test program. 

Creep-rupture testing was done at constant load 
in vacuum on cylindrical specimens of 0.16 in. diam, 
using Instron capsules. The pressure at test tem- 
peratures was less than 10-* mm Hg. Hardness 
readings taken on the test specimen before and after 
testing were used as a check on possible gaseous 
contamination. 

Hot tensile tests in vacuum on cylindrical speci- 
mens of 0.125 in. diam were also made with Instron 
equipment at a strain rate of 0.067 min.~’. 

Hot-hardness measurements were taken with a 
unit constructed at the Du Pont Experimental Sta- 
tion. The test piece, supported on an alumina anvil, 
and the molybdenum indenter shaft with sapphire 
tip is heated in a platinum-wound furnace. The load 
applied to the pyramid indenter is measured by 
strain gages attached to a proving ring located out- 
side the hot zone. In the measurements reported 
here the load was 1 kg. The tester operates ina 
vacuum of about 107° mm Hg and is capable of tem- 
peratures up to 1400°C. 
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Table I(a). Typical Analysis of Columbium 


Table 1(b). Alloy Compositions 


Brinell Hardness Number = 61 


Element Ppm 
N 40 
fe) 166 
28 
Fe 60 
Ni 30 
Cr 30 
Ta 300 
RESULTS 


Fig. 1 shows a log-log plot of stress vs time-to- 
rupture for pure recrystallized columbium at 1650°, 
1800°, 200°, and 2200°F. The arrows shown on the 
longer time tests indicate that the specimens had not 
fractured at the times shown and tests were discon- 
tinued. The letter A identifies three tests in get- 
tered argon. It was apparent throughout this test 
program that pure recrystallized columbium is very 
stress sensitive at the temperatures tested in that 
the range between stress for negligible creep and 
that for rapid creep is narrow. This is reflected in 
the flatness of the curves in Fig. 1. It will be seen 
that there is considerable scatter in the data, es- 
pecially at 2200°F for which the line is shown 
dashed. The reason for this variation is not yet 
known. The tests in gettered argon did not result 
in significant hardness increases in the specimens 
which might account for the higher strengths. 

In Fig. 2, log stress is plotted vs values of the 
Larson-Miller parameter’ 7(20 + log ¢t,)10°* for the 
pure metal and binary alloys as recrystallized, 
where T is test temperature in degrees Rankine 
and ¢, is time to rupture in hours. The dashed line 
is the curve for pure columbium. The 10 pct W and 
the 5 pct Ti alloys show the highest strength values. 
The 1-hr rupture strengths of pure columbium and 
the alloys at 2000°F are plotted in Fig. 3 to indicate 
variation of strength with atomic concentration of 
solute element in each of the binary systems. A 
strength maximum at about 9 at. pct Ti is clearly 
evident. Of the three solute elements, tungsten ap- 
pears to be the most potent strengthener per atom 
at 2000°F. The stress-rupture data for the alloys 
represent three tests for each composition. 


100 
Lal 
° 
2 1650°F. 
10 Pr, 
2200°F. 
| | 
1650°F. 
O 1800°F. 
2000°F 
0 2200°F 
0.1 10 100 


TIME-TO-RUPTURE (HR.) 
Fig. 1—Stress vs time-to-rupture for pure columbium. 
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Nominal Actual 
Wt-Pct Solute At. Pct Wt-Pct 
1 Fi 1.9 0.9 
5 9.3 4.7 
10 17.7 9.5 
1 Mo 1.0 0.9 
5 4.9 4.9 
1W 0.5 1.3 
5 2.6 Sa 
10 9.7 


Changes in yield strength and tensile strength 
with atomic concentration are shown in Fig. 4. 


100 
x 
5S-Mo® @I-Ti 5-w 
= 
a Cb 
|-Mo 
WwW 
a 
40 44 48 52 
T (20 + LOG t,) 
1600°F. 1800°F. 2000°F 
t;=100 HRS. 


Fig. 2—Stress vs Larson-Miller parameter for pure 
columbium and alloys. 
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The maximum in the titanium system did not show 
up as clearly in the tensile tests as in creep- 
rupture. Under tensile test conditions, with a 
strain rate of 0.067 min™*, molybdenum appears 
to be as effective as tungsten in strengthening co- 
lumbium at 2000°F. 

Hot-hardness data for the pure metal and alloys 
in the recrystallized state are listed in Table II. 
Solid-solution hardening in the three systems is 
most effective at temperatures above about 1600°F. 
The 10 pct W alloy is the hardest over the whole 
temperature range. At temperatures above 1600°F 
the initial additions of titanium (up to 2 at. pct) are 
very effective in hardening, but the rate of increase 
of hardness decreases with increasing solute and 
the hardness passes through a maximum at about 
9 at. pct. As the temperature is raised from 1600° 
to 2200°F this decrease in the rate of hardening 
with concentration becomes sharper. For molyb- 
denum also, but to a much lesser extent, the rate 
of increase of hardness with concentration falls off 
with temperature increase. Tungsten is almost as 
effective in hardening at 2200° as at 1600°F. Fig. 5, 
a linear plot, shows the influence of alloying on the 
rate of decrease of hardness with temperature in 
the temperature range 1600° to 2200°F. In each 
system the form of the curve relating hardness to 
temperature is changed by alloying so that the rate 


80 
x 60 
ra 
w 
Fig. 5—Effect of 
ra) 
alloying on the rate & 
of decrease of hard- a 


ness with tempera- 
ture. 
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of decrease of hardness with temperature increases 
with temperature instead of decreasing as for the 
pure metal. 

Recrystallization data on the 50 pct cold- worked 
alloys, which were annealed for 1 hr in gettered 
helium at 1470°, 1830°, 2190°, and 2550°F, are 
shown in Table III. The approximate recrystalli- 
zation temperatures listed correspond to a 50 pct 
recrystallized microstructure. Increasing titanium 
up to 17.7 at. pct had little effect on the recrystal- 
lization temperature. Molybdenum and tungsten 
increased the temperature as shown. 

It is emphasized that the results reported here 
are for recrystallized material of the particular 
prior history given under Experimental Procedure. 
Differences in recrystallization temperature of the 
alloys will lead to differences in final microstruc- 
ture for any given heat treatment, and the strength 
properties will depend upon the heat treatment used. 


SUMMARY 


The influence of temperature on the strength of 
pure columbium in the range 1650° to 2200°F has 
been determined. 

The three solute elements—titanium, molybdenum, 
and tungsten—are all effective in improving the high- 
temperature strength of columbium. Tungsten is 
the most effective per atomic addition. The high- 
temperature strength of Cb-Ti alloys passes 
through a maximum at about 9 at. pct Ti. In the 
initial additions (up to 2 at. pct), titanium is as ef- 


Table Il. Hot Hardness Data 


Nominal 
Composition 
Pct Solute Hardness Dph 
70°F 400°F 800°F 1200°F 1400°F 1600°F 1800°F 1000°F 2200°F 
Pure Cb 135 115 110 82 60 46 34 26 20 
1Ti 170 120 98 80 72 70 68 66 52 
5 Ti 200 150 125 115 105 94 86 70 52 
10 Ti 210 165 125 115 100 88 78 68 50 
1 Mo 140 125 110 80 57 48 42 36 30 
5 Mo 155 145 140 115 92 85 72 56 41 
1wW 155 135 115 70 52 48 39 32 26 
5W 180 175 150 94 68 59 51 44 37 
10 W 270 260 240 150 120 98 90 74 58 
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Table Ill. Recrystallization Data 50 Pet Cold Worked, Annealed 1 Hr in Inert Atmosphere 


BHN Approximate Pct Approximate 
Composition Annealing Knoop Converted Recrystallized Recrystallization 
Pct Solute Temperature, °F Hardness from Khn Microstructure Temp., °F 
1 Ti 1470 122 96 0 2000 
1830 122 96 0 
2190 100 77 80 
2550 100 77 100 
5 Ti 1470 142 113 0 2000 
1830 142 113 0 
2190 118 93 100 
2550 118 93 100 
10 Ti 1470 158 126 0 2000 
1830 158 126 0 
2190 142 113 80 
2550 137 109 100 
1 Mo 1470 137 109 0 2200 
1830 137 109 0 
2190 124 98 50 
2550 120 95 90 
5 Mo 1470 197 154 0 2400 
1830 192 151 0 
2190 168 133 30 
2550 176 140 100 
1W 1470 127 101 0 2200 
1830 127 101 0 
2190 93 72 50 
2550 104 80 100 
5W 1470 151 121 0 2400 
1830 129 102 0 
2190 110 86 30 
2550 113 90 100 
10 W 1470 192 151 0 2550 
1830 192 151 0 
2190 192 151 5 
2550 192 151 50 
fective as molybdenum or tungsten in strengthening. but does not change appreciably with increasing 
A study of the variation of hardness with tempera- __ titanium content. 
ture for the pure metal and alloys has shown that 
titanium additions above about 2 at. pct lose effec- ACKNOWLEDGEMENTS 
hardening the temp The author wishes to acknowledge the assistance 
creased from 1600° to 2200°F. The rate of increase , , . 
of hardness with increasing molybdenum falls off of J. B, Duan ts 
ing y experimental work. The hot hardness data on pure 


slightly as the temperature is increased from 1600° 
to 2200°F, but tungsten is almost as effective in 
this respect at the higher temperature as at the 


columbium was supplied by W. I. Pollock. 


lower. 

The recrystallization temperature is raised with REFERENCES 
P ‘ ae 1F. R. Larson and J. Miller: A Time-Temperature Relationship for Rupture 
increasing additions of molybdenum and tungsten and Creep Stresses, ASME Trans., 1952, vol. 74, pp. 765-771. 
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Hot Indentation Testing of Magnesium 
and Other Selected Materials 


The Larson-Miller parameter was used to correlate time, 
temperature, and indentation creep of magnesium, aluminum, and 
some of their alloys. In the temperature range 300° to 450°C, 
the short-time Meyer hardness of pure magnesium was less than 
that of the magnesium alloys tested, but for long times the pure 
magnesium has greater indentation creep resistance. Aluminum 
(1100 alloy) had 1.5 to 2.5 times more indentation creep resist- 


ance than magnesium at 300° and 450°C, respectively. Harden- J. W. Goffard 
ing of aluminum with a dispersion of Al2O3 was effective in the 
time and temperature ranges studied. R. G. Wheeler 
New technologies have required the development correlate creep properties of some steels with 
of new materials and the utilization of the more hot hardness, and upon the basis of this correla- 
familiar materials for new and unusual applications. tion a means of obtaining creep properties from 
The use of magnesium and aluminum and some of short-time (and inexpensive) hot hardness tests ; 
their alloys, because of their desirable nuclear has been demonstrated. Since the validity of the t 
characteristics, light weight, low cost, and ready correlation of creep properties with a time-temper- t 
availability, has been extended to the 300° to 450°C ature parameter and the correlation of creep prop- t 
temperature range. In this temperature range the erties with hot hardness have been shown, it follows f 
basic consideration of these materials must be that hot hardness may correlate with the time-tem- I 
their rate of plastic flow rather than offset yield perature parameter. 2 
strengths. The indentation testing reported here The hot-indentation data obtained was expressed t 
arose from a need for design data for the load- as Meyer hardness, and was shown to be time and I 
holding ability of supports made of these materials. temperature dependent. Correlation of Meyer hard- i 
Test Procedure—Hardness indents were made ness, time, and temperature with the parameter was ¢ 
with a 0.275-in.-diam quartz indentor and a 10.65-lb made using the relationship: a 
load. The indentor was made by fire-polishing a 1K s 
« spherical surface on the end of a fused quartz rod. H, =f fin td | [1] t 
The samples were held at temperature in a graph- P 
ite crucible controlled to +2°C. A thermocouple H,, = Meyer hardness f 
was attached to the sample and test temperatures t = time, hours p 
were recorded. The diameter of the spherical in- T = absolute temperature, °K 
dentation was measured at the end of a test period K = constant n 
yoo erage stress (Meyer Hardness) was A value for the constant K was calculated by equat- t 
; ing ln 1/t + K/T at different temperatures and times a 
re load but at the same hardness. The correlation was 7 
m “ projected area of indent tested by plotting H,, vs the parameter, In1/t + K/T. : 
Samples were 1 in. in diam and at least in. thick. ls sought which 
longer times, the quartz indentor would stick to the TONG 
. : é values of the parameter are of the most interest. 
magnesium sample. The quartz indentor was, 
therefore, frequently inspected and fire-polishing 
repeated when necessary. The area of sticking was Feet RESULTS 
always a small fraction of the area of indent and Magnesium—Pure magnesium (99.98 pct) cut from £ 
was therefore considered to have an insignificant extruded rod was indentation tested perpendicular to : 
effect on results. the rod axis at temperatures of 300°, 350°, 400°, é 
Correlation of Hot-Indentation Test Data with and 450°C for times ranging from 6 sec to 112 hr. + 
Time-Temperature Parameter—Sherby and Dorn’ Fig. 1 shows the time dependency of Meyer hardness : 
have correlated creep or tensile data of a° solid at the four constant temperatures. Fig. 2 shows the 
solutions of aluminum with a temperature and correlation of the Meyer hardness of pure magne- 
strain-rate parameter suggested by Zener and sium with the time-temperature parameter using a 
Holloman. Underwood? used this parameter to K of 22,720 in Eq. [1]. At the bottom of Fig. 2, the 
]. W. GOFFARD and R. G. WHEELER are Development Engineers, effect of doubling the time of indentation ¢t2 = 2(t,), 
Hanford Laboratories Operation, Hanford Atomic Products Operation, on the abscissa for any time is shown graphically. 
General Electric Co., Richland, Wash. This effect is of constant magnitude. Also shown I 
Manuscript submitted June 16, 1958. IMD graphically are the magnitudes of the effects on the ( 
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Fig. 1—Time dependence of Meyer hardness for pure Mg. 


abscissa of a 50 deg temperature change for the 
temperature ranges of 300° to 350°C, 350° to 400°C, 
and 400° to 450°C. 

Magnesium Alloy A3XA—Four '/is-in. pieces of 
magnesium alloy containing 3 wt pct Al were bolted 
together to give a '/,-in. thick specimen. Indenta- 
tion tests were made on this material at tempera- 
tures of 350°, 400°, and 450°C for times ranging 
from 30 min to 160 hr. This alloy is harder than 
pure magnesium for short times, but the hardness 
approaches that of pure magnesium at these test 
temperatures as exposure time increases. The 
rate of approach toward the hardness of magnesium 
increases with increasing temperature. Fig. 3 
shows the time dependency of the Meyer hardness 
at constant temperature of this alloy, and Fig. 4 
shows the correlation of the data with the time- 
temperature parameter using a K of 24,800. The 
steeper slope of pure magnesium on Fig. 4 indicates 
faster indentation creep for the alloys than for the 
pure magnesium. 

Magnesium Alloy AZ31B—Indentation tests were 
made on ¥4-in. plate of the magnesium alloy con- 
taining 3 wt pct Al, 1 wt pct Zn, and 0.2 wt pct Mn 
at temperatures of 300° and 350°C for times from 
7'/.min to 65 hr. For short times this alloy is 
harder than pure magnesium, but the hardness de- 
creases to less than half of that of pure magnesium 
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Fig. 3—Time dependence of Meyer hardness for Magnox 
C, A3XA, and AZ31B. 
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Fig. 2—Correlation of Meyer hardness of pure Mg with 
time-temperature parameter. 


within 100 hr. 

The decrease in hardness with exposure time in- 
creases with temperature so markedly that test 
temperatures higher than 350°C were not used. 
The time dependency of the Meyer hardness for 
this alloy is shown in Fig. 3, and the correlation 
with the time-temperature parameter using a K of 
10,035 is shown in Fig. 4. 

Magnesium Alloy HK31XA—The magnesium alloy 
containing 3.0 wt pct Th and 0.7 wt pct Zr is claimed 
to offer high creep resistance at elevated tempera- 
tures. Tests were made on a /4-in. stack of four 
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Fig. 4—Correlation of Meyer hardness of three Mg-base 
alloys with time-temperature parameter. 
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"ye in. sheets at temperatures of 350°, 400°, and 
450°C for times ranging from 7/, to 64 hr. The data 
for this alloy is not presented, as it is somewhat 
confusing. This alloy is reportedly stable to about 
the lower test temperature of 350°C, but at about 
this temperature and above the alloy is unstable. 
The data obtained indicates that the hardness ra- 
pidly approaches that of pure magnesium at these 
test temperatures, and given sufficient time at 
temperature, the hardness falls below that of pure 
magnesium. 

British Alloy Magnox C—Magnox C is a magne- 
sium-base alloy containing 0.05 wt pct Be and 1 wt 
pct Al developed by the British for the Calder Hall 
reactor. The data used are from Ref. 3, and are 
found to compare favorably with data determined 
from magnesium and its alloys. The British data 
were obtained at temperatures of 300°, 400°, and 
500°C at loads of 5, 3, and 1 kg, respectively. An 
indentor of 2 mm in diam was used and indentation 
times ranged from 15 sec to 20 min. The correla- 
tion of Magnox C data with the time-temperature 
parameter using a K of 20,000 is shown on Fig. 4. 
Although the British test conditions were different, 
good agreement with the data of other magnesium 
alloys is apparent, Fig. 3. 

Aluminum—Aluminum 1100 alloy was cut from 
extruded rod and indentation tested perpendicular 
to the rod axis at temperatures of 300°, 350°, 400°, 


and 450°C for times ranging from 77/2 min to 165 hr. 


Fig. 5 shows the time dependence or creep effect of 
the Meyer hardness at the four constant test tem- 
peratures. Comparison with the data for pure mag- 
nesium indicates that 1100 alloy is more resistant 
to indentation by a factor of about 1.5 at 300°C to 
2.5 at 450°C. Correlations of the Meyer hardness 
for aluminum and its alloys with the Zener-Hollo- 
man parameter are not presented. Correlations 
were poor, and this may be due to transitions in 

the material behavior at the high temperatures used 
or to the limited data. 

APMP 257 Aluminum Alloy—The alloy, Aluminum 
Powder-Metallurgy Product (APMP) 257, containing 
6 to 8 wt pct Al2O, dispersed in the aluminum ma- 
trix was tested at the temperatures of 300°, 350°, 
and 450°C for times ranging from 7/, to 578 hr. This 
alloy is much harder than 1100 aluminum alloy. At 
300°C, the APMP 257 alloy was harder than 1100 
alloy by a factor of about 5, and this factor appears 
to increase slightly with increasing temperature to 
about 7 at 450°C. The rate of Meyer hardness de- 
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Fig. 5—Time dependence of Meyer hardness for APMP, 
257, APMP 457, and 2S. 


crease appears high, and extended time testing ap- 
pears desirable. 

APMP 547 Aluminum Alloy—The alloy, Aluminum 
Powder-Metallurgy Product (APMP) 457, containing 
1 wt pct Ni and 7/, wt pct Al2O; dispersion was tested 
at 350°C for times ranging from 7/2 min to 120 hr. 
This material is harder than 1100 alloy by a factor 
of about 2 at comparable test conditions. 


DISCUSSION OF RESULTS 


The results of these tests indicate that solid- 
solution alloying does not improve and may impair 
the indentation creep resistance of magnesium when 
the exposure temperature exceeds 73 the absolute 
melting point (Tm). Pure magnesium shows in- 
creasing superiority over the alloys tested as the 
temperature is increased above 7; Tm. 

The effect of a dispersed insoluble hardening 
phase in aluminum was determined. Aluminum al- 
loy APMP-257 (6 to 8 wt pct Al2Os3), had much 
better indentation creep resistance than alloy 1100 
at temperatures well above 7; Tm, but the shape of 
the curve in Fig. 5 indicates that for APMP-257 
there is still relatively rapid indentation creep after 
1000 hr exposure. As little as 0.5 wt pct Al2,O, 
added to alloy M-388 (Al-1 wt pct Ni) improves the 
indentation creep resistance by a factor of two over 
aluminum alloy 1100. 
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Alloys of Copper, Nickel, and Tantalum 


The solubility of tantalum at 1100°C is 0.025 pct in pure copper, 
1.2 pct with 20 pct Ni, and 2.7 pct with 30 pct Ni. The solubility 
decreases with temperature, and the alloys are precipitation 
hardenable. A 79/20/1 Cu-Ni-Ta alloy reaches maximum hardness 
after aging at about 750°C and, if cold worked, does not recrystal- 
lize below that temperature. The alloys have good tensile proper- 
ties at moderately elevated temperatures and, since they can be hot 
and cold worked nearly as easily as cupronickel, they are suggested 


for service at temperatures above the usual limits for copper 


alloys. 


Massive tantalum dissolves extremely slowly in 
copper-rich alloys, and tantalum powder forms re- 
fractory surface layers which prevent its solution 
unless special precautions are taken. After many 
trials, an 80 pct recovery was consistently obtained 
by using a mixture of a finely divided tantalum pow- 
der with two or three times its volume of potassium 
tantalum fluoride (K,TaF,—melting point about 750°C) 
poured in a slow stream directly on to the surface of 
the molten copper alloy, so that each particle would 
remain coated with flux and be immediately and in- 
dividually wetted by the molten metal. A 50-50 
nickel-tantalum alloy has a melting point of about 
1400°C and small lumps of it slowly but satisfac- 
torily dissolve in molten copper-nickel alloys as 
does commerical ‘‘ferro-tantalum.’’ The high af- 
finity of tantalum for carbon makes it necessary to 
avoid carbonaceous crucibles. 


COPPER- TANTALUM ALLOYS 


Castings with good shrinkage resulted when 0.1 pct 
Ta or more was added to copper melted under char- 
coal and cast in air. Copper in two-pound melts to 
which 0.1, 0.15, and 0.2 pct Ta had been added re- 
tained residual amounts, by analysis, of 0.025, 0.023 
and 0.026 pct, respectively. The solubility of tan- 
talum in molten copper at about 1200°C is therefore 
about 0.025 pct. The electrical conductivity of these 
three samples was 100.48, 100.00 and 100.20 pct 
IACS in the annealed condition, and 98.24, 97.98 and 
98.08 in the cold-drawn condition. Wires 0.080 in. in 
diam withstood from thirteen to nineteen reversed 


bends after annealing for 30 min in hydrogen at 850°C 


and the metal was therefore completely deoxidized. 
The annealing temperature corresponding to 50 pct 
loss of work hardness in 1 hr in a strip cold rolled 
77 pet reduction was 175°C, compared to 230°C for 
equivalent undeoxidized material. It is unusual for a 
decrease of recrystallization temperature to result 
from an alloying addition, and the tantalum probably 
combines with and removes some minor impurity in 
the original copper that restrained its recrystalliza- 


Cyril Stanley Smith 


tion. No difficulty whatever was encountered in hot 
or cold rolling or drawing these ingots, and were 
tantalum not so expensive it would make an excellent 
deoxidizer for copper. 


COPPER-NICKEL- TANTALUM ALLOYS 


Studies were made of the solubility of tantalum in a 
large number of copper-rich alloys, but of these 
significant solubilities were found only in the case of 
an iron alloy (which, however, separated into two im- 
miscible liquid layers) and alloys of copper and nic- 
kel, in which tantalum is freely soluble and which 
were found to have interesting properties. The latter 
alloys are the subject of U. S. Patent No. 2,430,306 
(1947). They are not at present available commerci- 
ally. 

The Ternary Constitution Diagram—The copper- 
rich corner of the constitution diagram was con- 
structed on the basis of microscopic examination of 
samples of various composition and treatments. The 
alloys were hot rolled to 0.25 in. from castings 0.625 
in. thick, then annealed for 1 hr at 1000°C, quenched, 
cold rolled to 0.10 in. and finally annealed for vari- 
ous periods of time at temperatures between 800° and 
1100°C in a nonoxidizing atmosphere and quenched. 
When the solid-solubility limit had been transgressed, 
particles of a compound believed to be Niz,Ta* were 

*That the phase in equilibrium with « is Ni,Ta was shown by anal- 
ysis of the residue obtained by digesting in mixed nitric and sulphuric 
acids an alloy containing 6.4 pct Ta, 30 pct Ni; annealed at 800°C. 
This contained 39.75 pct Ni, 54.71 pct Ta, 1.12 pct Si, 0.46 pct Mn, 

1.20 pct Cu, 1.66 pct undetermined. Assuming the silicon to remove 
nickel in combination as Ni,Si and ignoring the rest, the remaining 
nickel and the tantalum comprise 39.12 and 60.88, respectively, of 
their sum. This is equivalent to 66.47 and 33.53 at. pct Ni and Ta, 
respectively, very close to Ni,Ta. The nickel-tantalum diagram as 
given by M. Hansen, Constitution of Binary Alloys, New York, 1958, 


p. 1046, does not show this compound, though there is a well-defined 
maximum in the liquidus at Ni,Ta. The discrepancy should be explored. 


clearly visible in the microstructure, Fig. 1. Fig. 2 
summarizes the results in the form of vertical sec- 
tions through the constitution diagram, and Fig. 3 
shows isothermal sections of the a solubility sur- 
face.* It will be seen that the solubility of tantalum 
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Work described in this paper was done in the years 1936 to 1940 when 
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*It should be noted that this diagram does not represent the ideal 
constitution diagram since the alloys were deoxidized with small 
amounts of manganese and magnesium (0.5 and 0.1 pct added, about 0.3 
and 0.02 pct residual) and the annealing times were relatively short — 
67 hr at 800°C, 44 hr at 900°C, 4 hr at 1000°C, 3 hr at 1050°C, 1hr 
at 1100°C, and 1Lhr at 1150°C. 
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homogeneous), reannealed 4 hr 1000°C. Etched with potas- 
sium bichromate reagent. X650. Reduced approximatel. 
% Ta %Ta %Ta %Ta 


increases rapidly with increasing nickel content, 
though the presence of 20 pct Ni is necessary before 
the solubility exceeds 1 pct. The variation of solu- 


Fig. 2—Solubility of tantalum in copper-nickel alloys. See 
text for annealing conditions. 


bility with temperature suggested that precipitation —- ‘ 
hardening would occur, and this is indeed the case. An Go ‘ 
Precipitation Hardening— Preliminary studies of 50 t 
precipitation hardening were done on rolled strip 3 / /: / / t 
which was annealed for 3 hr at various temperatures / a 
between 500° and 900°C, both in the condition woof / [1000 t 
quenched from 1100°C and after cold rolling to 50 aa 
pet reduction following this. The results of some 1050 
typical hardness tests are summarized in Fig. 4. §2}—___@* NigTa i 
The greatest change of hardness on reheating oc- é ' 
curs around 30 pct Ni and with 1.6 to 5 pct Ta. Some 7 i 
hardening occurs even with a 10 pct Ni alloy, pro- : t 
vided the tantalum content exceeded 0.16 pct, while & : 
0.35 pct Ta was needed in the 15 and 20 pct Ni alloys, J / ; 
and more than 0.75 pct with 30 pct Ni. All the alloys ‘ 
which hardened at all required a very high reheating ; 
temperature to produce the maximum hardness—700° saad t 
to 750°C in the quenched condition and 650° to 700°C el : 
after cold working. The cold-worked alloys with 2 ©) 10 20 . 30 40 , 
pet Ta and 30 pct Ni showed no microscopically Nickel, Per Cent 
visible recrystallization after 3 hr at 800°C, whichis Fig. 3—The a-phase boundary in copper-rich cooper- , 
truly remarkable behavior for a copper-rich alloy. nickel-tantalum alloys at various temperatures. 
Beryllium-copper attains maximum hardness after 6, both in the quenched and in the reheated condition. \ 
aging at 275°C, and even the chromium-copper elec- Table II shows the tensile properties of some alloys - 
trode alloys soften above about 500°C. made in 30-lb castings and hot rolled on a commer- | 
Tensile Properties— The tensile properties of some cial mill before treating as shown. It includes some . 
alloys with 20 and 30 pct Ni are shown in Figs. 5 and __ alloys with additions of silicon and aluminum, both . 
80--- - | 
40 60 AY 60 t 
is \ ® Lz Fig. 4—The effect of reheating on the 
uenched after annealing at 1100°C 
\00-- 100--- perature noted. H =Quenched from 
H 30%Ni 1100°C, cold rolled 50 pet reduction be- 
0.00%Ta] fore reheating 3 hr at temperature noted. 
60r- 60}-- +- 
500 700 900 500 700 900°C - 
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Fig. 5—Influence of tantalum on tensile properties of 
copper alloy with 20 pet Ni. Q =Quenched from 1050°C. 
R =Quenched 1050°C, reheated 3 hr. 725°C. 

of which were found to enhance the hardening proc- 
ess, and two heats made with commercial ‘‘Ferro- 
tantalum’’ of complex composition. The analyses of 
the alloys are given in Table I. 

Tests at Elevated Temperatures— Fig. 7 shows the 
tensile strength at elevated temperatures of a series 
of samples, including a standard 30 pct cupronickel. 
These tests were made in air, on samples with 0.30- 
in. diam gage length broken in about 1 min. It is at 
once apparent that the strength of the tantalum-bear- 
ing alloys is retained at high temperatures, and that 
the strongest alloy possesses almost twice the 
strength of the plain cupronickel at 700°C. It is as 
strong at 550°C as the standard material at room 
temperatures. The ductility of the alloy, however, 
decreases and, in common with practically all pre- 
cipitation-hardening alloys, they lose ductility as the 
temperature of precipitation is approached, indeed 
considerably below this. Most of the alloys became 
stronger and more ductile when tested at about 
-110°C in a dry ice-acetone bath. 

A crude stress relaxation test was used which in- 
volved bending samples of 0.040-in. rolled strip 
around a block of 20 in. radius, heating to various 
temperatures for various lengths of time, and meas- 
uring the residual deflection. The results are shown 
in Fig. 8. It is interesting to note that the cold- 
worked alloys are generally somewhat more resis- 
tant to creep than are the quenched alloys. 

Miscellaneous Observations—Copper-nickel-tan- 
talum alloys made with commercial ‘‘ferro-tan- 
talum’’ had tensile properties slightly superior to 
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Fig. 6—Tensile properties of copper-nickel-tantalum 
alloys containing 30 pct Ni. Treatments same as Fig. 5. 


those alloys made with pure tantalum. Columbium 
behaves much like tantalum and can be partially 
substituted for it. If carbon was present in the 
alloy, it formed insoluble tantalum carbide and any- 
thing above 0.04 pct was eliminated from the melt 
(unless zinc was present, in which case as much as 
0.09 pct C was retained!). Embrittlement due to pre- 
cipitation of graphite was never observed on anneal- 
ing. 

A large number of other elements in amounts of 
0.1 to 1 pct were added to a base 68/30/2 copper- 
nickel-tantalum alloy. These generally had little 
effect, which indicates that the alloy would be 
relatively insensitive to impurities in commercial 
production. 

The corrosion resistance of many alloys was 
measured by alternate immersion in hydrochloric 
or sulphuric acids, in salt spray, and by local im- 
pingement by sea-salt solution. The behavior of 
copper-nickel alloys was unchanged by the addition 
of tantalum alone, though the addition of tantalum 
plus 1 pct silicon conferred a very slightly im- 
proved resistance to acids. The resistance to 
scaling at 700°C was also slightly superior in this 
alloy, although otherwise the alloys were indis- 
tinguishable in their oxidation resistance from 
straight cupronickel. 


SUMMARY 


Tantalum is soluble in molten copper to the extent 
of about 0.025 pct, which serves to deoxidize the 
metal without seriously impairing the electrical 


Table |. Composition of Alloys Used for Tensile Tests in Table Il 


Composition by Analysis 


Alloy No. Cu Ni Ta Nb Mn Mg Al Fe Si 
69.36 2.61 0.56 0.06 0.39 
2. 66.87 29.80 1.75 ~ 0.77 0.05 - 0.64 - 
66.62 29.71 2.03 0.56 (.05) 0.55 0.10 
4. 65.89 29.81 2.09 ~ 0.75 (.05) ~ 0.10 0.84 
*§, 66.11 29.92 1.30 0.30 1.02 0.05 0.89 0.49 
*6. 65.82 29.88 1.45 0.34 1.02 0.01 1.19 0.56 - 
*7. 64.91 29.73 1.53 0.36 0.98 (.05) 0.59 0.20 0.86 


*Tantalum and Columbium added as a commercial Ta-Cb-Al-Fe alloy. 
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conductivity. An approximate copper-nickel-tantalum 
diagram has been determined. The solubility at 
1100°C is about 0.6 pct with 15 pct Ni, 1.2 with 20 
pet Ni, 2.7 with 30 pct Ni and well over 9 pct with 

50 pct Ni. The solubility decreases with tempera- 


0 


ture and the alloys are susceptible to precipitation 
hardening. An alloy with 30 pct Ni, 1.5 Ta, is char- 
acterized by an aging temperature for maximum 
hardness of about 750°C, and the cold-worked alloy 
does not recrystallize or soften at or below 750°C. 


Table Il. Tensile Properties of Some Cu-Ni-Ta Alloys after Various Heat Treatments 


“Proportional Yield Strength (0.5 Pct Tensile Elongation in 
Alloy* No. Treatment Limit,”’ Psi Elongation under Load), Psi Strength, Psi 2 In. —Pect 
L H 57,000 78,300 81,400 2.8 
R 18,250 51,000 42.5 
2. Q 24,400 60,150 33.3 
QR 37,500 52,950 91,700 19.5 
RH 100,600 119,350 2.5 
HR 75,000 98,150 114,350 7.8 
3. Q 26,850 67,100 33.3 
QR 55,000 71,850 115,300 16.3 
RH 103,600 131,450 1.5 
HR 94,000 110,550 135,950 4.5 
4. Q 39,750 83,250 32.8 j 
QR 57,000 80,450 123,500 15.8 
RH 104,750 151,550 2.0 f 
HR 102,000 118,550 150,700 So € 
5. Q 14,000 24,750 66, 100 37.0 ’ 
QR 50,000 65,750 111,000 17.5 C 
RH 103, 100 136,150 3.0 
HR 96,000 111,500 134,650 6.5 E 
H 94,950 103,500 2.8 s 
7 RH 103,450 164,550 2.3 ] 
HR 103,500 109,350 160,700 2.5 
*See Table I for analyses. Values are averages of two tests on strip 0.05 in. thick given prior treatment as follows: 
Q = Specimen quenched from 1050°C, not reheated. HR = Specimen quenched from 1050°C, rolled 50 pct reduction, reheated 
QR = As Q; reheated 3 hr at 725°C. 3 hr at 650°C. 
RH = Treated as OR at 0.10 in., cold rolled 50 pct to H = Quenched from 1050°C, rolled 50 pct reduction. 
to final gage. R_ = As H; reheated at 725°C. 
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Fig. 8—Results of bent-strip-relaxation tests on copper- 
nickel alloys containing tantalum. The test at 500°C fol- 
lowed that at 400°C, and this in turn followed 182 hr at 
350°C without restraightening. Samples of composition 
shown in Table I, previously quenched from 1050°C and 
reheated 725°C (A) or quenched, cold rolled 50 pet and 
reheated 3 hr 650°C (B). Maximum fiber stress 20,000 
psi. Residual deflection is height measured at center of 
chord 10 cm long. Complete relaxation = 0.093 in. 


The alloys retain useful properties at much higher 
temperatures than any other copper-rich alloy. In 
the rapidly cooled condition the alloys are nearly as 
ductile as cupronickel and they can be hot or cold 
worked with facility. 
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Electrical Conductivity of Molten FeS 


The electrical conductance of molten FeS was studied as a 
function of temperature and composition. It was found that stoi- 
chiometric FeS (36.5 pct S) shows a minimum specific conduct- 
ance of 400 ohm-1 cm-1. For the Fe-rich melts the conductivity 
increases with increasing amount of iron to about 4850 ohm-* cm™} 
at 26 pct sulfur. For the sulfur-rich melts the conductivity in- 
creases with increasing amount of sulfur until it reaches a maxi- 
mum of 1300 ohm-! cm-! for 37.4 pct S and decreases to 800 
ohm~! cm~! for 38.3 pct sulfur. It is concluded that molten 


stoichiometric FeS is an intrinsic semiconductor in which the 
forbidden gap in the electron energy level diagram is quite nar- 
row. Excess sulfur acts as an acceptor impurity in providing a 
component of positive hole conduction, while excess iron acts as 
a donor impurity to increase the n-type conduction. 


K. Bornemann and G. von Rauschenplat’ used a 
four-terminal, direct-current cell to study the 
electrical conductance of molten copper sulfide. 
Their measurements showed a high conductivity, 
of the order of 100 ohm=* cm”, and a positive tem- 
perature coefficient. From electrolysis studies, 
Savelsberg? concluded that molten Cu,S and molten 
FeS are electronic conductors. Further, he found 
D. ARGYRIADES, formerly Research Associate, Carnegie Institute 
of Technology, Pittsburgh, Pa., is presently Research Chemist, E. |. 
duPont de Nemours and Co., Inc., Wilmington, Del. G. DERGE and 
G. M. POUND, Members AIME, are Professor and Associate Professor, 
respectively, Dept. of Metallurgical Engineering, Carnegie Institute of 


Technology. 
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that molten FeS has a high specific conductance, of 
the order of 1500 ohm cm™’, and a small negative 
temperature coefficient. Pound, Derge, and Osuch,° 
using an ac Kelvin circuit and a four-terminal cell, 
measured the specific conductance of molten Cu,S, 
molten FeS, and various mixtures. They found that 
the specific conductance of the solutions followed a 
roughly additive rule of mixtures. Yang, Pound, and 
Derge* showed from electrolysis measurements 
that the mechanism of electrical conduction in mol- 
ten Cu,S, FeS, and mattes is primarily electronic. 
Further, they observed that small additions of CuCl 
suppress the electronic conduction whereupon the 
system behaves ionically. 
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All of the above measurements were made under 
inert-gas atmospheres which limited the composi- 
tions to a narrow, relatively stable, sulfur-poor 
range. Recently, Bourgon et al.,° measured the 
specific conductance of molten Cu2S as a function 
of sulfur activity using controlled H2,S-H, atmos- 
pheres. The data showed that the conductivity is 
independent of sulfur activity in copper-rich sulfide 
but increases markedly with sulfur activity in a 
sulfur-rich melt. These results were interpreted 
in terms of the band theory, and it was concluded 
that molten stoichiometric and copper-rich Cu,S 
are intrinsic semiconductors and that sulfur acts 
as an acceptor impurity in providing a component 
of positive hole conduction in the sulfur-rich Cu,2S. 

The present paper extends the study of the influ- 
ence of sulfur composition to the molten FeS sys- 
tem, whose general behavior differs from that of 
Cu,S by having a negative temperature coefficient 
of conductivity. 


EXPERIMENTAL 


Materials—The iron sulfide was prepared from 
electrolytic iron (99.84 pct) and double distilled sul- 
fur by heating in a graphite crucible to a maximum 
temperature of 1100°C. Analysis of this product 
showed it to contain slightly less than the stoichi- 
ometric amount of sulfur. It was used as a starting 
material for the measurements to be described and 
the sulfur content was increased by bubbling H2S or 
decreased by bubbling argon. 

Apparatus and Procedure—The electrical conduc- 
tivity was measured with an ac potentiometer cir- 
cuit. This was the same as described for the ear- 
lier measurements® except that the oscillograph 
was replaced by a vacuum-tube voltmeter. The 
frequency used for all the measurements was con- 
stant, 1200 cycles per sec* and the current through 


*However, the conductivity was found to be independent of fre- 
quency. 
the circuit was varied from 600 to 800 ma. The 
four-terminal conductivity cell was essentially the 
same as described in the above-mentioned work but 
the electrode design was simplified by using double- 
bore silica tubing in the upper part. The molten FeS 
was contained in an alundum crucible. 

Heating was accomplished by a silicon-carbide 
resistance furnace, and the temperature was meas- 
ured with a Pt-Pt Rh (10 pct) thermocouple which 
was protected from the molten matte by an alundum 
protection tube. The temperature was controlled to 
within +5°C. 

The Cell Constant—The cell constant was deter- 
mined at room temperature with a 30 pct H,SO, 
solution. The cell constant for the measurements 
on molten FeS was usually between 20 to 25 cm™* 
High values for the cell constant are desirable when 
measuring the high conductivities associated with 
molten FeS, and the constant can be increased by 
increasing the length of the capillary at the end of 
the silica tube. However, longer capillaries also 
led to erratic measurements as a result of bubbles 
and inhomogeneity within the capillary, and the de- 
sign used was found to represent the optimum ex- 
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perimental situation. 

Conductivity Measurements—The alundum cru- 
cible was filled with the matte, and the charge was 
melted in a dry argon atmosphere. The electrodes 
were immersed in the melt, and the measurements 
were carried out at a constant temperature. The 
amount of sulfur was changed by bubbling H,S 
through the melt, and, after taking a sample, the 
conductivity was measured. This procedure took 
less than a minute to complete. 

For the iron-rich melts the reproducibility was 
good without special precautions. However, be- 
ginning near the stoichiometric and extending into 
the sulfur-rich region, erratic results were orig- 
inally observed. These were characterized by a 
continuous cycling between high and low values for 
a given composition, It was demonstrated on a 
simplified cell that this was due to the formation 
of a gas film (probably CS.) on the graphite elec- 
trodes. This difficulty could be overcome by with- 
drawal and reimmersion of the electrodes into the 
melt just before each reading, and the reproducible 
results obtained in this manner are reported. 

In order to confirm the values found, a specially 
designed cell with liquid gold electrodes was used. 
Gold is one of the few metals which is not attacked 
by sulfur at high temperatures and the solubility in 
molten sulfur-rich iron sulfide was found to be low. 
It was observed in the following way: gold was 
mixed with FeS in a quartz tube and was heated in 
a furnace to 1200°C in an argon atmosphere. Hy- 
drogen sulfide was then introduced and after 6 hr 
the mixture was cooled rapidly. The chemical 
analysis of the FeS, which was separated from the 
gold layer, showed a solubility of 0.18 pct Au. This 
slight dissolution of the gold electrodes is not 
enough to render them unsatisfactory for conduc- 
tivity measurements, 7.e., it affects neither the 
conductivity nor the cell constant. In this gold cell, 
the molten FeS comes into direct contact with gold, 
and thus the difficulties found with graphite elec- 
trodes were eliminated. However, since the gold 
always cracked the quartz container on freezing, an 
accurate cell constant could not be measured. Al- 
though these conductivity measurements with molten 
gold electrodes are qualitative in character, they 
confirm the form of the curve found for molten FeS 
by using graphite electrodes. 


RESULTS 


Fig. 1 shows the measured conductivity values at 
1200°C. For the stoichiometric compound there is 
a minimum specific conductivity of 400 ohm7* cm™?’. 
As the amount of sulfur increases the change in 
conductivity is rapid until a maximum of 1300 ohm™ 
cm~’ is reached for a composition of 37.4 pct S, 
then the specific conductance decreases to about 
800 ohm~* cm™~* as the composition reaches the 
maximum sulfur percentage (38.3 pct) used in this 
experiment. For the Fe-rich melts, the conductivity 
increases with increasing amount of iron to about 
4850 ohm~* cm™ at 26 pct sulfur. 

The Temperature Coefficient—Experiments at 
1260°C showed larger variations due to the carbon 
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Fig. 1—Dependence of electrical conductivity of sulfur 
content of iron-sulfide melts, 1200°C. 


reactions already described. However, the tem- 
perature coefficient for all compositions was nega- 
tive. The determination of the temperature coef- 
ficient was made by rapid cooling of the melt to 
lower temperatures and the change in temperature 
was usually 70° to 80°C in 5 min. It is assumed 
that during this time there was no change in the 
composition of the melt. The average temperature 
coefficient for both iron and sulfur-rich melts was 
—0.5 ohm~* cm™? per deg C. 

Accuracy and Errors—An accurate determination 
of the errors involved in these measurements has 
many inherent difficulties. Errors due to tempera- 
ture, cell-constant changes, and to the method used 
are estimated to result in an accuracy of +7 pct. 


DISCUSSION OF RESULTS 


The high conductance and the nil cell efficiency* 
indicate that the conduction in molten iron sulfide 
is primarily electronic. The small** negative tem- 
perature coefficient of conductance suggests that 
molten iron sulfide is a semiconductor in which the 
energy barrier, ME, for thermal promotion of elec- 
trons is quite small. Thus the increase of conduct- 
ing species (electrons in the conduction band or 
positive holes in the valence band) with increase in 
temperature, according to the relation d In n/d(1/T) 
=-—AE/2k, is not large enough to compensate for the 
loss of mobility of these species due to thermal 
scattering. 

It is tentatively assumed that stoichiometric FeS 
is an intrinsic semiconductor in which the forbidden 
gap between the ionic valence band of the Fe*+* and 
S~ ions and the conduction band is quite small. This 
assumption is supported by the fact that FeS from 
various sources and made in different ways exhibits 
the same specific conductance. However, it may be 
that the electronic conduction of molten stoichiomet- 
ric iron sulfide is due to donor or acceptor levels 
caused by small amounts of unknown impurities. 

The quantitative explanation of the sharp mini- 
mum in the specific conductance, o, near the stoi- 
chiometric composition requires more theoretical 
attention. However, the increase in o with in- 
crease in sulfur concentration in the sulfur-rich 
range can be explained qualitatively by assuming 
that the sulfur acts as an acceptor impurity. Simi- 
larly, the increase in o with decrease in sulfur con- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


log Conductivity 
T 


Weight % S 
32.1 32.9 33.8 345 352 35.8 
! 


36.2 3675 


3.2F 


@ 
T 


1.4 1.6 1.8 20 2.2 2.4 26 28 


log x 103 


Fig. 2—Plot of measured specific conductance vs sulfur 
activity from data of Rosenqvist.® 


centration in the iron-rich composition range can 
be described in terms of the behavior of iron as 

a donor impurity in a manner analogous to the 
Baumbach and Wagner’ treatment of the electrical 
conduction in solid ZnO. If one assumes that iron 
acts as a donor impurity according to the equilibria 


a -a 
Fe = Fet +e, K,= — [1] 
Fe 
Fe+S= Fet+ + 8°, K,= [2] 
Fe 


it follows that the concentration of conduction-band 
electrons is given by 


c =( [3] 


for small intrinsic contributions. If is the mo- 
bility of conduction band electrons, 


= uC, = Leas 2 [4] 


1 
where L’, = u(K,ap.4,as5- /K2)* and is a constant 
only if the mobility of electrons and activities a of 
the Fe++ and S~ ions are independent of composi- 
tion. One may express Eq. [4] in terms of 
p = y instead of a through the equilibria 
2 2 


1 Ps 
S = (gas), K, = [5] 
VaS2 (gas) + H, = H,S, K,= = [6] 
-»,,) 
S, H, 
giving 
* [7] 


in which L, = 

Eq. [7] may be fitted to the data of Fig. 1 for the 
iron-rich composition range by using the sulfur 
activity data of Rosenqvist.* Such a plot is shown 
in Fig. 2 where the measured slope is —0.52, in 
comparison with the theoretical slope of oy Ae Thus 
it is considered that the equilibria of Eqs. [1] and 
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[2] are consistent with the data for the iron-rich 
compositions. 

Referring again to the sulfur-rich portion of the | 
graph of conductance data given in Fig. 1, it appears 
that excess sulfur acts as an acceptor impurity in 
contributing a component of positive hole conduction 
to the molten FeS. However, the maximum in spe- 
cific conductance precludes analysis of these data 
in a manner similar to that done for the iron-rich 
side of the graph. Since the conductivity maximum 
in the sulfur-rich range was unexpected, the possi- 
bility of a phase change as a source of experimental 
error was investigated. Cooling curves were taken 
at this composition and they showed arrests cor- 
responding to the phase diagram of Rosenqvist.°® 
Thus there is no evidence that the conductivity 
curves were not determined in the all-liquid range. 
Tentatively, this maximum in specific conductance 
is explained by postulating formation of a molecu- 


lar species which contains sulfur in such a form 
that it cannot act as an acceptor and which serves 
only to scatter the positive holes. 
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Microstructural Study of the Response of a Complex 


Superalloy to Heat Treatment 


The response of Inconel ‘‘700’’ to heat treatment has been 
studied by light and electron microscopy combined with X-ray 
and electron diffraction techniques. A heat treatment which re- 
sults in low ductility for this alloy appears to be associated with 
the formation of MeC carbide in a Widmanstatten distribution. 


This type of precipitation can be suppressed by suitable heat 
treatment with concurrent increase in ductility. Various other 
phases precipitated in this alloy are also identified. 


Recent studies of commercial nickel base su- 
peralloys have demonstrated the importance of the 
morphology of carbide phases upon physical prop- 
erties.’ For example, empirical heat treatment 
studies applied to Nimonic ‘‘80’’ and Inconel ‘‘X’’ 
have resulted in prescribing double aging treat- 
ments for optimum physical properties. These 
treatments have subsequently been related micro- 
structurally to grain boundary carbide morphology.” 
The purpose of this study was to obtain information 
about the morphology and identity of some of the 
phases precipitated in Inconel ‘‘700’’ after heat 
treatment. It was hoped that some correlation 
could be made of microstructure with heat treat- 
ment similar to that observed with Inconel ‘‘X’’ 
and Nimonic ‘‘80.’’ 


3 


EXPERIMENTAL PROCEDURE 


Specimens were obtained from a hot-rolled bar of 
Inconel ‘‘700’’ of the following composition: 
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Cc Mn Fe Ss Si 
0.10 0.07 0.42 0.007 0.12 


Cu Cr Al Ti Co Mo Ni 
0.02 14.90 2.85 222 2761 2.92 Bal. 


Specimens were prepared in the following heat- 
treated conditions: 

(A) 2275°F for 2 hr WQ 

(B) 2275°F for 2 hr WQ + 2000°F for 1 hr 

(C) 2275°F for 2 hr WQ + 1600°F for 48 hr. 

(D) 2275°F for 2 hr WQ + 2000°F for 1 hr 

+ 1600°F for 48 hr. 

Empirical stress-rupture studies had shown that 
treatment (D) resulted in optimum stress-rupture 
life and ductility. Treatment (C), although giving a 
good aging response, resulted in low ductility. 
Treatments (A) and (B), respresenting individual 
steps in treatments (C) and (D) were added here for 
microstructural comparison studies. The procedure 
was to make an optical and electron microscopic 
investigation supplemented by X-ray diffraction 
analysis of electrolytically extracted residues. 
Electron diffraction studies were made utilizing 
selected area diffraction techniques with extraction 
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(a) (b) 
2275°F for 2 hr. WQ 2275°F for 2 hr. WQ + 
2000°F for 1 hr. 


2275°F for 2 hr. WQ + 
2000°F for 1 hr + 1600°F 
for 48 hr. 


2275°F for 2 hr. WQ + 
1600°F for 48 hr. 


Fig. 1—Optical and electron micrographs of wrought Inconel 700 variously heat treated. Top row: optical micrographs. 
Etch: Glyceregia. X1000. Bottom row: electron micrographs. Negative replicas shadowed with germanium at 70°. Spec- 
imens double etched before replication. 1st etch Glyceregia 2nd etch 2 pct H, SO, electrolytic. X10,000. Reduced ap- 


proximately 21 pct for reproduction. 

replicas. Evaporated aluminum was used as a 
standard in these studies. Electrolytic extractions 
for X-ray studies were made in aqueous 30 pct hy- 
drochloric acid solutions using the specimen as the 
anode and a platinum sheet as the cathode under a 
current density of about 1.0 amp per sq cm for 8 hr. 
The residues were collected under a layer of glyc- 
erine to prevent attack by the electrolyte and were 
subsequently filtered, washed, and dried. 


RESULTS 


Optical and Electron Microscopic Studies— The 
top and bottom rows of Fig. 1 show, respectively, 
optical and electron micrographs of the struc- 
tures obtained after the heat treatments listed 
previously. The specimen given treatment (A) re- 
veals only a general matrix precipitation of nitridic- 
like particles as viewed optically. The electron 
micrograph of this specimen shows what appears to 
be a grain boundary phase. More likely this is only 
a deeply etched grain boundary in view of the heavy 
etching required to delineate detail in a solution- 
treated specimen. After treatment (B), the optical 
micrograph indicates an increased amount of pre- 
cipitation of the carbide-like particles and the elec- 
tron micrograph shows that a grain boundary phase 
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has formed in this case. Treatment (C) results in a 
Widmanstatten type of precipitation at grain and twin 
boundaries along slip lines. The electron micro- 
graph clearly shows the morphology of this precipi- 
tate. In addition, it can be seen that a matrix age 
hardening precipitate has also formed after this 
treatment. As shown in Fig. 1 treatment (D), which 
combines treatments (A), (B), and (C), retains the 
blocky type of grain boundary constituent similar 

to that formed after treatment (B) and the age hard- 
ening phase precipitated after treatment (C). The 
average particle size of this precipitate is about 
TOOA, 

X-Ray and Electron Diffraction Studies—The 
X-ray diffraction data on the electrolytic extracts 
from these specimens are tabulated in Table I. 
Identification of constituents from this data is 
somewhat uncertain because of overlap of signifi- 
cant d-spacings for the possible phases present. 
However, there are definitely titanium carbides and 
nitrides present in all the specimens. There is also 
strong evidence for the existence of M,,C, type car- 
bide after treatments (C) and (D). The presence of 
M,C type carbides was suspected because of the 
relatively high molybdenum content and the work of 
previous investigators,’ but its presence or absence 
cannot be ascertained from these data. 
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Table |. X-Ray Diffraction Data from Electrolytic Extracts 


All D Values are in A Units - Copper Radiation 


(D) 


Literature Values 


(4) (B) © 2275°F for 2 Hr + 
2275°F for 2 Hr 2275°F for 2 Hr+ 2275°F for 2Hr+ 2000°F for 1 Hr+ Ref. 6 Ref. 6 Ref. 7 Ref. 7 
wQ 2000°F for 1 Hr 1600°F for 48 Hr 1600°F for 48 Hr Tic TiN xt. M,C 
3.552 W 
3.361 W 3.373 W 3.361 W 3.360 W 
3.118 VW 
3.005 VW 3.025 VW 
2.943 W 2.947 W 
2.820 VW 
2.761 MW 2.769 VW 2.774 MS 
2.712 MW 2.712 VW 
2.673.VW 
2.562 VW 2.562 VW 2.547 MS 
2.506 VS 2.513 VS 2.499 VS 2.506 VS 2.49 MS 
2.460 VW 2.473 VW 2.460 VW 2.460 VW 2.44 MS 
2.415 W 2.421 VW 
2.390 W 2.390 VW 2.375 MS 
2.236 VW 2.266 S 
2.199 W 2.179 W 
2.169 VS 2.174 VS 2.164 S 2.169 VS 2.15 VS 2.168 M 
2.130 VW 2.135 VW 2.128 W 2.135 W 2:12 VS 2.137 VS 
2.074 VW 
2.056 MS 2.061 W 2.044 S 
2.039 VW 
1.980 VW 1.988 VW 1.963 M 
1.909 VW 1.909 VW 1.886 VW 1.890 VW 1.878 M 
1.868 VW 1.850 W 
1.806 VW 1.822 VW 1.796 M 
1.779 VW 1.755 
1.705 VW 1.703 VW 
1.668 VW 1.674 VW 1.680 W 1.673 W 
1.552 VW 1552 VW 1.555 MS 
1.531 M 1.534 MS 1.529 MW 1.534 S 1.52M 
1.520 W 
vw 1.507 VW 1.496 M 
1.444 MS 
1.388 W 
1.357 MS 
1.347 W 
1.306 MW 1.307 MW 1.303 W 1.306 M 1.30 W 1.308 S 
1.295 VW 1.288 M 1.282 MS 
1.283 VW 1.277 W 
1.258 VW 
1.250 VW 1.251 W 1.248 VW 1.250 MW 1.25 VW 1.252 MS 
1,223 VW 1.226 M 
1082 VW 1.082 VW 1.08 VW 1.084 S 
0.9911 VW 
0.9667 VW 
Intensity Code: VS = Very Strong S = Strong MS = Medium Strong M = Medium MW = Medium Weak W = Weak 


VW = Very Weak. 


Because of the difficulty of identifying constituents 
from the X-ray data, recourse was had to an appli- 
cation of Fisher’s extraction replica technique for 
further examination of the phases present.* By 
suitable etching, it is possible selectively to ex- 
tract phases on replicas and use electron diffrac- 
tion for identification of constituents. An attractive 
feature of the extraction replica technique is the fact 
that phases are removed ‘“‘in situ’’ from the polished 
metal surface so that the difficulty of locating con- 
stituents in the microstructure is removed. Fig. 2 
(a, b) show extraction replicas using this selective 
etching technique on the specimen given treatment 
(C). It will be seen that the Widmanstitten precip- 
itate was removed in (a), whereas in (b) only the 
matrix age-hardening precipitate was extracted. 

The electron diffraction data from these replicas 
are listed in Table II. The d-spacings from the 
Widmanstatten precipitate can be indexed on the 
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basis of a complex cubic unit cell. The most satis- 
factory fit for these data seems to be with an M,C 
type carbide. The lattice parameter of the observed 
phase is about 17/2 pct larger than that of the refer- 
ence data. This difference is definitely real since 
the experimental error is only about 1 pct. na 
complex alloy of this type, this abnormally large 
parameter can probably be related to the extensive 
solid solubility possible of various metal atoms in 
the compound M,C. 
The d-spacings for the age-hardening phase, 
Fig. 2(b), can readily be indexed as an ordered 
face-centered-cubic pattern which identifies it as 
of the y’, Ni, (Ti, Al), type. The lattice parameter 
of the observed phase is 3.60A averaged over all 
reflections whereas pure Ni, Al has a lattice param- 
eter of 3.557A. Again solid solubility of various 
elements and experimental error could easily ac- 
count for the difference. In addition it is a simple 
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matter to measure the size of these particles from 
this replica, which was difficult to do from the 
negative replica of this specimen shown in Fig. 1. 
Their average size is about 700A, the same as after 
treatment (D). 

An attempt was made to identify, by the replica 
technique, the nitridic-like particles randomly dis- 
tributed throughout the matrix of all the specimens 
because they make an important contribution to the 
volume of the microstructure. These particles are 
seen quite readily in the optical migrographs of 
Fig. 1, particularly (B), where one of them is shown 
in the left-hand edge of the micrograph. They are 
usually crystallographic in shape and often have a 
pinkish hue as viewed under the optical microscope. 
Each of these large particles is, in turn, surrounded 
by a cluster of smaller particles. Fig. 3(a, b) shows 
a shadowed negative replica and an extraction rep- 
lica from an area such as that described. The nega- 
tive replica shows these particles in detail and the 
extraction replica was prepared such that only the 
nitridic-like particles were removed. It will be 
seen in Fig. 3(b) that only the smaller particles 
were extracted, a hole in the plastic being left in 
place of the larger particle which was too massive 


Fig. 2—Extraction replicas from speci- 
men C showing Widmanstatten and y’ 
phases. (a) Specimen etched with gly- 
ceregia, collodion then applied and further 
etched through the collodion with picric— 
HCl—dry stripped. (b) Specimen heavily 
etched electrolytically with H,SO,. Collod- 
ion then applied and dry stripped. X10,000. 
Reduced approximately 46 pct for repro- 


to be supported by the plastic film. The electron 
diffraction results from these particles, Table III, 
are in good agreement with reference data for ti- 
tanium carbide. Moreover, the latter data check 
the X-ray d-spacings in Table I very well thus pro- 
viding a good cross-check on the experimental 

data. By difference, the large crystallographic 
particles must be titanium nitrides. These evi- 
dently form while the alloy is molten which accounts 
for their crystallographic and massive nature. The 
titanium carbides clustered around the nitrides 
probably form when the solidified alloy is heat 
treated which accounts for their smaller size and 
nondistinctive shape. 


SUMMARY AND DISCUSSION 


The preceding microstructural study of Inconel 
‘*700’’ shows that a solution and aging treatment 
that results in impaired ductility can be associated 
with Widmanst&tten precipitation of M,C carbide at 
grain and twin boundaries. This type of precipita- 
tion can be suppressed by intermediate holding at a 
temperature between solution and aging tempera- 
tures. This intermediate hold at 2000°F probably 


Table Il. Electron Diffraction Data from Specimen C 


“‘Widmanstatten’’ Phase Age-Hardening Phase 
° Calc. Calc 
Obs d(A) (hkl) a, d(A) (hkl) Obs d(A) (hkl) a, 
2.774 400 3.633 *100 3.633 
2.59 331 11.28 2.547 331 2.546 *110 3.601 
2.305 422 11.28 2. 266 422 2.093 111 3.625 
2. 26 500,430 11.30 1.799 200 3.598 
2.16 511,333 IL2@ 2.137 511,333 1.610 *210 3.600 
1.963 440 1.466 *211 3.591 
1.945 530,433 11.32 1.264 220 3.580 
1.87 600,442 11.22 1.850 600,442 0.8933 400 3.573 
1.755 620 
1.68 630,542 11.27 0.5892 *610 3.584 
1.673 622 
1.57 711,551 11.21 1.555 711,551 *Superlattice reflections 
1.444 731,553 
1.388 800 
1.357 733 
1.36 820,644 11.22 1.347 820,644 
1.308 822,660 
1.30 751,555 11.26 1.282 751,555 
Average a, 11.26 


*d-spacings calculated on the basis of a, = 11.10 A. 
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Fig. 3—Negative and extraction replicas 
showing details of intragranular carbides. 
Specimen C. (a) Negative replica—shad- 
owed with germanium at 70° —Specimens 
double etched. Glyceregia + 2 pct H,SO, 
electrolytic. (b) Specimen etched with 
glyceregia, collodion then applied and 
further etched through the collodion with 
picric—HCl—Collodion dry stripped. 
X10,000. Reduced approximately 46 pct 


for reproduction. 


involves precipitation of titanium carbide, which 
either prevents M,C carbide from precipitating or 
restricts its formation to some more desirable 


(b) 


Table Ill. Electron Diffraction Data from Specimen C 
Intragranular Precipitate 


distribution upon subsequent aging at 1600°F. The Obs. d(A) Tic® d(A) 
precipitation of titanium nitrides and carbides ran- 

domly throughout the matrix may add to the strength 2.485 2.508 
of the alloy since they exist as a hard, dispersed 2.161 2.179 
phase. The age-hardening precipitate was identified 1.520 1.535 
as being of the y’ Ni, (Ti, Al) type and was ordered. — ane 
Although the y’ phase is generally considered to be Lae Las 
an ordered structure, very little attention has been — hie 
given to the kinetics of the order-disorder phenom- 0.967 0.971 
ena in this phase. The latter phenomenon is known 0.883 0.884 


to have a large effect upon physical properties as 
studies on other systems have shown.” Thus it may 
be significant that in a previous study on Nimonic 
“*80’’,* no superlattice reflections were recorded 
for the y’ precipitate although the same techniques 
were used as in this study. Of course, this could 
also be related to the higher titanium to aluminum 
ratio in Nimonic ‘‘80’’ as compared to Inconel 


able discussions during the course of this work. 
Special thanks are accorded to Mr. R. P. Morenski 
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this study. 
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The Effects of Variations in Nitrogen and Manganese 
Content on the Structure and High-Temperature 
Properties of Cast X-40 Alloy 


Cast X-40 alloy with the lowest nitrogen content studied had 
a 100-hr rupture stress at 1500°F about equal to the reported 
value for the commercial alloy. Increases in nitrogen content 
progressively decreased the rupture strength, and with about 0.1 
to 0.2 pct Na minimum strength was reached, but there was no 
accompanying change in microstructure. Further increases in 
nitrogen resulted in the formation of progressively increasing 
amounts of a lamellar, pearlitic-type structure at the grain 
boundaries, with accompanying increases in rupture strength, 
and above about 0.25 to 0.33 pct N, the rupture strength exceeded 
the normally reported values. Two series of melts representing 
different melting stocks exhibited minimum rupture strengths at 
different nitrogen contents. This suggests that some unidentified 


trace element not removed by vacuum melting has a strong in- 
fluence on the response of this alloy to variations in nitrogen 


content. 


Ina series of melts with manganese contents ranging from 


0.6 to 3.2 pct, the material with the lowest manganese content 
had the highest 100-hr rupture strength at 1500°F. The manga- 
nese variations had no appreciable effect on the microstructure. 


Cast cobalt-base alloys such as X-40* exhibit high 
*Nominal composition (pct) — 25 Cr, 10 Ni, 8 W, 1.5 Fe, 0.5 Mn, 
0.5 Si, 0.50 C, balance Co. 
strengths at elevated temperatures (1500°F and 
above), but they also show considerable scatter in 
high-temperature properties. Since the design of 
parts for critical applications must be based on the 
minimum expected properties, this broad scatter 
appreciably lowers the design strength of the alloy. 
If the relatively poor properties exhibited by a few 
test parts from any given group could be improved, 
the spread in properties would be narrowed, and the 
design stress could more closely approach the av- 
erage expected properties. The purpose of this re- 
search investigation was to learn what were the 
causes of these erratic properties and, if possible, 
to find methods for eliminating them. 

Earlier unpublished work showed that vacuum 
melting markedly influenced the high-temperature 
strength of cast X-40 alloy. There were indications 
that this behavior may have been the result of changes 
in the nitrogen or manganese content of the castings. 
Consequently, in the current investigation, the influ- 
ence of variations in nitrogen and manganese content 
on the structure and high-temperature properties of 
cast X-40 alloy was studied. 

E. E. FLETCHER and A. R. ELSEA, Members AIME, are Assistant 
Consultant and Assistant Chief, respectively, Metallurgical Engineer- 


ing Division, Battelle Memorial Institute, Columbus, Ohio. 
Manuscript submitted April 14, 1958. IMD 
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EXPERIMENTAL WORK 


In this program, X-40 melting stock was vacuum 
melted to produce a base material that was very low 
in nitrogen content and in volatile trace elements. 
Additions were then made to this base material to 
produce alloys of the desired composition. The metal 
was cast into investment molds producing coupons 
which were machined into stress-rupture bars. These 
bars were subjected to stress-rupture tests and me- 
tallographic study to determine the influence of 
changes in analyses (nitrogen and manganese content) 
on the structure and properties. 

Material—The melting stock used for these experi- 
ments was in the form of shot from two master heats 
of commercial X-40 alloy. Only one master heat was 
used in a given series of melts. Thus, any differences 
in structure or properties that showed up in the spec- 
imens from a given series would be the result only of 
the intended variations in composition. The certified 
analyses of the master heats were as follows: 


Cc Mn Si Cr Ni 
Lot No. 2 0.50 0.71 0.66 25.44 10.53 
Lot No. 3 0.54 0.73 0.70 25.95 10.00 

W Fe Co P Ss 
Lot No. 2 7.45 1.34 Bal. 0.011 0.013 
Lot No. 3 7.58 1.53 Bal. 0.005 0.016 


VOLUME 215, DECEMBER 1959-917 


= 
: 
3 


Melting Equipment and Melting Procedures—All 


melts prepared for this study were made in alumina - 


crucibles heated in a vacuum induction furnace. The 
furnace was designed so that additions could be made 
to the melt at any time during the melting operation 
without loss of vacuum or contamination of the at- 
mosphere. The temperature of the molten metal was 
measured by an immersion thermocouple, thus per- 
mitting the power to be adjusted to control melting 
and pouring temperatures within narrow limits. A 
mold heater contained within the furnace shell per- 
mitted the molds to be held at the desired tempera- 
ture (1900°F) for pouring. 

The procedure used in making a melt was as fol- 
lows: The investment mold was maintained at 1960°F 
after firing and was transferred hot to a mold heater 
enclosed in the vacuum equipment. The melting stock 
was placed in the crucible, and the system was then 
closed and evacuated to a pressure of less than 1 yu. 
Evacuation was continued until a ‘‘leak rate’’ of about 
1.0 uw per min or less was obtained before the power 
was turned on for melting. The ‘‘leak rate’’ really 
consisted of a pressure increase that resulted from 
actual leaks, gas released from the hot investment 
mold, and adsorbed gases released from the sur- 
faces of the crucible, charge, and melting chamber. 
The pressure rose somewhat during meltdown, but 
it was ordinarily down to 2 yu or less when the car- 
bon boil subsided. In order to eliminate porosity 
and surface defects which occur when molten metal 
is poured into hot investment molds in vacuum, 
argon or nitrogen was introduced into the furnace 
chamber just prior to pouring the castings. All 
melts in the manganese series and the melts of low 
and intermediate nitrogen content in the two nitro- 
gen series were poured in argon at a pressure of 
1 atm. The high-nitrogen melts were poured in 
nitrogen at a pressure of 1 atm. 


Some of the carbon and chromium and much of 
the manganese, nitrogen, oxygen, and hydrogen 
present in the base alloy were lost during vacuum 
melting. Compensating additions of carbon (spec- 
troscopic carbon electrodes) were made to all 
melts, after the carbon boil had subsided. Chro- 
mium losses were made up either through the ad- 
dition of electrolytic chromium to the charge or 
as chromium nitride used to introduce nitrogen 
into some of the melts. Additions of electrolytic 
manganese were made to all melts when two- 
thirds of an atmosphere of argon (or nitrogen) had 
been introduced prior to pouring. For those melts 
in which nitrogen additions were required, nitrogen 
was added in the form of chromium nitride at the 
same time the manganese addition was made. The 
electrolytic chromium in the charge was reduced 
in proportion to the amount of chromium nitride 
added, so that the total chromium addition was the 
same for all melts. 

Throughout this investigation, a standard pouring 
temperature of 2850°F and a standard mold preheat 
temperature of 1900°F were used. 

The stress-rupture bars were cast as blanks with 
a reduced section approximately 0.285 in. in diam. 
These blanks then were machined into threaded-end 
specimens 3 in. long with a 1.5-in. gage length. The 
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Table |. Chemical Analyses of X-40 Alloy Made with Variations 
in Nitrogen and Manganese Contents 


Melting Analysis, Pct 
Stock 
Heat No. Lot No. N Mn Cc 


Nitrogen Series (Lot 2 Alloys) 


191 2 0.010 0.85 0.49 
214 2 0.029 1.00 0.51 
233 2 0.040 1.05 0.50 
215 2 0.049 0.86 0.45 
216 2 0.056 0.96 0.47 
225 2 0.077 iL2 0.44 
217 2 0.092 1.00 0.44 
226 Z 0.130 0.83 0.43 
218 2 0.196 1.01 0.44 
232 2 0.250 0.88 0.47 
Nitrogen Series (Lot 3 Alloys) 
235 3 0.117 0.65 0.44 
236 3 0.163 0.65 0.46 
239 K 0.322 0.55 0.48 
238 3 0.331 0.55 0.44 
237 3 0.332 0.70 0.46 
Manganese Series 

229 2 0.024 0.58 0.49 
191 2 0.010 0.85 0.49 
214 2 0.029 1.00 0.51 
233 2 0.040* 1.05 0.50 
225 2 0.077 1.23 0.44 
230 2 0.022 1.58 0.52 
231 2 0.024 0.48 
*Nitrogen added. 


blanks were ground to bring the reduced sections 
down to 0.250 in. diam and to finish the fillets. 

Samples from the various heats were analyzed 
for nitrogen, manganese, and carbon, with the re- 
sults shown in Table I. 

Metallographic Studies—A representative section 
of at least one tested stress-rupture bar from each 
heat was examined metallographically to determine 
the effects of changes in nitrogen and manganese 
content on the microstructure. Also, the micro- 
structures of the as-cast specimens with the high- 
est and lowest nitrogen contents and with the high- 
est and lowest manganese contents were studied. 

Fig. 1 shows the microstructure of an as-cast 
specimen with low nitrogen and low manganese 
contents. This structure was typical of all alloys 
in the manganese series and of alloys with nitrogen 
contents of 0.092 pct or less. Regardless of com- 
position, all of the specimens exhibited massive 
carbides similar in size and distribution to those 
shown in Fig. 1, and all specimens exhibited coring 
in the solid-solution matrix. 

Specimens from all heats made with Lot 2 melt- 
ing stock and containing 0.196 pct or more nitrogen 
and those made with Lot 3 melting stock and con- 
taining 0.117 pct or more nitrogen, contained a 
lamellar, pearlitic-type structure at isolated loca- 
tions along the grain boundaries. In the specimens 
with 0.117 and 0.196 pct nitrogen, made from Lot 3 
and Lot 2 melting stock, respectively, the pearlite 
occurred only in the heavier, more slowly cooled 
sections (close to the fillets and in the threaded 
ends of the specimens); none was observed in the 
gage length. With higher nitrogen contents, the 
pearlitic-type structure also was observed along 
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Electrolytic Chromic Acid Etch 


Fig. 1—As-cast structure of vacuum- 
melted X-40 alloy typical of low and 
intermediate nitrogen contents and all 
manganese contents studied. Poured 
at 2850°F in argon into a mold pre- 
heated to 1900°F. Heat 229, 0.024 

pet N, 0.58 pct Mn. X250. Reduced 
approximately 49 pct for reproduction. 


grain boundaries within the gage length of the 
specimens. Fig. 2(a) shows the pearlitic-type 
structure associated with a grain boundary in an 
as-cast specimen which contained 0.322 pct N. 
Fig. 2(b) shows the pearlite in a tested creep- 
rupture specimen. It will be shown later that the 
occurrence of this pearlitic structure had a sig- 
nificant effect on the stress-rupture properties. 


Table Il. Results of Grain Counts on X-40 Stress-Rupture Specimens 


| Electrolytic Chromic Acid Etch 
a) As cast, Heat 239, 0.322 pct N. 


3 
Electrolytic Chromic Acid Etch 


4) Tested at 1500°F, at temperature 
43 hr, Heat 238, 0.331 pct N. 


Fig. 2—Lamellar, pearlitic-type structure found in specimens with high ni- 
trogen contents. X250. Reduced approximately 49 pct for reproduction. 


Some of the pearlite has etched darker than that 
in other areas; apparently, the darker etching areas 
are merely a finer lamellar structure. 

Fig. 2(b) illustrates the fine precipitate which 
formed around the massive carbides and in cored 
zones during the course of the creep-rupture tests. 

Grain counts were made to determine whether the 
changes in nitrogen or manganese contents influ- 
enced the grain size of these melts, all of which 
were poured at 2850°F into molds preheated to 
1900°F.* The grain count was obtained by counting 


*The mold temperature was only 1825°F for Heat 235. Results of 
previous work on the effect of variations in mold temperature on struc- 


Nitrogen Manganese Number of Grains in a e to this 75-deg differ- 
difference in grain count resulted. 
Nitrogen Series (Lot 2 Alloys) the number of grains showing on a standard longi- 
191 1 0.010 0.85 13° tudinal section of the gage length of the specimens. 
214 2 0.029 1.00 " The elongations experienced in testing were con- 
215 2 0.049 0.86 17 sidered, so that the count could be made in a sec- 
216 2 0.056 0.96 14 tion length equivalent to %, in. on the untested 
1.00 13 specimen. 
233 The results of the grain counts are shown in 
225 3 0.077 1.23 8 Table II. The grain size was somewhat coarser 
226 3 0.130 0.83 7 (lower count) for specimens made in mold Type 3 
232 3 0.250 0.88 9 than for those made in the Type 2 molds. This might 
Nitrogen Series (Lot 3 Alloys) be expected, inasmuch as the Type 3 molds had larger 
hot reservoirs than did the Type 2 molds and there- 
= fore cooled slower. The specimens which contained 
239 3 0.322 0.55 7 3.22 pct Mn had a somewhat finer grain size than 
238 3 0.331 0.55 7 did the others. This was the only heat in which com- 
ad . 0.282 0.70 12 position was found to influence the grain size mark- 
Manganese Series edly. In all other instances, variations in grain size 
were related to mold design and not to differences 
in composition or melting stock. 
214 2 0.029 1.00 17 Hardness Tests—In conjunction with the study of 
bay 6 microstructure, Knoop microhardness measure- 
230 3 0.022 1158 ; ments were made to determine whether variations 
231 3 0.024 3.22 27, 21, 25, 20 in nitrogen or manganese content, in the range 


‘ oo 1—Reduced section 0.20 in. in diam as cast; specimen diam 
18 in. 
‘ ao 2— Reduced section 0.285 in. in diam as cast; specimen diam 
in. 
Mold 3— Same as Mold 2 except that there were larger reservoirs of 

hot metal to provide better feeding of the casting. 

bReduced sections of specimens from Heat 191 were 0.20 in. in diam 
as cast. However, no significant change in grain count resulted from 
this difference in cooling rate. 

©Mold temperature was low (only 1825°F). 
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studied, had an influence on the hardness of the 
as-cast solid-solution matrix. Since measurements 
could not be made on the bars themselves, material 
from the castings adjacent to the coupon was used. 
Table III lists the hardness data for various heats 
made from Lot 2 melting stock. The individual 
hardness values show considerable scatter, but this 
would be expected in a cored matrix structure. 
However, the average hardness values show certain 
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Note: Reduced section of specimens 
from Heat 191 was 0.'8-inch 

» diometer, all others were 

0.250 inch. 


Fig. 3—Effect of nitrogen content upon 
® 1500°F stress-rupture properties of X-40 
alloy made from Lot 2 melting stock. 


Poured at 2850°F into molds preheated to 
1900°F. 


4 € 20 
Time to Rupture, hours 
trends. The low-nitrogen, low-manganese material 
had an average matrix hardness of 161 Knoop. In- 
creasing the nitrogen content to only 0.040 pct in- 
creased the hardness to 175 Knoop, but further in- 
“ crease in nitrogen up to 0.250 pct did not affect the 
hardness further. The reason for the low hardness 
of the material with 0.130 pct N has not been estab- 
lished. Whereas nitrogen additions increased the 
hardness of the solid solution, manganese additions 
in the order of 1.6 to 3.2 pct lowered the hardness 
to about 140 Knoop. 

Stress-Rupture Tests—All of the stress-rupture 
tests were performed at 1500°F. The specimens 
were held in the fixture 21 hr at temperature prior 
to loading. Most of the compositions were evalu- 
ated at three or more stresses. 

Effect of Variations in Nitrogen—Data from the 
stress-rupture tests on the two series of alloys 
with variations in nitrogen content are contained 
in Tables IV and V. These data were used to plot 
curves of stress vs rupture time (see Figs. 3 and 4) 


400 
a-24320 


and stress vs minimum creep rate for the two 
series of alloys. 

The 100-hr rupture stresses were determined 
from the stress-rupture curves (Figs. 3 and 4), and 
are plotted as a function of nitrogen content in 
Fig. 5. The curve for the Lot 2 alloys in Fig. 5 
shows that the material of lowest nitrogen content 
(0.01 pct) had a 100-hr rupture strength of 28,200 
psi. Increasing the nitrogen reduced the 100-hr 
rupture strength until at nitrogen contents in the 
range of about 0.09 to 0.15 pct a minimum rupture 
strength of about 25,600 psi was reached. Further 
increases in nitrogen increased the rupture 
strength, with the highest strength (29,100 psi) 
being obtained with the highest nitrogen content 
(0.250 pct). 

Relatively few data were obtained from the alloys 
made from Lot 3 melting stock, since three alloys 
in this series had about the same nitrogen contents. 
However, the data suggest a curve similar to that 
obtained for the alloys made from Lot 2 melting 
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Bae Va Fig. 4—Effect of nitrogen content upon 
8 NS "i 1500°F stress-rupture properties of X-40 
“4.23, 2 alloy made from Lot 3 melting stock. 
Poured at 2850°F into molds preheated to 
30 1900°F. 
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Table Ill. Matrix Hardness of As-Cast X-40 Alloy with Various Nitrogen and Manganese Contents, Lot 2 Melting Stock 


Average Knoop 


Heat No. Nitrogen, Pct Manganese, Pct Carbon, Pct Knoop Microhardness Values Hardness 
Nitrogen Series 
229 0.024 0.58 0.49 166, 158, 162, 158, 162 161 
233 0.040 1.05 0.50 182, 171, 167, 173, 180 175 
234 0.058 0.73 0.49 176, 176, 180, 171, 171 175 
226 0.130 0.83 0.43 152, 143, 149, 145, 153 148 
232 0.250 0.88 0.47 173, 184, 169, 178, 175 176 
Manganese Series 
229 0.024 0.58 0.49 166, 158, 162, 158, 162 161 
233 0.040 1.05 0.50 182, 171, 167, 173, 180 175 
225 0.077 1.23 0.44 167, 155, 150, 156, 164 158 
230 0.022 1.58 0.52 136, 142, 142, 140, 142 140 
231 0.024 3.22 0.48 130, 142, 152, 120, 153 139 


stock, but displaced to the right. 

It is significant that in both series of alloys, the 
rupture strength decreased with increasing nitrogen 
content until sufficient nitrogen was present to pro- 
duce a lamellar, pearlitic-type structure at the 
grain boundaries in the reduced section of the test 
bars. Further increases in nitrogen content (which 
produced more of the pearlitic structure) increased 
the rupture strength. 

Except for the point at 0.077 pct N (Heat 225 with 
1.23 pct Mn), the maximum variation in manganese 
content for all of the materials used to plot the 
curves in Fig. 5 would result in a variation in rup- 
ture strength of no more than 500 psi. This is in- 
dicated by the results of the manganese study which 
will be discussed in detail later. Thus, the differ- 
ence in manganese content between the Lot 3 and 
Lot 2 alloys cannot account for the displacement of 
the two curves in Fig. 5. Consideration of the grain 
sizes observed in the various specimens shows that 
the grain size is not influenced appreciably by vari- 
ations in nitrogen content. Also, the data indicate 
that the difference in properties between the speci- 
mens made from Lots 2 and 3 melting stock is not a 
result of differences in grain size. 

It is possible that the difference in response to 
variations in nitrogen content exhibited by these 
two series of alloys was the result of differences 
in the amount of some trace element (normally not 
controlled) in the two lots of melting stock. This 
element apparently has a low vapor pressure, since 
it was not removed (or brought to a constant level) 
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Lot2 | 
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S Solid symbols denote values obtained 
8 29 from 2- point rupture curves. 
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Fig. 5—Effect of nitrogen content upon rupture strength of 
X-40 alloy made from 2 lots of melting stock. Poured at 
2850°F into molds preheated to 1900°F. 
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by vacuum melting. The exact mechanism by which 
this element influences the response to changes in 
nitrogen content is not known, but apparently there 
is some sort of interaction that changes the amount 
of nitrogen available in solution or for forming com- 
pounds. This behavior is suggested since, as will 
be discussed later, different amounts of nitrogen 
were. required to produce the first visible evidence 
of a lamellar, pearlitic-type structure in the two 
series of alloys. 

Tantalum, zirconium, vanadium, and titanium are 
elements with low vapor pressures at 2850°F which 
also are strong nitride formers. All but titanium 
have vapor pressures below that of cobalt, and ti- 
tanium has a vapor pressure not much greater than 
that of cobalt and less than that of nickel or iron. 
Aluminum, which also is a strong nitride former, 
has a higher vapor pressure than the four elements 
listed above; it is greater than that of chromium 
and about the same as that of manganese. Less 
strong nitride formers include silicon and boron 
which have vapor pressures between those of iron 
and chromium at the 2850°F melting temperature 
used in this investigation. Boron and aluminum 
would have been oxidized in air melting of the mas- 
ter heats and probably were not entirely reduced in 
subsequent vacuum melting. Recent work has shown 
that boron and zirconium present as impurities in 
the crucibles used for melting are readily picked up 
during vacuum melting of high-temperature alloys, 
and various investigators have shown that mere 
traces of these two elements are beneficial to ele- 
vated-temperature properties of cobalt-base alloys. 
It is likely that boron, zirconium, aluminum, or 
titanium could be present in the master heats in 
trace amounts, and since they are not controlled 
in this alloy, the amount present might vary from 
one master heat to another. Any one of the four 
could react with nitrogen. 

The time-deformation curves for the individual 
test bars are not included in this paper. However, 
a study of the curves for a representative group of 
bars showed that their shapes were all similar. 
Also, when the representative bars were arranged 
according to the stresses to produce 1, 2, and 5 pct 
deformation in 1 and 10 hr, they were in the same 
order as when arranged according to their 100-hr 
rupture strengths. When the minimum creep rates 
observed for the various specimens in the two ni- 
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Table IV. Stress-Rupture Results for 1500°F Tests on X-40 Alloy with Various Nitrogen Contents, Made from Lot 2 Melting Stock 


Rupture Reduction in Minimum Creep Rate, 
Heat No. Nitrogen, Pct Stress, Psi Time, ® Hr Elongation, Pct Area, Pct Pct per Hr 
191° 0.010 35,000 6.9 15.8 47.6 1.57 
32,000 27.6 19.4 52.0 0.36 
29,000 67.3 14.2 29.3 0. 136 
214 0.029 35,000 5.3 21.4 38.7 2.10 
32,000 21.6 25.2 37.1 0.58 
28,000 51.2 22.2 40.0 0.16 
233 0.040 35,000 6.8 25.5 52.5 1.75 
32,000 23.1 23.0 45.5 0.57 
28,000 98.6 23.1 28.2 0.12 
215 0.049 33,500 9.2 27.8 58.7 1.22 
28,000 74.4 16.6 31.1 0.13 
216 0.056 33,500 11.2 19.2 46.1 0.81 
28,000 93.8 17.5 45.7 0.08 
225 0.077 35,000 4.3 10.8 22.3 1.68 
32,000 17.0 17.5 41.7 0.43 
28,000 67.3 26.3 37.5 0.19 
217 0.092 33,500 4.8 10.7 23.0 1.55 
28,000 38.5 11.4 24.9 0.20 
226 0.130 35,000 6.1 21.7 28.6 2.00 
32,000 15.3 28.1 38.8 0.77 
28,000 49.6 16.9 24.2 0.15 
218 0.196 33,500 12.3 16.8 36.5 0.86 
28,000 69.0 17.1 28.3 1.68 
232 0.250 36,000 9.5 18.9 37.1 1.01 | 
35,000 17.2 18.1 32.6 0.60 ; 
32,000 24.3 21.6 29.5 0.51 
28,000 219.7 11.2 20.6 0.024 
*Heid 21 hr at temperature before loading. 
bReduced section for specimens from Heat 191 was 0.18 in. in diam; all others were 0.250 in. ; 
trogen series of melts were plotted against stress For this given minimum creep rate with the Lot 2 ‘ 
on logarithmic coordinates, straight lines were ob- materials, the stress at first decreased with in- I 
tained for the various materials. A plot of the creasing nitrogen content, passed through a mini- ; 
stress to produce a minimum creep rate of 0.1 pct mum at about 0.09 pct N, and then rose to its t 
per hr as a function of nitrogen content, derived highest value at the highest nitrogen content in the t 
from these minimum-creep-rate curves, is shown series. The data for the Lot 3 materials appear to 
in Fig. 6. It is quite similar to the plot of 100-hr fit a similar curve which is displaced downward and : 


rupture strength vs nitrogen content shown in Fig.5. __to the right from the curve for Lot 2 materials, just 


Table V. Stress-Rupture Results for 1500°F Tests on X-40 Alloy with Various Nitrogen Contents, Made from Lot 3 Melting Stock 


Rupture Reduction of Minimum Creep Rate, 
Heat No. Nitrogen, Pct Stress, Psi Time,® Hr Elongation, Pct Area, Pct Pct per Hr 
235° 0.117 35,000 8.0 28.2 41.0 1.80 
32,000 17.4 17.4 41.7 0.39 
25,000 257.5 19.3 46.7 0.03 
236 0.163 35,000 5.0 18.4 39.9 2.50 
32,000 13.0 26.8 41.7 1.03 
26,500 68.2 30.8 39.9 0.20 
239 0.322 35,000 7.8 11.1 14.7 1.04 3 
32,000 34.6 25.7 54.9 0.33 
30,000 38.8 28.9 55.8 0.33 
238 0.331 35,000 13.4 41.3 42.0 0.77 
32,000 22.0 33.6 55.3 0.64 
28,500 85.9 25.2 50.0 0.135 
237 0.332 35,000 10.3 23.0 26.9 0.90 
32,000 21.4 16.0 44.6 0.56 
26,000 319.3 11.1 24.8 0.02 


*Held 21 hr at temperature before loading. 
>Mold temperature for Heat 235 was only 1825°F instead of 1900°F as used for the others. 
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Fig. 6—Effect of nitrogen on the stress for a minimum 
creep rate of 0.1 pct per hr in X-40 alloy at 1500°F. 


as was the rupture-strength curve in Fig. 5. 

Since the high-nitrogen materials had high rupture 
strengths and low minimum creep rates, the effect 
of nitrogen on the ductility is of interest. Table VI 
summarizes the elongation data, with the complete 
data appearing in Tables IV and V. The data in 
Table VI show that the high nitrogen contents did 
not have a harmful effect on elongation at rupture, 
even though the high nitrogen contents increased the 
rupture strength at 1500°F. The lowest elongations 
were associated with the specimens containing 
0.092 pct N, the material which had the lowest 100- 
hr rupture strength and the highest minimum creep 
rate. However, even these elongations averaged 
11 pct for the three specimens. 

Effect of Variations in Manganese—Data from the 
stress-rupture tests on the series of alloys with 
variations in manganese content are contained in 
Table VII. The manganese contents of these seven 
alloys ranged from 0.58 to 3.22 pct. Two heats with 
nitrogen contents higher than the residual amount 
were included in this series. Nitrogen was added 
to Heat 233, and analysis showed the nitrogen con- 
tent of the castings to be 0.040 pct. Although no 
nitrogen was intentionally added to Heat 225, high 
pressures during meltdown and during the carbon 
boil apparently prevented removal of much of the 


Table Vi. Average Elongations during Creep-Rupture Tests at 1500° Fo 


Average 
Heat No. Nitrogen, Pct Manganese, Pct Elongation, Pct 
Nitrogen Series (Lot 2 Alloys) 
191 0.010 
214 0.029 
233 0.040 - 
215 0.049 - 
216 0.056 = 
225 0.077 
217 0.092 ~ 
226 0.130 ~ 
218 0.196 
232 0.250 
Nitrogen Series (Lot 3 Alloys) 
235 0.117 - 
236 0.163 
239 0.322 
238 0.331 ~ 
237 0.332 - 
Manganese Series (Lot 2, low nitrogen) 
229 = 0.58 
191 - 0.85 
214 1.00 
233 1.05 
225 ~ 1.23 
230 1.58 
231 3.22 


“Average elongation at rupture for all the specimens tested from 
each heat. 


nitrogen during vacuum melting, and this heat 
analyzed 0.077 pct N. 

The stress-rupture data were used to plot stress- 
rupture curves, shown in Fig. 7, and the stresses 
for rupture in 100 hr were taken from these curves. 
Fig. 8 shows the 100-hr rupture strength at 1500°F 
plotted as a function of manganese content. Increas- 
ing the manganese from 0.58 to 1.58 pct lowered the 
rupture strength 2500 psi, with the sharpest drop 
coming between 1.00 and 1.58 pct Mn. A further 
increase in manganese content to 3.22 pct had little 
additional effect, the rupture strength being about 
the same as that of the material with 1.58 pct Mn. 


38 T T T 
Symbol Heat Mn N c 
2 058 0024 049 
e191 085 0010 049 
214 100 0029 
36 4 233 105 0040 050 
225 123 0077# 0.44 
230 158 0022 052 
a 231 322 0024 048 
we * Since no added, 
approximotely wos ex- 
pected 
Fig. 7—Effect of manganese content on “Bae 
1500°F stress-rupture properties of X-40 WN 
alloy. Lot 2 melting stock poured at 2 Pa 
2850°F into molds preheated to 1900°F. 
a” 
28 
Note: Reduced section for bors from 
Heat 191 was 0.18-inch diameter; 100 
2s all others were 0.250 inch. NS ——~1.23 
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Table VII. Stress-Rupture Properties at 1500°F for X-40 Alloy with Various Manganese Contents, Made from Lot 2 Melting Stock 


Rupture Reduction in Minimum Creep Rate, 
Heat No. Manganese, Pct Nitrogen, Pct Stress, Psi Time, *® Hr Elongation, Pct Area, Pct Pct per Hr 

229 0.58 0.024 35,000 5.9 29.9 Si3 2.25 
32,000 26.8 18.9 27.2 0.56 
28,000 118.3 30.5 57.7 0.10 
191 0.85 0.010 35,000 6.9 15.8 47.6 -a7 
32,000 27.6 19.4 52.0 0.36 

29,000 67.3 14.2 29.3 0. 136 
214 1.00 0.029 35,000 a 21.4 38.7 2.10 
32,000 21.6 25.2 Ky fe | 0.58 
28,000 $1.2 22.2 40.0 0.16 
233 1.05 0.040° 35,000 6.8 25.5 52.5 1.75 
32,000 23.1 23.0 45.5 0.57 
,000 98.6 23.1 28.2 0.12 
225 1.23 0.077 35,000 4.3 10.8 22.3 1.68 
32,000 17.0 17.5 41.7 0.43 
28,000 67.3 26.3 37.5 0.19 
230 1.58 0.022 35,000 $.7 17.9 41.1 1.80 
34,000 aoe 28.8 43.1 2.90 
32,000 10.4 29.3 59.2 1.18 
28,000 46.3 28.6 47.1 0.31 
231 3.22 0.024 35,000 5.0 21:7 36.5 2.75 
32,000 42.1 22.3 44.7 0.83 
30,000 24.6 18.7 37.6 0.42 
28,000 54.6 17.5 36.3 0.21 


®Held 21 hr at temperature before loading. 
bNitrogen added. 


ence on the high-temperature properties of X-40 al- 
loy. Specimens with a nitrogen content of 0.010 pct 
(the lowest nigrogen content studied) had a 100-hr 
rupture strength at 1500°F of about 28,200 psi. 
Increasing the nitrogen content reduced the rupture 
strength until a minimum value of 25,600 psi was 
obtained with nitrogen contents in the range of 

about 0.09 to 0.15 pct. Further increases in nitro- 
gen progressively increased the rupture strength, 
and with 0.250 pct N, the rupture strength was 


Thus, the material with the lowest manganese con- 
tent had the highest rupture strength. 

Curves of stress vs minimum creep rate were 
plotted from the data in Table VII, and the stresses 
to produce a minimum creep rate of 0.1 pct per hr 
at 1500°F were taken from these curves. The re- 
sulting values are plotted as a function of manga- 
nese content in Fig. 9. This curve shows that the 
low-manganese specimens also exhibited the lowest 
minimum creep rate for a given stress, or could 


sustain the highest stress for a minimuni creep 
rate of 0.1 pct per hr. Changes in the manganese 
content had no significant effect on the shape of the 
time-deformation curve for this alloy. 


SUMMARY 


The results of this investigation have shown that 
variations in nitrogen content have a marked influ- 


29,100 psi. In another series of melts made from 
a different lot of melting stock, the curve relating 
rupture strength to nitrogen content was similar 
but was shifted to the right; that is, the minimum 
strength occurred with about 0.13 to 0.20 pct N 
content, but the strongest material was still that 
with the highest (0.33 pct) N. For both series, the 
stress required to yield a given minimum creep 
rate followed a similar behavior pattern with 
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Note: Solid symbol denotes value 
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Fig. 9—Effect of manganese on the stress for a minimum 
creep rate of 0.1 pct per hr in X-40 alloy at 1500°F. Ap- 
proximately 0.025 pct N. 


Fig. 8—Effect of manganese content upon rupture strength 
of X-40 alloy with approximately 0.025 pct N. Lot 2 poured 
at 2850°F into molds preheated to 1900°F. 
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changes in nitrogen content. Even though the high- 
est nitrogen content yielded the strongest material, 
it had no great effect on the ductility at 1500°F. 

Small amounts of a lamellar, pearlitic-type 
structure, which was located at isolated spots along 
the grain boundaries, were observed in specimens 
with the higher nitrogen contents. The amount of 
nitrogen required to produce the first traces of the 
pearlitic structure was different for the alloys made 
from the two different lots of melting stock. How- 
ever, in both series of alloys, the amount of pearlite 
present increased with increasing nitrogen content, 
and more was found in the heavier sections than was 
found in the lighter reduced sections of the castings. 
It is significant that, in either of the series of alloys 
with variations in nitrogen content, increasing the 
nitrogen reduced the rupture strength until enough 
nitrogen was present to produce a small amount of 
the pearlitic structure in the reduced section of the 
test bars. Further increases in nitrogen, which in- 
creased the amount of pearlite present, also in- 
creased the rupture strength. However, the pearl- 
itic structure apparently had no harmful effect on 
ductility. 

The property curves for the two series of alloys 
described above were parallel, but the minimums 
occurred at different nitrogen contents. This be- 
havior suggests that some trace element or ele- 
ments, normally not under control and not removed 
by vacuum melting, has a strong effect on the re- 
lationship between nitrogen content and the proper- 
ties of X-40 alloy. Apparently, the amount of this 
element present varies from lot to lot of melting 
stock, and causes a marked change in properties 
through some sort of interaction with nitrogen. 
Additional work should be done to define this ele- 
ment (or elements) and to establish the optimum 
amount for X-40 alloy. When this has been done, 
it will be possible to designate also the optimum 
nitrogen content. 


The lowest manganese content resulted in the 
highest rupture strength. Also, the low-manganese 
material exhibited the lowest minimum creep rate 
for a given stress. Increasing the manganese con- 
tent from 0.58 to 1.58 pct lowered the 100-hr rup- 
ture strength at 1500°F by 2500 psi. The sharpest 
drop occurred with manganese contents ranging 
from 1.00 to 1.58 pct. A further increase in man- 
ganese up to 3.22 pct did not lower the rupture 
strength further. The only observed effect of man- 
ganese additions upon the microstructure was that 
the material with the largest addition (3.22 pct) had 
a slightly finer grain size than did materials with 
lower manganese contents. 

The shapes of the time-deformation curves for 
the various test specimens were similar regardless 
of the nitrogen or manganese contents of the ma- 
terial. A study of the time-deformation data for 15 
specimens representing 5 different compositions in 
the nitrogen and manganese series indicated that the 
stresses to produce 1, 2, and 5 pct deformation in 1 
and 10 hr were in the same relative order as their 
100-hr rupture strengths. 
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Internal Oxidation of Copper-Aluminum Alloys 


This investigation was concerned with the aluminum -oxide 
particle dispersions, the mechanical properties, and the re- 
crystallization characteristics of some internally oxidized 
copper-aluminum alloys. Observed hardness variations are in 
agreement with variations in oxide particle size revealed by 
electron metallographic studies. The increase in yield strength 
caused by internal oxidation is quite sensitive to matrix grain 
size and is accompanied by a loss of ductility, particularly at 
higher temperatures. Elevated temperature ductility is con- 
siderably improved if major grain reorientation is accom- 
plished by recrystallization prior to testing. The oxide par- 


ticles offer a considerable restraint to softening during anneal- 


ing after cold deformation. 
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Tue diffusion of oxygen under appropriate condi- 
tions into a suitable alloy causes solute oxide par- 
ticles to be precipitated at an inward moving inter- 
face.’’* Previous work has shown that the hardness 
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of dilute copper-aluminum alloys can be increased 
considerably by internal oxidation with resulting 
electrical conductivities comparable to that of pure 
copper.® This investigation was concerned with the 
oxide particle dispersions, the mechanical proper- 
ties, and the recrystallization characteristics of in- 
ternally oxidized copper-aluminum alloys. 


EXPERIMENTAL PROCEDURE 


The copper-aluminum alloys used in this study 
were made by adding aluminum of 99.999 pct purity 
to oxygen-free high-conductivity copper. The cast 
alloys were machined to eliminate any surface con- 
tamination and to provide a suitable shape for sub- 
sequent rolling. After hot rolling to 0.5-in. rod, the 
alloys were annealed for homogenization at 900°C in 
hydrogen for 4 hr. After homogenization a portion of 
each of the rods was cold rolled to 0.040-in. strip 
and a portion cold drawn to 0.020-in.-diam wire. 

In order to accomplish the internal oxidation with- 
out the formation of an external scale of cuprous 
oxide, the alloys were annealed in a cuprous oxide- 
copper pack, after Rhines.* Specimens were ar- 
ranged in a copper boat and separated from the 
cuprous oxide-copper mixture by layers of alumina 
powder. An air-tight chamber was provided for the 
boat by placing it in a copper tube whose ends were 
threaded to receive stainless steel caps. The sealed 
copper tube containing the specimen boat was placed 
in a quartz tube designed to permit a flow of nitrogen 
around the tube during thermal treatment. 


OXIDE PARTICLE SIZES 


According to Rhines, the size of the oxide particles 
which are produced by internal oxidation depends 
upon the chemical nature and concentration of the 
solute element and upon the temperature of oxidation. 
Rhines observed that high oxidation temperatures 
and high concentrations of the alloying element pro- 
moted large particle size. Smith and Austin‘ in their 
work concluded that particle sizes exist over a range 
but that the extremes of sizes are the same for all 


(a) 
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temperatures of oxidation. No quantitative study, 
however, has been made of the relation of oxide par- 
ticle size to alloy and process variables. 

The oxide particle radius in a specimen can be 
calculated from a measurement of the average num- 
ber of particles per unit area. The relation derived 
by Fullman’ for randomly distributed uniform spher- 
ical particles is: 


3 
[1] 
where , is the radius of the particles, f is the vol- 
ume fraction of oxide and N, is the average number 
of particles per unit area. 

Electron micrographs of chromium shadowed 
collodion replicas taken at various distances from 
the surface in an internally oxidized copper plus 
0.22 pct Al strip are shown in Fig. 1. Fig. 2 shows 
that the particle size at a given distance from the 
surface is smaller the lower the oxidation tempera- 
ture. Electron micrographs taken at approximately 
equal depths in internally oxidized strips of different 
initial aluminum contents are shown in Fig. 3. From 
the measured number of particles per unit area and 
the volume fraction of oxide computed from analyzed 
aluminum content, the oxide particle sizes were cal- 
culated at various distances from the surface in dif- 
ferent alloys. These values are plotted in Fig. 4. 
The oxide particle size increases with increasing 
distance from the surface, and, at any given distance, 
is larger the higher the aluminum content of the 


alloy. 


MECHANICAL PROPERTIES 


There is, therefore, a considerable variation in 
particle size within an internally oxidized specimen. 
If the extent of particle hardening is a function of the 
distance between particles® and thus of the particle 
size in a given specimen, it might be expected that 
the mechanical properties would vary from the outer 
surface to the limit of internal penetration of the 
process. 


T= 


Fig. 1—Electron micrographs taken at 
various distances from the surface in 

Cu +0.22 pct Al strip internally oxidized 
at 1000°C at 0.040 in. and then rolled to 
0.020 in. (a) 0.001 in.; (b) 0.003 in.; (c) 
0.009 in. X30,000. Reduced approximately 
40 pet reproduction. 
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Fig. 2—Electron micrographs taken at a depth of approxi- 
mately 0.001 in. in Cu +0.22 pct Al strips internally oxi- 
dized at (a) 800°C; (b) 1000°C. X30,000. Reduced approxi- 
mately 44 pct for reproduction. 


Hardness traverses were made across internally 
oxidized strips, and Vickers hardness numbers were 
calculated from indentation measurements on en- 
larged photographs. A plot of these hardness num- 
bers as a function of the distance from the surface, 
Fig. 5, shows that the hardness of the subscale de- 
creases with increasing distance from the external 
surface. 

This observation suggests that wires internally 
oxidized at different diameters might exhibit differ- 
ent yield strengths. Wires, cold drawn greater than 
98 pct reduction in area to diameters ranging from 
3 mils to 20 mils, were annealed in argon at 1000°C 
for 1 hr and then internally oxidized at 1000°C. A 
comparison, Fig. 6, of the yield strengths of the 
annealed wires with the yield strengths after internal 
oxidation shows that although the internally oxidized 
wires are stronger than the corresponding annealed 
wires, variation in diameter has little effect on the 
yield strength. If, however, the wires are internally 
oxidized from the as-drawn condition there is a 
considerable increase in yield strength with decreas- 
ing diameter. These observations suggest that the 
rate of internal oxidation and the nature of the pre- 


Fig. 3—Electron micrographs taken at a 
depth of approximately 0.0015 in. in (a) 
0.22 pet Al; (b) 0.44 pct Al; (c) 0.84 pet 
Al strips internally oxidized at 0.040 in. 
and rolled to 0.020 in. X30,000. Reduced 
approximately 40 pct for reproduction. 
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Fig. 4—Oxide particle diameter as a function of distance 
from the surface in copper-aluminum alloys internally 
oxidized at 1000°C at 0.040 in. and rolled to 0.020 in. 


cipitated oxides might be affected by annealing prior 
to oxidation. 

In order to determine the effect of the preliminary 
anneal on the oxide precipitation process, specimens 
which had been cold rolled 95 pct to a thickness of 40 
mils were internally oxidized either with or without 
preliminary annealing at 1000°C. The depth of pene- 
tration, and thus the rate of internal oxidation, as 
well as the hardness was the same in both sets of 
specimens. An obvious difference in the differently 
treated specimens was the larger matrix grain size 
of the sample which had been annealed prior to in- 
ternal oxidation. It seems then that the difference in 
strength of the previously tested wires is not due to 
a difference in the nature of the precipitated oxides, 
but may be a result of differences in matrix grain 
size. 

In a study of the factors that determine the matrix 
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DISTANCE FROM EDGE - MILS 
Fig. 5—Hardness as a function of distance from the surface 


in copper-aluminum alloys internally oxidized either at 
800° or 1000°C. 


grain size in these specimens, it was observed that, 
after internal oxidation of an initially cold-worked 
alloy, the grain size increases from the surface 
toward the center, as is shown in Fig. 7. This con- 
sideration of grain size leads to the conclusion that, 
in the internal oxidation of wires that have not been 
previously annealed, the smaller the wire diameter 
the smaller the average matrix grain size after in- 


Fig. 7—Grain size variation across a strip of Cu +0.84 pct 
Al internally oxidized from the as-rolled condition. X100. 
Reduced approximately 16 pct for reproduction. 
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Fig. 6—Yield strength of internally oxidized copper-alum- 
inum alloys as a function of wire diameter. 


oxidized wires of various diameters, a measure was 
made of the average number of grains per square 
inch of cross section. The yield strength is higher 
the smaller the grain size, see Fig. 8. In those 
wires which received a preliminary anneal, the grain 
size is relatively coarse and as a result there is 
little difference in grain size among wires of various 
diameters. 

The variations in matrix grain size shown in Fig. 8 
were obtained on wires of different diameters. The 
average oxide particle size, also dependent on diam- 
eter, is therefore different for each specimen. To 
further check the apparent dependence of yield 
strength on matrix grain size, groups of 0.010-in.- 
diam wire specimens containing identical oxide par- 
ticle dispersions were processed so that the matrix 
grain size was different from group to group. Fig. 9, 
which compares the yield strengths of these wires 
with yield strengths obtained in wires of various 
diameters, shows the sensitivity of the yield strength 
to variations in matrix grain size. Examination of 
internally oxidized structures, Fig. 10, shows pre- 
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Fig. 8—Yield strength as a function of the number of 
grains per square inch of cross section in copper-alumi- 
num wires internally oxidized at different diameters at 
1000°C. 
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Fig. 9—Data from wire diameter variation, Fig. 8, with 
superimposed points showing the yield strength as a 
function of the number of grains per square inch of cross 
section for copper plus 0.22 pct Al wires internally 
oxidized at 0.010 in. at 1000°C after various preliminary 
annealing treatments. 


ferential grain boundary precipitation accompanied 
by depletion in regions adjacent to the boundaries. 

Thus, in internally oxidized specimens two sepa- 
rate strengthening factors must be considered. It 
appears that the matrix is hardened by the fine oxide 
particles and that the material is further strength- 
ened by the presence of oxides in the grain boun- 
daries. As the contribution to strengthening by grain 
boundary oxides is essentially removed, as in coarse 
grained materials, the specimen exhibits a yield 
strength that corresponds to the average particle 
hardening of the matrix. 

As the volume fraction of oxide in internally oxi- 
dized specimens increases, the yield strength in- 
creases and the ductility decreases. Fig. 11 shows 
the yield strength and ductility of wires of similar 
grain size which were internally oxidized at 1000°C. 
It might be expected, if a significant portion of the 
strengthening is due to the presence of grain boun- 
dary oxides, that the decrease in ductility might also 
be due to these grain boundary oxides. In support of 
this hypothesis, it has been shown that internally 
oxidized single crystals are quite ductile.* 

Tensile tests made at temperatures up to 500°C, 
Fig. 12, show the decrease in yield strength of vari- 
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aluminun content. 
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Fig. 10—Electron micrographs showing grain boundary 
precipitation in a copper plus 0.84 pct Al alloy internally 
oxidized at 1000°C. 


ous alloys with increasing test temperature. The 
Slopes of the curves for the internally oxidized 
copper-aluminum alloys are not appreciably differ- 
ent from that of pure copper. Fig. 13 shows the de- 
crease in ductility with increasing test temperature. 
Although the slope of the elongation-temperature 
curve is decreased with increasing aluminum con- 
tent, the elongation of all the alloys approaches zero 
at about 500°C. 

Experiments were performed on wires with suf- 
ficiently low aluminum content to permit recrystal- 
lization of the internally oxidized wires after cold 
deformation. During recrystallization the grain 
boundaries should migrate away from the location of 
the oxide particles that were originally at the grain 
boundaries. The recrystallized material, therefore, 
should not contain oxide particles at the new grain 
boundaries, and might exhibit improved high-tem- 
perature ductility. 

In these experiments, wires of copper plus 0.04 pct 
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Fig. 12—Effect of test temperature on the yield strength 
of copper-aluminum wires internally oxidized at 1000°C 
at 0.020 in. diam. 
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Fig. 13—Elongation of internally oxidized copper-aluminum 
alloys as a function of test temperature. 


Al were internally oxidized at 1000°C, cold-drawn 
75 pct reduction in area, and annealed for recrystal- 
lization either at 400° or 1000°C. Fig. 14 compares 
the ductility of the recrystallized wires to that of the 
oxidized wires. Although the recrystallized wires 
are much less ductile at room temperature than the 
as-oxidized wires, the recrystallized wires retain 
their ductility and surpass the as-oxidized material 
in this respect at about 250°C. 

Fig. 15 shows that the yield strength of the speci- 
mens recrystallized at 1000°C is lower than that of 
specimens recrystallized at 400°C. The temperature 
dependence of the yield strength is greater, however, 
for the material that was recrystallized at the lower 
temperature of 400°C. 

These observations suggest that the degree of 
grain boundary migration during annealing is an im- 
portant factor in the consideration of the recrystal- 
lized yield strength and ductility. At the lower an- 
nealing temperature, grain boundary migration may 
have been limited so that only a small portion of the 
boundaries migrated away from the oxide particles. 


RECRYSTALLIZATION CHARACTERISTICS 


It has long been recognized that the precipitated 
oxide particles retard softening of internally oxi- 
dized materials during annealing after cold deforma- 
tion.* In the present study strips were cold rolled 50 
pct and annealed for 1 hr at a series of tempera- 
tures. Fig. 16 shows that recrystallization occurred 
first in the central portion at the lower annealing 
temperatures, and with annealing at higher tempera- 
tures the width of the recrystallized zone was in- 
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Fig. 14—Effect of recrystallization on the elevated temper- 
ature ductility of internally oxidized copper plus 0.04 pct 
Al. 


creased. The width of the recrystallization zone at 
corresponding annealing temperatures appears to be 
greater in the 0.09 pct Al specimens than in the 0.22 
pet Al specimens. Annealing times in great excess of 
1 hr at any given temperature did not result in fur- 
ther widening of the recrystallized area. In both 
alloys, even after annealing at 1000°C, an outer zone 
appears microscopically to be unrecrystallized. 
X-ray studies showed that, although there was sharp- 
ening of the diffraction lines with annealing, indicat- 
ing removal of the internal stress, no major grain 
reorientation occurred in the outer zone. 

These observations indicate that if wires of small 
enough diameter are internally oxidized, it should be 
possible to obtain throughout the cross section a 
particle dispersion that would be effective in retard- 
ing recrystallization. Wires were internally oxidized 
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Fig. 15—Effect of recrystallization on the elevated tem- 
perature yield strength of internally oxidized copper plus 
0.04 pet Al. 
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Fig. 16—Copper plus 0.09 pct Al, top row, and 0,22 
pet Al, bottom row, internally oxidized at 1000°C, 
cold rolled 50 pet reduction, then annealed 1hr. at 
(a) 400°C; (b) 600°C; (c) 800°C; (d) 1000°C. X100, 
Reduced approximately 35 pct for reproduction. 


at 1000°C, cold drawn various percent reductions in 
area, and annealed for 1 hr at a series of tempera- 
tures. The resulting yield strengths, with curves for 
pure copper included for comparison, are shown in 
Fig. 17. Although the as-drawn strengths of the in- 
ternally oxidized wires are similar, the retention of 
strength on annealing is greater the greater the re- 
duction after internal oxidation. No further decrease 
in yield strength occurred upon continued annealing 
at 1000°C. Microstructures indicated that the 
copper-aluminum wires were not recrystallized. 

It is generally agreed that the process of softening 
during recovery on annealing is one in which dislo- 
cations are annihilated or rearranged into a less dis- 
rupted array.° It appears that in specimens which do 
not recrystallize, the dependency of the annealed 
yield strength on the amount of prior cold deforma- 
tion can be attributed to the increased resistance 
offered to dislocation rearrangement by the barriers 
formed during deformation. 

In order to determine the effect of aluminum con- 
centration on softening behavior, wires of various 
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Fig. 17—Yield strength of copper and of copper plus 0.22 
pet Al wires internally oxidized at 1000°C, cold drawn 
various percent reductions in area and then annealed for 
1 hr at various temperatures. 
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aluminum contents were internally oxidized, cold 
drawn 75 pct reduction in area, and annealed for 

1 hr at various temperatures. The resulting yield 
strengths are shown in Fig. 18. Microscopic exam- 
ination of the 0.09 and 0.44 pct Al wires whose yield 
strengths remained relatively high showed that they, 
like the 0.22 pct aluminum wires, were not recrys- 
tallized after any of the annealing treatments. The 
0.04 pct aluminum wires whose yield strength de- 
creased to a value ¢dlose to the yield strength of the 
as-oxidized specimen, however, were recrystallized 
after annealing at 400°C. 


SUMMARY 


It was found that the oxide particle size increases 
with increasing depth of penetration, with increasing 
aluminum content, and with increasing temperature 
of oxidation. The hardness of the subscale decreases 
with distance from the surface, as expected from the 
increase in oxide particle size. 

The yield strength of internally oxidized wires is 
not influenced appreciably by variations in size and 
distribution of the oxide particles but is dependent 
upon the matrix grain size. The increase in strength 
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Fig. 18—Yield strength of copper-aluminum wires inter- 
nally oxidized at 1000°C, cold drawn 75 pct reduction in 
area, and then annealed for 1 hr. at various temperatures. 
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General Electric Research Laboratory for his guid- 
ance in this work, and to Professor F. V. Lenel of 
Rensselaer Polytechnic Institute for his advice and 
helpful discussions. 


caused by internal oxidation is accompanied by a loss 
of ductility, particularly at higher temperatures. 
Elevated temperature ductility, however, is consider- 
ably improved if major grain reorientation is ac- 
complished by recrystallization prior to testing. 

It is possible to produce oxide dispersions in cop- 
per that will prevent recrystallization of severely 
cold-worked material on annealing at 1000°C. The 
amount of softening that occurs in such unrecrys- 
tallized specimens during annealing is a function of 
solute content and degree of prior deformation. 
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Evaporation of Silver Crystals 


The flux of evaporation J from {100}, {111}, and {110} planes 
of silver single crystals and from polycrystalline specimens was 
measured at 744°C under a high vacuum using a time average 
weight loss method. The evaporation coefficient a was computed 
from the measured flux and vapor pressure data through the re- 
lationship J = aP,/V21mkT. The evaporation coefficients for the 
close packed planes and the polycrystalline specimens were found 
to be about 0.4 providing tentative confirmation of the theoretical 
limiting law for evaporation of metal crystals, a = 7/3(P/P,) + 


The {110} planes faceted to form {111} planes, resulting in a 
greater evaporating area and larger a. The evaporation mor- 
phology of the plane surfaces and the surfaces of spherical single 


crystals is described in some detail. 


Recentiy a detailed theoretical analysis of the 
mechanism and kinetics of metal crystal evapora- 
tion was made.’»? A mechanism for vaporization 
involving the recession of monatomic ledges across 
- a metal surface was deduced, and evaporation rate 
equations were derived by considering the dynamics 
of these ledges. In most metals, the process of 
evaporation is one of dissociation of atoms from 
ledges, surface diffusion, and desorption. The gross 
vaporization rate is controlled by the surface dif- 
fusion and desorption rates. It was shown that the 
monatomic ledges, under the action of surface dif- 
fusion gradients, tend to assume a terminal velocity 
and spacing. Further, it was shown that crystal 
edges and grain boundaries are a ready source for 
monatomic ledges. 

In the case of evaporation of large, perfect crys- 
tals with clean, low-index surfaces, the kinetic 
treatment’ leads to a limiting law for crystal 
evaporation: 


1] 
mkT 
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where J is the gross flux of vaporization, a is the 
evaporation coefficient, P, the equilibrium vapor 
pressure, m the atomic mass, k Boltzmann’s con- 
stant, T the absolute temperature, and P the actual 
pressure of vapor over the crystal surface. 
Imperfections such as grain boundaries, pores, 
cracks, and macroscopic steps should have the ef- 
fect of causing positive departures from this limit- 
ing law. Such an imperfection is a source for 
monatomic ledges, which, near their origin, are 
closely spaced and thus give rise to higher evapora- 
tion rates there. However, under many experi- 
mental conditions,’ this effect should be negligible 
due to the relatively low concentration of imper- 
fections. In general, a more important cause of 
positive departure should be screw dislocations, 
and the effect of these has been considered in some 
detail.”* Monatomic ledges emanate from points 
where the surface is intersected by a dislocation 
with a screw component normal to the surface. The 
dynamics of ledges arising from a screw disloca- 
tion are similar to those of ledges arising from a 
crystal edge. There is a perturbed region near the 
origin where the monatomic ledges are, under cer- 
tain experimental conditions, closely spaced and the 
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evaporation rate accordingly high. The area and 
ledge spacing in this region have been estimated, 
and from these quantities the departure from the 
limiting law due to the presence of a given concen- 
tration of screw dislocations may be calculated. 
Stated qualitatively, the results show that large 
under-saturations, low temperatures, and high con- 
centrations of screw dislocations tend to produce 
positive departures from the limiting law. However, 
there are many experimental situations where the 
limiting relation should apply within the error of 
measurement. 

Probably the best values of a, the vaporization 
coefficient in Eq. [2], are for P = 0 and were ob- 
tained by comparing the results of Knudsen* and 
Langmuir® measurements of vapor pressure, 
i.€., = P.(Langmuir)/P,(Knudsen). Although 
values of a less than or equal to unity have been 
reported in the literature (c.f. results for copper 
and silver),°~’* the free evaporation specimens 
were in general polycrystalline and contained high 
index planes and unknown concentrations of surface 
imperfections. All of these factors should cause a 
in Eq. [2] to deviate from 7/3 toward unity. Also, 
the possibility of adsorbed impurities or surface 
oxide films being present is not always considered. 
In view of these various factors and the experi- 
mental errors, it was thought that the values in the 
literature did not provide a valid test of Eq. [2]. 

In view of the numerous predictions made in the 
theoretical treatment it was felt that an experiment 
of a general survey nature would be the most fruit- 
ful approach to provide verification for the theory 
and to yield a foundation for further, more de- 
tailed research projects. Accordingly, an experi- 
ment was undertaken with pure silver in which the 
variables grain size, crystal perfection, single- 
crystal orientation, pressure (zero), and tempera- 
ture were all known or controlled, permitting 
significant measurement of evaporation rate and 
study of the resulting surface morphology. Specif- 
ically, the purpose of this work was to 1) detect 
evaporation ledge sources such as crystal edges, 


grain boundaries, dislocations, and so forth; 2) to 
note the extent of the effect of dislocations on sur- 
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Fig. 1—Schematic diagram of evaporation apparatus. 
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face morphology, evidenced as pits or spirals; 
and 3) to measure evaporation rates from various 
single crystal surfaces and from polycrystalline 
specimens in order to check the validity of the 
proposed limiting law. 


EQUIPMENT AND TECHNIQUES 


A) Apparatus—In the usual Langmuir evaporation 
experiment,® in which a wire specimen is heated in 
vacuum, there is no exact control of specimen shape 
and orientation as was desired in this experiment. 
Therefore, the apparatus depicted in Figs. 1 and 2 
was designed. The 1-cm-diam cylindrical silver 
specimens (K, Fig. 2) were seated, such that only 
one circular surface was exposed, in a graphite 
specimen holder (J). The graphite holder was in- 
serted to act as a damper for fluctuations in tem- 
perature arising due to gradients in the lower 
conductivity recrystallized alumina tube (G). Tem- 
perature was controlled by a C.J. Tagliabue Con- 
troller which sensed the temperature by means of 
a chromel-alumel thermocouple (D) and controlled 
the current to the leads (E) by an on-off mercury 
relay connected in parallel with a shunt resistance. 
Power was supplied by two power-stats connected 
to the output of a constant voltage transformer. The 
heating elements were 15-mil tungsten wire wound 
at 20 turns per in. on an 18-mm alumina tube and 
encased in recrystallized alumina cement. Due to 
the small dimensions of the furnace, noninductive 
winding was not utilized. However, the attendant 
difficulty in temperature measurement was ob- 
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Fig. 2—Detailed schematic diagram of specimen holder 
and furnace. 
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viated by calibration. 

Dynamic vacua were used in the course of the 
experiments. At room temperature the pressure 
obtained was 0.5 to 1.2 x 10°’ mm Hg. After out- 
gassing the furnace for 24 hr at 400°C, the pres- 
sure obtained at testing temperatures of 600°, 700°, 
750°, and 850°C was 0.5 to 40.0 x 107° mm Hg. 

In a given experiment, a polished specimen was 
degreased, weighed, inspected metallographically, 
and placed in the specimen holder. The apparatus 
then was sealed (C, Fig. 1) and evacuated. After 
outgassing the specimen for 24 hr at 400°C, the 
specimen was heated rapidly to temperature, 
evaporated for a measured time interval, and 
cooled. The specimen then was removed from the 
apparatus, degreased, weighed to provide data to 


determine the average evaporation rate, and in- 
spected metallographically to determine the final 
morphology of the evaporated surface. During 
evaporation a continuous rate measurement was 
conducted by observing the weight gain of a 3-cm- 
diam silver target (F, Fig. 1) attached to a cali- 
brated Nispan ‘‘C’’ microspring. The deflection of 
the microspring was measured by means of a 
Gaertner cathetometer. The continuous rate meas- 
surements were used only to check the constancy of 
evaporation rate with time. 

B) Specimen Selection and Preparation—Silver 


was selected for this work for the following reasons: 


a) silver evaporates essentially monatomically from 
the solid state, although the liquid may evaporate 
with ~ 0.1 pct dimer,’* b) silver was obtainable in 

a highly pure form, c) single crystals of silver were 
‘available, d) silver has a high conductivity and low 
emissivity, permitting maintenance of a uniform 
specimen temperature, e) silver has a relatively 
high vapor pressure, f) silver oxide has a high dis- 
sociation pressure, and adsorption of oxygen is not 
appreciable under the present experimental condi- 
tions, and g) silver would not diffuse significantly 
into the graphite specimen holder. 

Oriented silver single-crystal spheres and cyl- 
inders of 99.99 pct purity were obtained from the 
Virginia Institute of Scientific Research. Poly- 
crystalline specimens were prepared from granu- 
lated silver of 99.99 pct purity obtained from the 
Vernon-Benshoff Co. 

The oriented single crystals were tested for 
orientation and degree of perfection by X-ray 
techniques,** examined microscopically, and 
evaporated as received. Approximate orienta- 
tions could be determined from light reflections 
from close-packed plane poles. Polycrystalline 
specimens were machined to size, successively 
polished to a final polish with 0.5-y, diamond paste, 
annealed in argon for 1 hr at 800°C to stabilize the 
grain size, examined microscopically, and evap- 
orated. All specimens were degreased in acetone 
prior to weighing or examination. 

C) Determination of Evaporation Rates and the 
Coefficient a—The average evaporation flux was 
obtained by dividing the total weight loss of the 
specimen by the evaporating area and the elapsed 


time. The experimental value of a was determined 
by substituting this measured flux into Eq. [1]. The 
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continuous rate which was used only to check con- 

stancy of evaporation rate, was computed from the 

deflection of the silver target as a function of time. 

The relation between the flux from the specimen 

and the impingement on the target is identical with 

that presented by McAdams’® for radiant heat flow. 
D) Error in Resultant Value of a 

1) Miscellaneous—Errors in time measure- 
ment arising from finite heating and cooling rates 
amounted to 0.5 pct at 843°C and were negligible at 
744°C. The area of the specimen was measured to 
within 0.4 pct. Weight losses were accurate to 
+0.0001 g leading to an error varying from 1 to 
10 pet. 

2) Temperature—The controller maintained 
the temperature to + 1°C during experiment. Over 
the entire period of experimentation, the drift of 
the calibrated thermocouple was less than 1°C. 
The difference between the temperature read by 
the thermocouple and the actual temperature of 
the specimen surface was undetectable, as de- 
termined by measuring the melting point’® of potas- 
sium chloride crystals placed on the specimen 
surface under an argon atmosphere. Error in 
temperature is estimated to be +1.5°C in repro- 
ducibility, +3°C in absolute value. 

3) Reevaporation of Condensed Silver—The 
temperature of the target and of the walls of the 
furnace enclosure, both sites where silver con- 
densed, did not exceed 200°C. The condensation 
coefficient of silver impinging on silver has been 
measured as unity at this temperature.’” Ac- 
cordingly, the return flux of silver atoms to the 
evaporating surface was negligible. 

4) Contamination of Specimen Surface —The 
work of Smeltzer et al.,** indicates that silver is 
almost completely free of adsorbed oxygen or other 
gases at the temperatures and pressures used in 
this work. Smeltzer’s results indicate that gas 
contamination of the surface is = 0.01 monolayer. 

Soluble impurities are thought to have a 
negligible accumulation on the surface during 
evaporations. Stable compound inclusions may 
accumulate; this possibility is receiving further 
attention.’® 

5) Linearity of Evaporation Rate—The pres- 
sure during the first hour of the experiments 
dropped from ~ 4 x 107* to ~ 5 x 107° mm of mer- 
cury, causing a large uncertainty in the continuous 
rate measurement in the first hour. After the first 
hour, the continuous measurement indicated that the 
evaporation was linear with time; this linearity 
was confirmed by the reproducibility of successive 
measurements of the average evaporation rate of 
the same specimen. 

6) Equilibrium Vapor Pressure—Most of the 
early determinations of the equilibrium vapor 
pressure of silver are probably in error because 
of the reasons reviewed by Birchenall and Schadel.”° 
The two most recent measurements, those of 
McCabe and Birchenall® giving 


— 65,460 
2.303RT 


and of Kornev and Vintaikin’® giving 
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log p = + 9.003, [3] 


log p = F-entyor + 9.465, [4] 


are in excellent agreement over the range of co- 
incidence of the two measurements. In the absence 
of additional data, we used the average temperature 
coefficient from the above results in extrapolating 
the vapor pressure to the lower temperatures of 
our measurements and assumed the error in the 
resultant vapor pressure to be no more than the 
spread between the vapor pressures given by 

Eqs. [3] and [4] at the lower temperatures, 

i.e., 20 pet. 

7) Estimated Error in a—In view of the 
above discussion and Eq. [1], it is evident that the 
significant errors affecting a are errors in mass, 
temperature, and equilibrium vapor pressure. Suf- 
ficient data for a statistical analysis were not ob- 
tained. However, treating the above estimated 
errors as representing standard deviations of 20 
and using standard methods,” the total estimated 
error ina is +30 pct. Similarly the estimated 
error in reproducibility is +15 pct. These errors 
should represent 95 pct confidence limits. 


RESULTS 


A) Surface Morphology—Spherical silver single 
crystals with known orientations were evaporated 
at 623° and 727°C to determine evaporation mor- 
phology. After 1 hr in vacuum at 623°C, pits with 
a density of about 10° per sq cm were observed 
over the entire surface. Pits at the {111} poles had 
intersections with the crystal surface that were 
hexagonal or triangular in shape as shown in Fig. 3, 
with the sides of the polygons lying along close- 
packed <110> directions. Pits at the {100} poles 
had square surface intersections as shown in 
Fig. 4, with the sides parallel to <110> directions. 
At intermediate positions facets with faces perpen- 
dicular to {111} tended to form, with pits character- 


istic of {111} forming on the facet surface. The slope 


of the pit sides could not be determined with the 
ordinary microscope used in this work, because the 


Fig. 3—{111} surface after evapora- 
tion at 623°C for 90 min, spherical 
single crystal, X500. Reduced approxi- 
mately 32 pct for reproduction. 
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Fig. 4—{100} surface after evapora- 
tion at 623°C for 90 min, spherical 

single crystal, X500. Reduced approxi- evaporated at 727°C for 558 min, 
mately 32 pet for reproduction. 


bottoms of the pits and the surface were within the 
resolution of the microscope. However, the pits 
were shallow and could only be discerned when 
oblique illumination was used for microscopic 
viewing. 

The pits shown in Figs. 3 and 4 have a density of 
~ 10° per sq cm. In an adjunct research project” it 
was found that this pit density does not correspond 
to the total dislocation density predicted by X-ray 
techniques,**i.e., ~ 10° per sq cm. 

It was found that after 1 hr in vacuum at 750°C, 
surface orientations other than {100} and {111}, those 
present in the Gibbs-Wulff shape, had broken up into 
facets of {111} or {100} orientation. This was shown 
by the reflection of visible light in these directions. 
The {111} reflection was generally stronger than the 
{100} reflection. In addition, metallographic obser- 
vation indicated that intermediate positions on the 
spherical surface showed {111} facets. A photo- 
micrograph of these facets is given in Fig. 5. 

The initial surface morphology of oriented single 
crystal cylinders of {100} and {111} surface orienta- 
tion was identical with that observed on the spheres. 
After longer periods of evaporation, {100} surfaces 
evidently became dominated by submicroscopic 
ledges emanating from the original square etch pit 
sites on the surface and assumed the structure 
shown in Fig. 6. {111} surfaces assumed the mor- 
phology depicted in Fig. 7. It can be seen that the 
pits developed in this latter case were very shallow. 

B) Measured Evaporation Coefficient a—As 


shown in Table I, the results for a at 744°C for the 
close-packed planes agree with the predicted value 
of 7/; within the precision of the experiment. 

In comparing the a values for different speci- 
mens at a given temperature (744°K), one need 
consider only the estimated maximum error of 
+15 pct in the reproducibility of a. The somewhat 
higher value for a of the {110} specimens is in ac- 
cordance with the observation that this surface 
tended to break up into close-packed plane facets. 
Thus the {110} evaporation rate should be that from 
{111} type planes, but with a higher true evaporating 


Fig. 5—Intermediate surface between 
{111} and {100} showing {111} facets, 


spherical single crystal, X200. Re- 


duced approximately 35 pct for re- 
production. 
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Table |. Evaporation Coefficient « for Various Crystal Planes and Temperature. 


Weight I x 108, 
Test Crystal Plane Loss,** Mg Time, Min Temp., °K G per Sq Cm Sec at 
1 {100} 1.7 670 1017 5.4 0.47 
2 {100} 1.3 670 1017 4.1 0.36 
3 {100} 1.7 878 1017 4.1 0.36 
4 {111} 1.8 670 1017 5.7 0.50 
5 {111} | 1.3 690 1017 4.0 0.35 
6 {110} 2.2 670 1017 7.0 0.61 
7 {110} 1.7 518 1017 6.9 0.60 
8 {110} 0.6 194 1017 6.6 0.58 
9 Polycrystal* 448 1017 0.46 
10 Polycrystal 2.5 858 1017 6.2 0.54 
11 Polycrystal 7 758 1017 4.8 0.42 
12 {110} 9.9 121 1116 170 0.82 
13 {110} 7.6 105 1116 154 0.74 
14 {110} 7.9 105 1116 160 0.77 
Average 
of 1 to 3 {100} - - 1017 4.5 0.39 
Average 
of 4to 5 {111} 1017 4.8 0.42 
Average 
of 6 to 8 {110} - 1017 6.9 0.60 
Average 
of 9 to 11 Polycrystal - - 1017 S55 0.48 
Average 
of 12 to 14 {110} - = 1116 165 0.80 
Equilibrium Pressuret 
T (°K) J. (g/cm’ sec) P. (mm) 
1017 1.14 x 1077 7.74 x 107° 
1116 2.07 x 10° 1.45 x 104 
*Polycrystal grain diameter = 5 mm. 
tTaken from references 9 and 10 (see Section D. 6 in Text). 
tEstimated error + 15 pct in reproducibility; + 30 pct total (95 pct confidence limit). 
**All evaporating areas = 0.785 sq cm. 
area than the apparent area of the {110} surface due Finally, the results presented in Table I are con- 
to the inclination of the {111} facets to the original sistent with the predicted perturbation noted in 


{110} surface. The result that the large-grain poly- Ref. 2. At a temperature of 1017°K for the present 
crystal has an evaporation coefficient slightly higher case of silver, it may be calculated that the fraction 
than the close-packed planes is consistent with this of partially perturbed area due to the presence of 


reasoning, because the surface orientations of the ledge sources, presumably screw dislocations, is 

planes vary from {111} to {110}. In addition since 0.21. This figure is based on the observed pit con- 

the grain size was so large, it is to be expected that centration of 10° per sq cm. At 1116°K the partially 

the perturbation due to the grain boundaries is perturbed fraction of the area would be even less. 

small. Thus the number of imperfections in the surface is 
In comparing the a values for the {110} planes at not sufficient to strongly affect the limiting value 

744°C and at 843°C, one must consider the esti- of a = /s. 

mated maximum error of + 30 pct in absolute value 

of a. It is seen that, the two values agree within DISCUSSION 

the precision of the experiment. The results of the measurement of the evapora- 


Fig. 6—Initially flat Fig. 7—Initially flat 
{100} surface after {111} surface after 


evaporation at evaporation at 
744°C for 770 min, 744°C for 690 min, 
cylindrical single cylindrical single 
crystal, oblique crystal, X100. Re- 
lighting, X1000. duced approxi- 
Reduced approxi- mately 32 pct for 
mately 35 pct for reproduction. 
reproduction. 
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tion coefficient are in reasonable agreement with 
the predictions of theory.’’” It is definitely estab- 
lished that the evaporation coefficient for close- 
packed planes is less than unity. However, until 

a more refined experiment is carried out, in which 
the pit slopes, and thus the monatomic ledge 
spacings, are determined, the results cannot be 
regarded as an unequivocal confirmation that ideal 
kinetics’ obtain. An alternate possibility is that a 
fraction of a monolayer of oxygen, undetectable in 
adsorption studies*® but sufficient to poison mona- 
tomic ledges on the crystal surface, was present 
and sufficient to lower the evaporation coefficient 
to the observed value. It has been shown theoret- 
ically’® that a measure of the pit slopes will decide 
between these possibilities. 

The faceting of nonclose-packed planes to give 
{111} planes probably is due to the formation of 
hillocks as proposed by Frank” and as observed 
in etching experiments by Batterman.™ A speck 
of dirt or an inclusion on a high index plane in- 
hibits the (higher) normal evaporation of that plane 
and leads to the formation of a hillock with the 
inclusion at the apex and with low index planes as 
hillock sides. 

The noncorrespondence of evaporation pits and 
dislocations is not unexpected. Dislocations inter- 
secting the surface with a screw component relative 
to the surface are expected to be more likely pit 
sources than those with no such screw component. 
Further, several screw component dislocations can 
contribute to one pit (see Suzuki).* For example a 
<111> dislocation in a face-centered-cubic lattice 
is unstable with respect to dissociation into three 
<110> dislocations,” 


Energy <111> 


Energy three */2 <110> ‘ 


However, the three 7/2 <110> dislocations are un- 
stable with respect to a dissociation into three 1, 
<111> dislocations through an activation posi- 
tion <111>, 


Energy three ¥2<110> ¥, 


Energy three 7/3 <111> + 6 i 


Here 6, the Stacking fault energy of the faults con- 

necting ‘the Ys <111> dislocations, can be made 
small by reducing the stacking fault area. Thus 
three 7/3; <111> dislocations could contribute to the 
formation of a single pit. 
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CONC LUSIONS 


An evaporation coefficient a ~ 7/3 has been ob- 
tained for close-packed planes of silver single crys- 
tals. This result is in agreement with current 
theory. However, the present experiment clearly 
demonstrates the need for a more refined measure- 
ment of evaporation rates and for an interferometric 
study of surface morphologies. Such experiments 
are planned and are in the course of development in 
this laboratory. 
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Note Added in Proof —Since submission of this paper, further ten- 
tative verification of the limiting law for evaporation, Eq. [2], has 
been obtained by Kusch et al.”” for cesium bromide and cesium iodide. 
In addition Rapp* has shown that it is unlikely that oxygen adsorbed 
at monatomic ledges causes deviations from Eq. [2]. Hence we feel 
that the data presented in the text is a stronger confirmation of Eq. [2] 
than was apparent at the time of submission of the paper. 
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The Crystal Structure of MoNi, 


The crystal structure of MoNi; was determined by means of 
X-vay diffraction. This structure is isotype with that of ordered 
TiCu;. The lattice parameters are: ap = 5.064A, bo = 4.224A, 

Co = 4.448A, and Z,= 0.157. If the orthorhombic distortion (slight 
relative to the corresponding orthohexagonal unit cell) is disre- 


garded, the structure may be described in terms of a close-packed 
ordered atomic layer, stacked in the sequence: abab. The struc- 
tures of ordered TiCus and TiAl; ave homotectic. 


Tue three types of ordered hexagonal phases, iso- 
‘structural with TiNis, MgCds, and VCos, are known 
to occur in ABs alloys of transition elements of the 
first, second, and third long periods. It was noted* 
that phases with the TiNis structure occur selec- 
tively in alloys of Ti-group elements with Ni-group 
elements. In ABs alloys of Ti-group and V-group 
elements with Co-group elements the AuCus-type 
structure predominates.’ The VCos structure, 
which was determined very recently,” has hexagonal 
symmetry, but the actual atomic arrangement here, 
too, is rather closely related to the ordered cubic 
structure of AuCus-type. However, an ordered hex- 
agonal close-packed structure of the MgCds-type 
occurs in MoCos° and WCos.* Consequently, the 
question arises as to whether or not the crystal 
structure of MoNis is also of the MgCd;-type. Grube 
and Winkler® found that MoNis has a hexagonal 


close-packed structure with a = 2.54A and c/a=1.65. 


They pointed out that some additional weak diffrac- 
tion lines could be observed in the powder pattern, 
which may have been due to an orderéd atomic ar- 
rangement in this phase. However, no detailed in- 
formation was obtained by them and the structure 
was apparently not further investigated by others. 
The present work was, therefore, undertaken in an 
attempt to determine in detail the structure of 


MoNis, and to investigate the possibility of ordering. 


EXPERIMENTAL METHODS 


Alloys used in the present work were arc-melted 
in a water-cooled copper crucible under helium at- 
mosphere. Electrolytic nickel and molybdenum, 
both 99.9 pct pure, were used. Chemical analyses 
were not made, but the melting loss was not higher 
than 2 pet for any alloy. 

Ingots were first homogenized at 1200°C for 48hr, 
quenched, heavily cold worked, and then annealed at 
820° or 860°C for 1 week, followed by quenching in 
cold water. Powder specimens for X-ray work 
were prepared by crushing the heat-treated solid 
specimens. In order to remove strains, the pow- 
ders were reannealed in evacuated scaled fused 
silica capsules for 6 hr at the same temperature 
at which the corresponding solid specimens were 
annealed. X-ray photographs were taken with an 
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asymmetric focussing camera, using unfiltered 
CrK or CuK radiation. 


EXPERIMENTAL RESULTS 


The X-ray diffraction patterns of alloys contain- 
ing 20.8, 25, and 26.4 at. pct Mo, homogenized at 
1200°C, showed the face-centered-cubic structure 
of the Ni-base a-solid solution. It was revealed, 
however, by micrographic examination that the 26.4 
at. pct Mo alloy contained in addition very small 
amounts of a second phase, in accordance with the 
phase diagram.° 

On the other hand, the 20.8 at. pct Mo alloy after 
annealing at 820°C gave the X-ray diffraction pat- 
tern of the ordered face-centered-tetragonal MoNi,.” 
In this pattern several additional weak diffraction 
lines were also observed, corresponding to the 
strongest diffraction lines of MoNis. The alloys 
containing 25 and 26.4 at. pct Mo after annealing at 
820° or 860°C gave X-ray diffraction patterns, as 
shown in Tables I and II, corresponding to MoNis. 

Each one of the reflections which could be tenta- 
tively indexed on the hexagonal close-packed cell of 
Grube and Winkler,° with the exception of the basal 
plane reflections, was split into a doublet, as seen 
in Table I. Since microscopically the alloy con- 
sisted of a single phase, it seemed probable that 
the lattice of MoNis is actually slightly deformed, 
as compared with the tentative hexagonal unit cell. 
In addition to these diffraction lines, several weak 
lines were also present, as shown in Table II, which 
could not be indexed at all on the hexagonal close- 
packed cell considered. Satisfactory indexing of all 
diffraction lines observed was found to be possible 
by using an orthorhombic unit cell with ao = 5.064A, 
b = 4.224A, and c = 4.448A. These values, whose 
accuracy is estimated to approximately + 0.008A, 
correspond to 95.14A° for the volume of the unit 
cell, and to an X-ray density of 9.50 g per cm’, If 
no attention were paid to the weak reflections listed 
in Table II, a reduced unit cell of half the volume 
(a = 2.532A, b = 4.448A, and c = 4.2244), closely 
related to the orthohexagonal cell, might be used. 
The dimensions of the orthohexagonal cell of the 
same volume as the reduced cell are: a = 2.562A, 

b = 4.437A, and c = 4.183A. It may be seen that in 
the reduced cell the a axis is slightly shorter, while 
the 6 and c axes are slightly longer than those cor- 
responding to the orthohexagonal cell of the same 
volume. This slight orthorhombic distortion is re- 
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Table |. Stronger Diffraction Lines in the Pattern for MoNi3 


Intensity 
Tentative ing din A ‘ 
Indices Indices Obs. Calc. 0.170 0.165 zf= 0.160 0.155 Obs.* 
(002) 2. 224 2.224 18.9 15.2 11.9 8.9 Ww 
(1010) 
(201) 2.220 2.200 30.4 33.7 37.2 40.8 M 
(0002) (020) 2. 112 2.112 616 61.6 61.6 616 Ss 
7 (012) 1.969 1.967 82.7 89.0 94.8 100.0 S 
(1011) 
(211) 1.951 1.951 177.0 171.0 165.0 158.0 Vs 
¥ (022) L553s 1.552 26.2 21.0 16.4 12.3 Vw 
(1012) 
(221) 1.523 1.524 41.9 46.6 SL? 56.9 
iA (203) 1.280 1.279 80.4 80.8 79.6 77.0 
(1120) 
(400) 1. 267 1. 266 39.8 39.8 39.8 39.8 W 
_ (032) 1.191 1.190 48.3 52.1 55.4 58.5 W 
(1013) 
(231) 1.186 1, 186 100.4 100.0 96.3 92.4 M 
¥ (004) 1113 1.112 5.7 9.1 12.9 16.8 vvw** 
(2020) 
(402) 1101 1.100 18.1 16.2 11.3 8.4 VVW 
b (223) 1094 1.094 124.0 125.0 123.0 119.0 M 
(1122) 
(420) 1.085 1.086 61.6 61.6 616 616 W 
- (014) 1.076 1075 49.5 43.0 35.9 28.4 vw 
(2021) 
(412) 1.064 1,065 85.7 92.2 98.3 104.0 M 
(0004) (040) 1056 1.056 30.0 30.0 30.0 30.0 vw 


**Intensities of both the (004) and (402) reflections are designated as VVW, but the intensity of the (004) reflection was somewhat stronger than 


that of the (402) reflection. 


sponsible for the splitting of the ‘‘hexagonal’’ dif- 
fraction lines. In order to account for the weak 
diffraction lines in Table II as superlattice lines, 
an ordered atomic arrangement is required, which 
increases the a axis of the actual unit cell to double 
that of the reduced cell. In view of these findings it 
was tentatively concluded that MoNis must have a 
crystal structure very similar to that of TaNis, 
and ordered TiCus.® The TiCus-type or- 
dered structure is also orthorhombic with lattice 
parameters close to those obtained for MoNis, and 
it may be also considered as a slightly deformed 
close-packed hexagonal structure. It may be noted, 
as shown in Table I, that all (h, k, o) reflections 
with h + k = 2n + 1 were missing from the diffrac- 
tion patterns, in accordance with the extinction rule 
for the TiCus-type ordered structure. It was, 
therefore, reasonable to assume that MoNis has 
the same structure as ordered TiCus. A few of the 
superlattice lines listed in Table II, which may be 
expected to occur according to the assumed ortho- 
rhombic structure, were not actually observed, but 
this is probably due to their extremely weak in- 
tensities. 

For the ordered TiCus structure the space group 
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is D3; - Pmmn and the unit cell contains eight atoms 
at the following positions: 


2(a): 00z,; 7/2 /22q 
2(b): 07/2 V2 


The two Mo atoms may be placed arbitrarily in 
either 2(a) or 2(b). Tentatively positions 2(a) were 
chosen for the two Mo atoms and the six Ni atoms 
were placed in positions 2(b) and 4(f). The above 
expressions for the atomic positions contain four 
unknown parameters: Za, Z,,*, and z;. But it may 
be assumed that, as in the case of TiCus,° the fol- 
lowing three relationships obtain between the four 
unknown parameters: z, = = and 
x = '/,. This reduces the number of unknown pa- 
rameters to one, for instance z,. The intensity 
was calculated as p| F |? for all reflections in 
Table I with four different values z,. 

It is noted that the calculated intensity of the 
(004) reflection increases while the intensity of 
the corresponding (402) reflection of the doublet 
decreases, as z, changes from 0.17 to 0.155, and 
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*VS: Very Strong; S: Strong; M: Medium; W: Weak; VW: Very Weak; VVW: Very Very Weak. oe 
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Table Il. Weaker Diffraction Lines in.the Pattern for MoNi3 


Intensity 
Spacing d@ in A Calc. p|F|? 
Orthorhombic 

Indices Obs. Calc. z¢=0. 160 0.155 Obs.* 
(100) 5.064 0 0 
(001) 4.448 0.4 0.4 
(010) 4.224 0 0 
(101) 3.349 3.341 2.0 19 VvVWw 
(110) 3.233 3, 244 2.8 28 VVWw 
(011) 3.058 3.063 19 18 Vvw 
(111) 2.620 2.621 14 L5 Vvw 
(200) 2.527 2.532 1.4 14 Vvw 
(210) ~ 2.172 0 0 - 
(102) 2.035 2.036 1.6 17 vvw 
(120) 1.949 0 0 
(021) 1.908 0.5 0.6 
(112) 1.834 0.6 0.5 - 
(121) 1.784 1.785 2.5 2.4 vvw 
(300) - 1.688 0 0 - 
(202) = 1.671 0.3 0.2 - 
(220) 1.622 1622 1.7 
(301) - 1.578 12 11 - 
(310) 1.569 1.567 1.6 1.6 vvw 
(212) 1.554 1.554 2.6 2.8 vVvVWw 
(003) - 1.483 0.8 0.7 - 
(311) 1.478 0.9 0.9 - 
(122) 1.466 1.466 2.4 2.5 VVW 
(103) 1.423 0 0 - 
(030) 1.408 0 
(013) 1399 0 0 
(130) 1356 13 13 
(302) 1.349 1.2 1.2 
(113) - 1.348 2.6 2.6 = 


*VVW: Very Very Weak. 


at z, = 0.155 (004) becomes stronger than (402). 
The observed diffraction lines were both very weak 
but the intensity of the (004) reflection was some- 
what stronger than that of the (402) reflection. 
Hence it appears that the actual value of z, is be- 
tween 0.160 and 0.155, and closer to 0.155. The 
large difference in the observed intensities be- 
tween the lines in each pair of reflections {(022), 
(221)} and {(014), (412)} is quite consistent with the 
above value of z,. The p| F |* values were also 
calculated for the weak reflections in Table II with 
z; = 0.160 and 0.155. No serious contradictions 
were found between the calculated and the observed 


results. 


DISCUSSION 


In order to determine the parameter value z, 
more accurately, it would be necessary to measure 
the intensity quantitatively. But this was not done 
in the present work and the value z, was estimated 
only from the qualitative intensity data. It may be 
noted that the zy value obtained for MoNis is very 
similar to that previously found by Karlson for 
TiCus and TaNis. The powder patterns of TaNis 
and NbNis were compared directly with the pattern 
obtained for MoNi;. All three patterns were very 
similar to each other, thus confirming the identifi- 
cation of the structure of MONis; as the ordered 
TiCus type. 

There seems to be a fairly consistent relation- 
ship between the position of the constituent transi- 
tion elements in the periodic table and the type of 
crystal structure occurring in ABs; alloys, as shown 
in Table III. As for the ABs alloys of Ni it is inter- 
esting to note that the structure formed with vana- 
dium, columbium, tantalum, and molybdenum are 
slightly deformed, as compared with the corres- 
ponding face-centered-cubic or hexagonal close- 
packed structures. According to Pearson and 
Hume-Rothery”® the crystal structure of VNis is 
of the TiAl; type, a slightly deformed face-cen- 
tered-cubic structure, while the crystal structure 
of MoNis, TaNis, and NbNis is of the TiCus type, 

a slightly deformed hexagonal close-packed 
structure. 

Ordered close-packed structures of the AuCus ? 
TiNis, MgCds, and VCos types may be described 
by suitable stacking of the ordered layers, first 
described by Laves and Wallbaum” for TiNis, 

Fig. 1. Similarly, the ordered TiCus structure 
may be described using ordered close-packed 
layers of another type, as shown in Fig. 2, stacked 
abab. Because of the ordering, there is no longer 
hexagonal symmetry in this atomic layer, even if 
the orthorhombic distortion is neglected. For the 
same reason, the a axis is doubled in the ortho- 
rhombic unit cell, as compared with the correspond- 
ing axis in the ordinary hexagonal close-packed 
cell. In the case of the TiAl; structure the [111] 
axis is not perpendicular to the (111) plane because 
of the slight tetragonal distortion, but the (111) 


Table Ill. Close-Packed Ordered Structures (CN12) in AB3 Phases 


A: Ti Zr Hf Vv Cb Ta Cr Mo W 
B: R,,(A) 1.45 1.60 1.58 1.36 1.47 1.46 1.28 140 141 
Rh | 1.34 AuCu, (AuCu,) AuCu, AuCu, (AuCu,) AuCu, - - ~ 
Ir 1.35 AuCu, AuCu, (AuCu,) AuCu, AuCu, (AuCu,) AuCu, ~ - 
Ni 1.24 TiNi, TiAl, TiCu, TiCu, TiCu, 
Pd 1.37 TiNi, TiNi, TiNi, TiAl, 

tetrag. 


For ZrRh,, CbRh,, Hflr,, and Talr, superlattice lines were not detectable by CuKa radiation, but the structure is probably AuCu, type. 
VCo, has close-packed ordered hexagonal structure determined by S. Saito, 1958.7 
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Fig. 1—Ordered close-packed layer of hexagonal sym~ 
metry, occuring in hexagonal and cubic AB; structures. 


planes here, too, correspond to the same ordered 
atomic layers shown in Fig. 2. If this slight incli- 
nation of the [111] axis is neglected, the structure 
may be described in terms of stacking of six such 
ordered layers. 

It is noteworthy that in all these structures, built 
of atomic layers according to either Fig. 1 or 
Fig. 2, each A atom is surrounded by a complete 
shell of twelve nearest neighbor B atoms. In fact, 
the construction formula for the four structures 
MgCd;, AuCus, TiNis, and VCos is the same: 


A 12/4 B 


1.00 
6L 8L 
1.41 1.00 


so that these structures are homotectic. The con- 
struction formula for the two homotectic structures, 
TiCus (ordered) and TiAls, which is: 


A 1214 B 


1.00 
4N 8L 
1.16 1.00 


shows great similarity to the former. 

No deformed structures such as those occurring 
in the ABs alloys of Ni have been found in the cor- 
responding alloys of the Co-group elements. The 
cause of this difference in behavior is not well 
understood, but the tendency for related structures 
to occur in the corresponding alloys of elements in 
the same group of the periodic table, Table III, sug- 
gests strongly that the cause is connected with the 
structure of the outer electronic shell. 


CONCLUSIONS: 


1) The crystal structure of MoNis is isotype with 
ordered TiCus, orthorhombic with a, = 5.064A, 
bo = 4.224A, c, = 4.448A, and z = 0.157. 

2) Ordered TiCus-type structures may be de- 
scribed (if the slight distortion is disregarded) in 
terms of a close-packed ordered atomic layer 
stacked in the sequence abab. 

3) TiAls-type structures (if the slight tetragonal 
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Fig. 2—Ordered close-packed layer occuring in distorted 
AB, structures of the ordered TiCu; type and the TiAl, 


type 


distortion is disregarded) may be also described 
using the same ordered close-packed atomic layer 
in sequences of six layers: abcdef. 

4) The structures of ordered TiCus and TiAl; are 
homotectic, following in both cases the construction 
formula: 


A 1214 B 


1.00 
4N 8L 
1.16 1.00 


5) The structures MgCds;, AuCus, TiNis, and VCos 
are homotectic following in all four the construction 
formula: 


A 1214 B 


1.00 
6L 8L 
1.41 1.00 


which is closely related to that of ordered TiCus 
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Influence of Tin and Aluminum on the Transition 


Behavior of Oxygenated Titanium 


Definite transition behavior was found in unalloyed titanium 
at 0.13 pct O equivalent. The addition of 0.5 Sn, 1.0 Al, 0.5 Al, 
and 1.0 Sn lowers the transition temperature of titanium at oxygen 
equivalents exceeding 0.22, 0.29, 0.40, and 0.51, respectively. 
Metallographic evidence indicates that progressive amounts of 


oxygen restrict deformation at low temperatures resulting eventu- 
ally in brittle fracture. The presence of tin or aluminum is thought 
to alter the atomic distribution of oxygen within the titanium lattice 
in such a manner as to facilitate some degree of slip and twinning. 


Trrantum-like iron and zinc experiences a transi- 
tion from ductile to brittle fracture with decreasing 
temperature. The presence of sufficient quantities 
of the interstitial elements, carbon, oxygen, and 
nitrogen in solid solution, has been shown to pro- 
gressively lower the room-temperature impact re- 
sistance of titanium with increasing interstitial con- 
tent. 

Ogden, et al,” reported finding no transition from 
ductile to brittle fracture with decreasing tempera- 
ture in iodide titanium. However, a definite transi- 
tion was found to occur at 0.36 pct O equivalent in an 


alloy containing 0.47 pct carbon in solid solution. The 


oxygen equivalent in this case was obtained by as- 
suming the effects of carbon, oxygen, and nitrogen in 
combination on the impact properties of titanium to 
be additive on the same basis as their separate ef- 
fects on tensile strength, namely: 


Oe = (pct C) + pet +2 (pct N) 


They concluded that the tendency toward transition 
behavior is dependent on the total interstitial con- 
tent in solid solution and not on any one particular 
interstitial element. Rennhack,* however, recently 
found transition behavior in iodide titanium at an 
oxygen equivalent of 0.17 pct. 

Ogden, etal,* reported that the strengthening ef- 
fects of carbon, oxygen, and nitrogen in titanium de- 
crease with the addition of tin. They showed that tin 
additions increase the tolerance of titanium for the 
interstitials, that is, 10 pct Sn permitted individual 
additions of up to 0.4 wt pct of the interstitial ele- 
ments without any significant loss in ductility. 

Aluminum tends to decrease ductility and impact 
strength of titanium for a given interstitial content. 
Van Thyne and Kessler’ found that the solid solu- 
bility of carbon in titanium doubled in the presence 
of 10 pct Al. 

The precise effects of tin and aluminum in the 
presence of oxygen on the impact properties of 
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titanium had previously not been determined. The 
high oxygen tolerance of titanium containing tin may 
provide a suitable means for improving the impact 
properties of titanium containing the interstitial 
elements, particularly oxygen. Unlike tin, however, 
aluminum has a high affinity for oxygen and will 
reduce rutile titanium dioxide (TiO, ) by a thermit- 
type reaction.® Thus, the atomic distribution of 
oxygen in titanium might be different in the presence 
of aluminum. 

The present work was undertaken to: 

1) Determine the effect of oxygen on the transition 
behavior of unalloyed iodide titanium. 

2) Determine the effect of small amounts of tin 
and aluminum on the transition behavior of iodide 
titanium in the presence of oxygen and other inter- 
Stitials. 


EXPERIMENTAL 


Three different lots of iodide titanium were em- 
ployed to prepare the alloys studied in the present 
work. Their chemical composition is presented in 
Table I. The compositions of the tin and aluminum 
used for alloying are shown in Table II. Oxygen ad- 
ditions were made using calcined rutile titanium 
dioxide (TiO,) of 99.7 pct purity. 

Alloy Preparation— Four titanium-base alloys 
containing separate additions of 0.5 and 1.0 pct each 


Table |. Composition of lodide Titanium 


942-VOLUME 215, DECEMBER 1959 


Lot No. Wt. Pct 

Element IT-422 IT-437 IT-351 
Manganese 0.010 0.025 0.004 
Iron 0.004 0.015 0.008 
Aluminum 0.015 0.012 0.020 
Molybdenum 0.001 
Lead 0.0040 0.0120 0.0045 
Copper 0.0025 0.0025 0.0030 
Tin ~ - 0.0012 
Magnesium 0.004 0.002 0.0012 
Oxygen 0.0100 0.0065 0.0030 
Hydrogen 0.0074 0.0037 0.0032 
Nitrogen 0.022 0.001 0.009 
Carbon <0.02 <0.02 <0.02 
Hardness Rp 63 61 58 
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Table Il. Spectrographic Analysis of Tin and Aluminum 
Employed for Alloying 


Wt Pct 

Element In Tin In Aluminum 
Lead 0.020 
Silicon 0.010 0.005 
Iron 0.010 0.0005 
Magnesium 0.010 0.0005 
Manganese 0.010 0.0001 
Copper 0.050 0.001 
Bismuth 0.010 
Antimony 0.005 
Nickel 0.001 
Cobalt 0.001 
Oxygen 0.0056 
Hydrogen 0.0012 


of tin and aluminum in the form of 3-in. diam ingots, 
0.85 in. high and weighing 420 g were individually 
prepared from four arc-melted buttons. An ingot of 
unalloyed titanium was prepared along with the alloys 
for comparison purposes. Each of the four buttons 
used in making one ingot weighed 105 g and contained 
equal portions from each of the three lots of iodide 
titanium. The tin and aluminum for each alloy was 
divided equally among the four buttons and was en- 
capsulated in the crystal bar before melting. 

All buttons were triple melted under purified 
argon with a tungsten-tipped electrode. After melt- 
ing, each button was cold rolled to 0.125 in. and 
sheared into pieces 0.5 in. sq. The squares from 
each button were mixed and fed into a 3-in. diam 
ingot furnace where they were double melted in a 
similar manner to that described for the buttons.* 

Each ingot was given a total of 50 pct reduction by 
rolling. Alloys containing more than 0.15 pct O 
equivalent were rolled at 400°C (752°F), while all 
other alloys were rolled at room temperature. Sub- 
size Charpy V-notch impact bars’ were machined 
from each rolled slab perpendicular to the rolling 
direction and vacuum annealed for 1 hr at tempera- 
tures ranging from 670°C (1238°F) to 780°C 
(1436°F). The grain size of each alloy after anneal- 
ing was between 0.020 and 0.025 mm. 

The impact bars and milling chips from each 
rolled base material were remelted repeatedly to 
form alloys of higher oxygen content. The amount of 
oxygen added with each remelting was based on the 
difference between the oxygen content of the preced- 
ing alloy and that desired next in the series. The 
oxygen was added by mixing titanium dioxide with the 
milling chips and pressing into four 2-in. diam com- 
pacts. These compacts and the broken impact bars 
from each previous alloy plus any additional iodide 
titanium and solute needed to make up weight losses 
from machining were used as the starting material 
for button melting. The chemical composition of 
the alloys studied is set forth in Table III. 

Oxygen and hydrogen contents were determined by 
vacuum fusion analysis,® while nitrogen and carbon 
were determined by standard Kjeldahl and combus- 
tion analyses, respectively. 

Testing—Impact tests were carried out for the 
most part at temperatures ranging from —196°C 
(—321°F) to 390°C (734°F). In cases where an alloy 
exhibited an unusually high transition temperature, 
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Table Il. Chemical Composition of Titanium-Base Alloys 


: Oxygen 

Alloy Pct by Weight Equive- 

No. oO N H c Sn Al lent, Pct 
IT-1A 0.023 0.004 0.004 0.11 0.10 
IT-1A-5 0.078 0.013 0.010 0.04 0.13 
IT-1A-2. 0.150 0.018 0.003 0.03 0.21 
IT-1A-3 0.220 0.014 0.003 0.10 0.32 
IT-1A-4 0.410 0.034 0.012 0.10 0.55 
IT-2B 0.017. 0.009 0.004 0.02 0.50 0.05 
IT-2B-1 0.110 0.011 0.005 0.03 0.50 0.15 
IT-2B-2 0.290 0.008 0.004 0.05 0.50 0.34 
IT-2B-3 0.510 0.022 0.005 0.08 0.50 0.61 
IT-3B 0.016 0.003 0.004 0.02 1.00 0.04 
IT-3B-1 0.140 0.008 0.006 0.05 1.00 0.19 
IT-3B-2 0.330 0.021 0.006 0.10 1.00 0.44 
IT-3B-3 0.430 0.026 0.006 0.10 1.00 0.52 
IT-3C 0.014 0.011 0.004 0.09 0.50 0.10 
IT-3C-5 0.110 0.015 0.008 0.02 0.50 0.15 
IT-3C-1 0.150 0.008 0.007 0.07 0.50 0.21 
IT-3C-3 0.310 0.025 0.006 0.05 0.50 0.39 
IT-3C-2. 0.370 0.023 0.006 0.14 0.50 0.51 
IT-4C 0.020 0.005 0.004 0.02 1.00 0.04 
IT-4C-1 0.130 0.007 0.006 0.07 1.00 0.19 
IT-4C-2. 0.260 0.005 0.005 0.08 1.00 0.32 
IT-4C-3 0.430 0.023 0.004 0.09 1.00 0.54 


the temperature range was extended to 490°C 
(914°F). All impact bars were tested in a Charpy 
impact machine having a 103 ft-lb capacity. 

Fracture examinations were carried out on several 
specimens tested above and below as well as within 
the energy transition temperature range for each al- 
loy by fitting both halves of the fractured impact bar 
back together, mounting in Lucite and grinding the 
surface to a depth of about 0.10 in. 

Orientation effects due to differences in alloy con- 
tent, fabrication or heat treatment were not explored 
in the present work. 


RESULTS AND DISCUSSION 


The energy absorption curves for unalloyed 
titanium and Ti + 0.5 Al, Ti+1.0 Al, Ti+ 0.5 Sn, 
and Ti + 1.0 Sn base alloys containing various oxygen 
equivalent percentages are presented in Figs. 1 
through 5, respectively. It can be seen that the ad- 
dition of small amounts of oxygen significantly de- 
creases the low-temperature impact resistance of 
each base alloy and that the temperature for transi- 
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Fig. 1—Effect of oxygen equivalent on the transitional be- 
havior of unalloyed titanium. 
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Fig. 2—Effect of oxygen equivalent on the transitional be- 
havior of iodide titanium containing 0.5 pct Al. 


tion from high to low energy values increases with 
increasing interstitial content. 

Because the change in energy absorption with de- 
creasing temperature and increasing oxygen equiva- 
lent was gradual in the present alloys, the transi- 
tion temperature was arbitrarily taken as the mean 
temperature from that portion of each energy ab- 
sorption curve exhibiting maximum slope.°® 

Effect of Aluminum and Tin—The addition of 0.5 
Sn was found to lower the energy transition tem- 
perature of unalloyed titanium at oxygen equivalents 
exceeding 0.22 pct. The addition of 1.0 Al, 0.5 Al and 
1.0 Sn provided a similar improvement for oxygen 
equivalents exceeding 0.29, 0.40, and 0.51 pct, re- 
spectively. The effect of aluminum and tin on the 
energy transition temperature of titanium for oxygen 
equivalents ranging from 0.20 to 0.50 is presented in 
Figs. 7 and 8, respectively. 

A comparison of both curves shows that aluminum 
and tin in amounts ranging up to 1.0 pct are essen- 
tially opposite in their effect on the energy transition 
temperature of titanium. The addition of 1.0 pct Al is 
seen to lower the energy transition temperature from 
that produced with 0.5 pct Al at all oxygen equiva- 
lents, while the reverse is true for similar additions 
of tin. 

Fracture Mode—With increasing oxygen equivalent, 
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Fig. 4—Effect of oxygen equivalent on the transitional be- 
havior of iodide titanium containing 0.5 pct Sn. 
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Fig. 3—Effect of oxygen equivalent on the transitional be- 
havior of iodide titanium containing 1.0 pct Al. 


the fracture mode of each alloy was observed to 
change from shear to mixed and eventually to cleav- 
age with decreasing temperature. The change in 
fracture mode was in good agreement with the energy 
transition curves. No significant evidence of a frac- 
ture transition was present in the Ti + 1.0 Sn, 

Ti + 0.5 Al, or Ti + 1.0 Al base alloys between 
—196°C (— 321°F) and 100°C (212°F) nor in the un- 
alloyed titanium or Ti + 0.5 Sn base alloy between 
—196°C (—321°F) and 390°C (734°F). The base al- 
loys appeared to fracture entirely by shear through- 
out these temperature ranges. The minimum oxygen 
equivalent which promoted definite transition be- 
havior in unalloyed titanium tested to 196°C 
(-—321°F) was found to be approximately 0.13 pct. 


Deformation Accompanying Fracture— Besides 
changing the fracture mode, increasing oxygen 
equivalents were also found to alter the deformation 
mechanism accompanying fracture. At —196°C 
(—321°F) for example, the amount of twinning adja- 
cent to the fracture in each base alloy decreased 
progressively with increasing oxygen equivalents to 
the point where twinning essentially disappeared. A 
Similar effect was not observed for increasing 
amounts of Sn or Al, although, their content may have 
been too low to show a significant difference. Figs. 
8 and 9 show the decrease in the relative amount of 
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Fig. 5—Effect of oxygen equivalent on the transitional be- 
havior of iodide titanium containing 1.0 pct Sn. 
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Fig. 6—The effect of aluminum on the transition tempera- Fig. 7—The effect of tin on the transition temperature of 
ture of titanium at several oxygen equivalent levels. titanium at several oxygen equivalent levels. 
twinning occurring with increasing oxygen content in companying fracture at —196°C (—321°F) in the 
unalloyed titanium fractured at —196°C (—321°F). Ti + 0.5 Sn base alloy with increasing oxygen con- 
Two impact bars from a limited number of the tent. These fractures were typical of all large 
alloys in which large grains were grown by thermal grained alloys. 
cycling above and below the transformation tempera- At low oxygen contents, the amount of twinning 


ture in vacuo” were fractured at 350°C (662°F) and accompanying fracture at —196°C (-—321°F) de- 
— 196°C (—321°F), respectively. The large grains creased with increasing temperature, presumably 
permitted both macroscopic and microscopic frac- because the predominant deformation mechanism 


ture examination in greater detail. Figs. 10 and 11 changes from twinning to slip. These findings are in 
agreement with those of Rosi and Perkins.’ At 


Fig. 8—IT-1A-5 (Ti + 0.078 O) fractured —196°C (—321°F). Fig. 9—IT-1A-3 (Ti+ 0.22 O) fractured at —196°C (—321°F). 
Etchant—1 HF + 12 HNO, + 87 H,O. X100. Reduced approx- Etchant—1 HF + 12 HNO; + 87 H,O, X100 Reduced approxi- 
imately 23 pct for reproduction, mately 23 pct for reproduction. 
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Fig. 10—IT-3C-5 (Ti +0.5 Sn +0.11 O) containing large 
grains. Fractured in impact at —196°C (—321°F). Etchant— 
1 HF + 12 HNO; 87 H,O. X75. Reduced approximately 23 
pet for reproduction. 


higher oxygen contents, fracture at — 196°C (—321°F) 
occurred by cleavage preceded by little twinning. 
With increasing testing temperature, the predominant 
deformation mechanism in alloys of high oxygen be- 
came twinning. 

The metallographic observations suggest that in- 
creasing amounts of oxygen increase the resistance 
to plastic flow at low temperatures causing the 
temperature range over which twinning is normally 
operative to shift upward. The progressive increase 
in resistance to deformation at low temperatures 
promoted by oxygen eventually leads to brittle frac- 
ture, and thus accounts for the ductile to brittle 
transition observed in the present alloys with de- 
creasing temperature. 

‘No direct experimental evidence was obtained in 
the present work to adequately explain the observed 
effect of tin and aluminum on the transition behavior 
of titanium at the various interstitial levels. How- 
ever, the size factors for tin and aluminum are +7.1 
and —2.8, respectively, indicating that the c and a 
cell parameters of a titanium would be increased by 
tin and decreased by aluminum. Such changes in the 
dimensions of a unit cell may alter the positions oc- 
cupied by the interstitial atoms and thus the critical 
resolved shear stress for slip and twinning on the 
various planes.” With this reasoning, the addition of 
0.5 pet Sn would produce a more favorable arrange- 
ment of oxygen atoms for deformation than 1.0 pct 
Sn, while 1.0 pct Al would have a more favorable 
effect than 0.5 pct Al. 


SUMMARY 


Energy transition temperature data are presented 
for titanium containing various oxygen equivalent 
percentages, that is, Og = 2/3 (pct C) + pct 0+ 2 
(pct N), and separate additions of up to 1.0 pct Sn and 
Al. Fracture observations indicate that increasing 
oxygen equivalents above 0.13 pct promote a ductile 
to brittle transition in unalloyed titanium with de- 
creasing temperature. The addition of 0.5 Sn, 1.0 Al, 
0.5 Al, and 1.0 Sn lowers the transition temperature 
of titanium at oxygen equivalents exceeding 0.22, 
0.29, 0.40, and 0.51 pct, respectively. 
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Fig. 11—IT-3C-3 (Ti + 0.5 Sn + 0.31 O) containing large 
grains. Fractured in impact at —196°C (—321°F). Etchant— 
1 HF + 12 HNO; + 87 H,O. X75. Reduced approximately 

23 pet for reproduction. 


Both oxygen content and temperature were found to 
influence the type of fracture observed. At low oxy- 
gen contents, twinning accompanied fracture in all 
alloys, the amount of which decreased with increas- 
ing temperature as slip gradually became the pre- 
dominant deformation mechanism. At higher oxygen 
contents, fracture at — 196°C (—321°F) occurred by 
cleavage preceded by twinning. With increasing test 
temperature, the predominant deformation mechan- 


ism in alloys of high oxygen content became twinning. 


The results indicate that oxygen restricts defor- 
mation at low temperatures and eventually causes 
brittle fracture. Tin and aluminum are thought to 
alter the arrangement of oxygen atoms within the 
titanium lattice and thus the critical resolved shear 
stresses for slip and twinning.” 
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The Fatigue Hardening of Copper 


The hardening of annealed copper during fatigue testing ap- 
pears to be independent of the applied stress and to occur largely 
within the first 4000 cycles. Copper hardened by fatigue is more 
resistant to annealing than copper hardened by static means, and 
softens by a multistage process. Creep studies at 300°C show that 


copper hardened by fatigue also has greater resistance to creep 
than statically hardened copper. Some theoretical explanations are 


discussed. 


Recent interest in the behavior of metals sub- 
jected to fatigue stems from observations of phe- 
nomena which could not be explained by current 
theories of the structure of metals. In 1953 Bullen 
et al.’ showed that the hardening caused by fatigue 
at low stresses did not cause severe bending of the 
lattice as did hardening by static methods. This was 
later confirmed by Wood,” and Broom and Ham.° 
Clarebrough et al.* showed that as the stress level 
used in fatigue hardening was increased, bending of 
the lattice was introduced, eventually approaching 
that of metals deformed by conventional cold-work- 
ing methods. 

The type of hardening introduced by fatigue has 
other interesting characteristics. Kemsley® showed 
that copper fractured by fatigue at low stresses re- 
sisted annealing as compared to copper hardened 
an equal amount by static means. The work of 
Clarebrough et al. shows that the manner of energy 
release during annealing differs for fatigue-hard- 
ened and statically hardened metal in both magni- 
tude and temperature range of release. 

In addition to hardening of the lattice, fatigue has 
been shown to cause softening in materials pre- 
viously hardened by static methods,° and also in age- 
hardened alloys.’ The superposition of a small fa- 
tigue stress on the static loading of high-tempera- 
ture alloys has been shown to increase their re- 
sistance to creep.® 

The present work was an attempt to determine 
the relationship between fatigue hardening, resist- 
ance to annealing, and the creep properties of pure 
copper. 


EXPERIMENTAL PROGRAM 


The program described here was designed to 
answer three questions: 

1) Can stress-cycle combinations well below the 
failure values give significant increases in hard- 
ness ? 

2) Does hardening, under different stress-cycle 
combinations, give increase resistance to anneal- 
ing? And if so— 

3) Does superior resistance to annealing confer 
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superior creep properties over statically hardened 
material ? 

Three-quarter hard OFHC copper was annealed in 
vacuo at 550°C for 1 hr to produce a strain-free 
material having a fine grain size and uniform hard- 
ness. (The standard deviation of the mean hardness 
of the annealed samples was less than + 1.9 Dpn). 
Annealing was performed after machining the fatigue 
specimens so as to avoid work-hardened surfaces. 
Jigs were used to avoid distortion. 

The fatigue properties of the annealed copper were 
determined using an accurately aligned Baldwin- 
Sonntag SF1-U machine operating at 1800 cycles per 
min. This limited the minimum number of cycles 
which could be examined to about 4000 stress re- 
versals. Since failure resulted in specimen damage, 
hardness increase with number of cycles was meas- 
ured by testing specimens fatigued to different frac- 
tions of the failure values. The results are shown in 
Fig. 1, and are superimposed on the S-N curve of 
the copper in Fig. 2. 

The resistance to annealing of fatigue-hardened 
material was compared to that of material hardened 
by uniaxial tensile straining. Specimens hardened 
to equal values by both methods were progressively 
annealed for 1 hr at temperature in vacuo. After 
each annealing treatment the hardness was meas- 
ured using a Leitz Durimet hardness tester with a 
500-g load. At least five tests were made for each 
hardness determination. The standard deviation for 
individual specimens varied from 0.26 to 1.48 hard- 
ness points. The results are shown in Figs. 3 to 5. 

The discontinuous nature of the annealing process 
has been brought out by drawing idealized curves 
through the data points. This can be justified by the 
consistency of the results as well as by general 
agreement with results of Kemsley.° 

The creep resistance of fatigue-hardened and 
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Fig. 1—Hardness vs cycles for annealed copper. 
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Fig. 2—Fatigue characteristics of annealed OFHC copper. 


statically hardened copper was measured at 300°C 
using a creep stress of 5000 psi. Creep results were 
obtained using a new batch of copper previously an- 
nealed to 37 Dpn. The results are shown in Fig. 6 for 
this copper hardened to different hardness values 
using stress-cycle combinations selected from the 
results shown in Figs. 3 to 5, and for copper hard- 
ened by tensile straining. Fig. 7 shows the creep 
curves obtained from two samples hardened an equal 
amount by both methods. 


CONCLUSIONS 


The hardness achieved by cyclic stressing, as 
shown in Fig. 1, rises rapidly prior to the first 4000 
cycles in agreement with the results of McCammon 
and Rosenberg.® Within the stress values tested, 
hardening appears to be related more closely to the 
number of cycles than the applied stress. 

The superior resistance to annealing of fatigue- 
hardened material indicated by Kemsley is not pe- 
culiar to material tested to failure. This is shown 
by Figs. 3 to 5. The shape of these indicates a 
multistage annealing process. The stages may be 
either the overlapping of usual annealing processes, 
or the results of a secondary hardening process. 
The multistage annealing process of irradiation- 
hardened copper and the irradiation-softening of 
work-hardened material described by Makin and 
Minter’® bear a strong resemblance to the effects 
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Fig. 4—Annealing characteristics of copper hardened by 
fatigue at + 12,000 psi. 
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Fig. 3—Annealing characteristics of copper hardened by 
fatigue at + 10,000 psi. 


caused by fatigue. Broom and Ham have proposed 
that, in fatigued materials, vacancies interacting 
with dislocations may cause local rearrangements 
Similar to those taking place in polygonization. 
Louat,” on the other hand, has suggested that fatigue 
may give rise to the formation of special types of 
dislocation networks. Other suggestions have been 
that vacancies generated by fatigue have pinning ef- 
fects on dislocation lines and that increased vacancy 
concentration gives rise to increased diffusion rates, 
thereby leading to overaging effects. 

The hump in the annealing curves shown in Figs. 
3 to 5 suggest the existence of a hardening type 
process which cannot be explained on the basis of 
current theories. Simple vacancy diffusion would be 
expected to occur at temperatures well below 350°C, 
and consequently would not explain the high-tempera- 
ture inflection of the annealing curve. Likewise the 
formation of stable interlocking dislocation networks 
during the fatigue process would not favor a harden- 
ing mechanism at high temperatures. This suggests 
the possible existence of a lattice flaw, having an 
activation energy for diffusion well above that of 
simple vacancies and capable of exerting pinning ef- 
fects on dislocation lines by a mechanism similar to 
the formation of a Cottrell atmosphere, or through 
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Fig. 5—Annealing characteristics of copper hardened by 
fatigue at + 18,000 psi. 
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Fig. 6—Total creep of fatigue-hardened and statically 
hardened copper. 


the formation of jogs. 

The creep results shown in Figs. 6 and 7 indicate 
that, with specific stress-cycle combinations, fa- 
tigue-hardened material has creep resistance su- 
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Fig. 7—Creep of fatigue-hardened and statically hardened 
copper at 5000 psi and 300°C. 


perior to statically hardened material. This again 
may be attributed to the hardening process which 
gives superior resistance to annealing. 
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Subgrain Growth and Softening in Rolled 


Aluminum Crystals 


The isothermal kinetics (at 200° to 400°C) of subgrain growth and 


of softening were studied in a 99.997 pct pure Al crystal rolled to 80 pet 
R,, under conditions where recrystallization did not take place. It was 
found that the kinetics of subgrain growth and of softening were similar, 
and that the correlation between subgrain growth and softening was in 
first approximation independent of the annealing temperature. 


Ir has been shown by Heidenreich’ by means of 
electron transmission microscopy and by Hirsch 
and Kellar? by means of an X-ray microbeam tech- 
nique that the crystals of heavily cold- worked 
polycrystalline aluminum consist of subgrains of 
approximately 24. diam, which are slightly disori- 
ented with respect to each other. This substructure 
is found on cold working at room temperature, 
without annealing. A preliminary study has been 
previously published® of the softening upon annealing 
at 350°C of a heavily cold-rolled aluminum single 
crystal. Softening and X-ray line sharpening for 
such a rolled aluminum crystal were later studied 
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in more detail as a function of annealing time and 
temperature.* Perryman’’® has studied the recovery 
of polycrystalline aluminum after cold rolling. By 
means of phase contrast microscopy he found that 
the subgrain size increases with the annealing tem- 
perature but does not alter very much with annealing 
time at a given temperature. 

In the present work further study was made of 
softening as a function of annealing time and tem- 
perature and subgrain sizes were determined by 
two different techniques in an attempt to find any 
correlation that may exist between softening and 
subgrain growth. Subgrain size measurements 
were made both by the X-ray microbeam technique 
and by transmission electron microscopy. 


EXPERIMENTAL PROCEDURE 
For the X-ray studies specimens were cut from 
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the crystal used in the previous work,*’* which was 


oriented with (110) parallel to the rolling plane and 
[112] in the rolling direction. The aluminum used 
was 99.994 pct pure. A series of specimens was 
annealed at 350°C and examined in a microbeam 
camera with a microfocus X-ray tube of the type 
described by Ehrenberg and Spear’ constructed in 
this laboratory. The camera employed lead glass 
capillary tubes as stops for the beam in the manner 
described by Hirsch and Kellar.* FeKa radiation 
was used for back-reflection patterns and CuKa for 
transmission as these radiations gave convenient 
X-ray reflections when a specimen was set up with 
the rolling plane perpendicular to the beam. 

For the electron transmission microscopic 
studies a similar second crystal was prepared in 
the same way from aluminum of slightly higher 
purity (Si 0.001 pct, Fe 0.0005 pct, Cu 0,0004 pct, 
Mg 0.0007 pct, Na 0.0004 pct, Al 99.997 pct). The 
crystal was rolled 80 pct to a thickness of 0.020 in., 
and was kept cold during rolling by immersion in a 
mixture of ice and water between passes. A (110) 
plane was within one degree of the rolling plane 
and a [112] direction was, to the same accuracy, 
parallel to the R.D. As previously noted,*’* under 
these conditions the crystal retained its original 
orientation on rolling. It could be annealed for 
comparatively long periods of time without re- 
crystallization if extraneous orientations at the 
surface and at the cut edges of the specimens were 
removed by etching and electrolytic polishing. 

The kinetics of softening was studied with speci- 
mens from the same crystal which was used for 
electron transmission microscopy. Hardness 
measurements were made on the as-rolled ma- 
terial, with five indentations spaced along one end 
of each specimen. A Tukon Tester was used with 
a 200-g load. The region of the indentations was 
electrolytically cut from the specimen before heat 
treatment in order to prevent nucleation of new 
grains during subsequent annealing. The specimens 
were annealed in a salt bath at temperatures in the 
range from 200° to 400°C. They were held in small 
aluminum foil envelopes during heat treatment and 
were handled with care to prevent accidental 
scratching or bending. After annealing, a new set 
of hardness measurements was made, and the speci- 
mens were cut into /,-in. squares, from which 
1/,-in. diam discs were made for electron transmis- 
sion microscopy. The disc shape was formed by 
holding a small square of the aluminum between the 
ends of two axially aligned, */s-in. diam cylinders of 
teflon and electrolytically dissolving away the excess 
material in an ethyl alcohol-perchloric acid solution. 

The method of thinning the specimens for elec- 
tron transmission microscopy was somewhat simi- 
lar to that used by Heidenreich.’ The center portion 
of the metal disc was thinned by electrolytic polish- 
ing on both sides until the first perforation just oc- 
curred. The method was modified in this work by 
using an acetic anhydride-perchloric acid electro- 
lyte and directed agitation to insure perforation of 
the disc near its center. The agitation was brought 
about by forcing electrolyte against the center of 
the specimen through a glass capillary placed 1 or 
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(a) (6) (c) 
Fig. 1—Enlarged segments from X-ray microbeam pat- 
terns; back reflection; FeKa radiation. Specimens were 
as rolled (80 pet Ra) (a),and rolled and annealed at 350°C 
for 150 (5) to 1600 (d) sec. Reduced approximately 23 pct 
for reproduction. 


2 mm from the surface. The thin edges around the 
perforation were examined with an RCA EMU 3 
electron microscope, operated at 100 kv. For de- 
termining the subgrain size at least six represent- 
ative areas were photographed at X5000 on 37/4 by 
4in. plates. Subgrain counts were made directly on 
the photographic plates, and the subgrain diameter 
was taken as the square root of the average sub- 
grain area. 


EXPERIMENTAL RESULTS 


a) X-Ray Diffraction Data—X-ray microbeam 
back reflection patterns were taken of specimens 
in the as-rolled condition and after annealing for 
150, 600, 1200, 1300, and 1600 sec at 350°C. The 
specimen annealed for 1600 sec was partly recrys- 
tallized, but only unrecrystallized areas were ex- 
amined. Typical patterns are shown in Fig. 1. It 
will be seen that the Debye-Scherrer arcs are 
clearly resolved into spots, with the exception of 
that obtained from the as-rolled material. The 
diameter of the beam at the specimen was 40 yp. 
Smaller beam diameters, down to 20 u, gave no 
better resolution of the arcs obtained from the as- 
rolled material. However, the arcs did show marked 
intensity variations along their length. 

In previous X-ray microbeam work it has been 
possible to resolve particles of size below 1u by 
using transmission methods.® This was tried in the 
present work but no better resolution was obtained. 

By counting the number of spots on a given Debye- 
Scherrer arc for the annealed specimens the par- 
ticle size was calculated. All of the resolved pat- 
terns in Fig. 1 gave the same value, ~ 2u. An 
appreciable background intensity was noted between 
spots on all patterns. By counting the number of 
intensity variations occurring in the Debye-Scherrer 
arcs obtained from the as-rolled material, the size 
of the diffracting regions responsible for them was 
calculated to be also ~ 2. In all these calculations 
of particle size allowance was made for the pro- 
nounced preferred orientation found in the material’® 
and for the variation of the relevant divergence of 
the X-ray beam in particular directions. The angu- 
lar extension of the Debye-Scherrer arc on the 
microbeam patterns, which is a measure of the 
total angular misorientation occurring within the 
volume irradiated, was approximately the same for 
all specimens and it was similar to that found when 
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large areas were irradiated, using a Laue technique, 
i.€., approximately 8 deg. 

There was no marked change on the X-ray micro- 
beam patterns obtained from specimens annealed at 
350°C for periods of 150 sec or longer. Measure- 
ments of the spot shape were made on all the re- 
solved photographs. Since the spots were clustered 
into short arcs (because of the very strong preferred 
orientation), the spot shapes could not be averaged 
around the Debye-Scherrer ring as is usual in 
interpreting X-ray microbeam photographs?” and 
hence could not be unambiguously interpreted in 
terms of the shape of the corresponding reciprocal 
lattice points. The measures of spot shape were 
closely similar on all the resolved photographs and 
corresponded to a value for the range of angles over 
which a particle could reflect of 6 minutes of arc. 
The angular misorientation of particles reflecting 
to adjacent positions on the arc was 10 min. Pre- 
vious microbeam work® has shown an almost com- 
plete disappearance of the background between spots 
upon annealing. This has not been found in the pres- 
ent work, but it must be borne in mind that when the 
spots are closely clustered into a short arc esti- 
mates of background level are very difficult. 

b) Hardness Measurements—The initial hardness 
of the second aluminum single crystal after 80 pct 
reduction by rolling was 35.2 Dph, this figure rep- 
resenting the average hardness of all the specimens 
cut from the crystal prior to heat treatment but after 
electrolytic thinning to approximately 0.010 in. 
thickness. The hardness was uniform along the 
length of the crystal within + 1.0 Dph, most of the 
values lying within a range of +0.5. Isothermal 
annealing of the rolled crystal caused an initially 
abrupt drop in the hardness, this being greater the 
higher the annealing temperature. The rate of de- 
crease became progressively smaller with longer 
annealing time until recrystallization occurred. The 
initial decrease in hardness for this crystal was 
somewhat greater than that previously reported for 
the first crystal,* but the total hardness change 
prior to recrystallization was approximately the 
same.* In order to ascertain whether the difference 

*In the first preliminary report by Lutts and Beck’ an abrupt final 
drop in hardness between 1200 sec and 1300 sec at 350°C was re- 
ported and mistakenly attributed to a recovery mechanism. From the 
results of the present work it has become apparent that the low hard- 
ness values previously reported must have been due to undetected 


localized recrystallization in the area where the hardness indentations 
were made. 


in purity between the two crystals may have been 
responsible for the differences in the softening 
curves, the 350°C isothermal softening curve was 
also determined for a newly rolled portion of the 
first crystal, which had been used for the X-ray 
diffraction work. The results were very similar 
to those obtained at the same temperature for the 
second crystal, so that the difference in impurity 
content apparently had little or no effect on the 
softening kinetics in this case. In Fig. 2 is plotted 
the variation of the hardness with isothermal an- 
nealing time on a logarithmic scale at tempera- 
tures 200°, 300°, 350°, and 400°C. At 350° and 
400°, annealing was carried out for as long a time 
as possible without the onset of recrystallization; 
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Fig. 2—Isothermal softening curves for rolled aluminum 
crystal. Dphn vs log time at temperature indicated. 


in some areas of specimens annealed for the long- 
est periods at these two temperatures, recrystalli- 
zation had already begun, but these areas were 
carefully avoided when hardness measurements 
were made. At 200° and 300°C the beginning of 
recrystallization had not been reached even after 
annealing for 3 hr. The maximum obtainable 
softening, without recrystallization, which oc- 
curred at the highest annealing temperature, 
amounts to 45 pct of the hardness increase due to 
rolling. 

As shown in Fig. 2, the isothermal variation of 
hardness during annealing was approximately linear 
with time on a logarithmic scale, but the curves for 
different annealing temperatures were divergent. 
For this reason, a unique activation energy charac- 
teristic of the temperature dependence of softening, 
could not be calculated from the present data. How- 
ever, if the short time data of the 200° and 400°C 
isotherms are neglected, an activation energy of ap- 
proximately 43 kcal per mol fits the rest of the 
softening data reasonably well. This value is rather 
distinctly higher than those previously reported.*”® 

c) Electron Microscopic Observations—The cold- 
rolled material showed a definite subgrain structure 
without any annealing, when examined by electron 
transmission microscopy. A typical structure is 
shown in Fig. 3, where the subgrains are separated 


Fig. 3—Flectron transmission micrograph at X10,000 of 
rolled aluminum crystal, as rolled. Reduced approximately 
12 pet for reproduction. 
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Fig. 4—Isothermal subgrain growth in rolled aluminum 
crystal. Average subgrain diam in yp vs log time at tem- 
peratures indicated. 


by boundaries which are in many places irregular, 
containing a complex interlacing of dark lines. One 
end of many of these lines appears to break away 
from the boundaries and to penetrate the subgrains. 
Also, unattached segments appear within the sub- 
grain area. These lines apparently correspond to 
individual dislocations.** The apparent width of 
many of the subboundaries was probably largely due 
to their inclined positions. In addition to the rather 
sharp, dark lines more or less concentrated in the 
boundaries, there are other more diffuse dark bands 
across the subgrains, the ‘‘extinction contours’’ 
first observed by Heidenreich.’ However, extinction 
contours were not commonly found in the electron 
micrographs either in the cold-worked or the an- 
nealed specimens. They were sometimes observed 
in the thinnest portions, along the edges of perfora- 
tions in the specimens. 

So far as could be ascertained the subgrain struc- 
ture was stable at room temperature. As a precau- 
tion the rolled material was placed in a refrigerator 
at about 5°C immediately after rolling, and prior to 
annealing. It was removed only for brief periods 
necessary for specimen preparation. However, 
some specimens allowed to stand at room tempera- 
ture for periods of several months showed no ap- 
parent difference in subgrain structure as compared 
with those kept refrigerated. Consideration was 
given to a possible heating effect of the electron 
beam causing alteration of the subgrain size during 
the electron microscope examination. However, no 
such effect could be observed at the beam intensity 
used for photographing the structures. Only a very 
much higher beam intensity caused any detectable 
structural change. 

Fig. 4 shows the variation of the subgrain size 
with the log of the isothermal annealing time at dif- 
ferent temperatures. The subgrain count of the as- 
rolled material gave an average diameter of 1.2. 
The value of the subgrain size determined for speci- 
mens annealed at 200°C was found to be ~ 1.5, re- 
gardless of annealing time. These values for the 
unannealed material and for the 200°C annealed 
specimens are approximate, since counting the sub- 
grains was difficult and dependent on the interpreta- 
tion of boundaries, not all of which were clearly 
defined. In the annealed material the boundaries 
were sharper and the contrast between subgrains 
improved, and at the higher annealing temperatures 
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Fig. 5—Electron transmission micrograph at X5000 of 
rolled aluminum crystal annealed 100 sec at 350°C. Re- 
duced approximately 12 pct for reproduction. 


the isothermal increase in subgrain size with an- 
nealing time could be clearly established. The in- 
crease was initially rapid but became slower at 
longer annealing times. Typical structures obtained 
from specimens after annealing are shown in Figs. 5 
and 6. Annealing brought about a decided clearing of 
the interiors of the subgrains and a sharpening of 
the boundaries, as well as an appreciable increase 
in size, particularly at the highest annealing 
temperatures. 


DISCUSSION 


The X-ray studies and electron transmission mi- 
croscopy were carried out on different crystals of 
slightly different impurity concentrations, but the 
close similarity of the isothermal softening curves 
at 350°C for the two crystals suggests that the an- 
nealing kinetics in the two were quite comparable. 
The results obtained by the two methods agree 
within about 30 pct, which may be considered as 
only fair. The electron microscopic subgrain size 
measurements were based on a larger number of 
subgrains, 7.e., on a more representative sample 
of the rolled crystal than the X-ray microbeam 
measurements. The electron microscope observa- 
tions leave no doubt of the existence of subgrains in 
the unannealed specimens; the lack of sufficient 
resolution of the X-ray technique may have been due 
to the high degree of preferred orientation in the 
specimen, in combination with the small subgrain 
size and with the distortion of the subgrains. The 
electron microscope studies show clearly that dur- 
ing isothermal softening a definite increase in sub- 
grain size occurs and that this is accompanied in 
the early stages of annealing by an increase in per- 
fection of the subgrains. 

Both the microhardness and the subgrain size 
vary approximately logarithmically with the iso- 
thermal annealing time. Kinetics of this type was 
previously found in recovery. Although subgrain 
growth is concurrent with softening, it is probable 
that some of the softening results from the other 
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Fig. 6—Electron transmission micrograph at X5000 of 
rolled aluminum crystal annealed 2000 sec at 350°C. Re- 
duced approximately 12 pct for reproduction. 


process mentioned above, z.e., the thermally acti- 
vated migration of individual dislocations, which 
brings about a higher degree of perfection within 
the subgrains. The effects of the two cannot be 
separated in isothermal annealing curves. The 
electron microscopic data for the temperature de- 
pendence of subgrain growth cannot be described in 
terms of a single activation energy, although this 
may be due to the lack of accuracy of the subgrain 
size determination for the lowest annealing tem- 
perature. 

Fig. 7 shows a plot of average subgrain size 
against hardness number. The scatter of the points 
appears to be chiefly a result of the relatively low 
accuracy of the subgrain size measurements. Vari- 
ous authors have proposed that the strength should 
vary inversely with the particle size.** In polycrys- 
talline aluminum Ball“ has shown a correlation to 
exist between yield stress and the reciprocal of the 
square root of the particle size. The data shown in 
Fig. 7 can be roughly fitted to a relation of the type 
H = B/t", with n approximately '/,. Here H is the 
hardness number, ¢ is the subgrain size, and B is 
a constant. 


SUMMARY 


1) Subgrain sizes were determined by means of 
transmission electron microscopy for a high-purity 
aluminum crystal, cold rolled 80 pct in the (110) [112] 
orientation. The as-rolled crystal had a subgrain 
size of ~ 1.24. This value increased on isothermal 
annealing, particularly at 300° to 400°C. The larg- 
est value measured was 2.7. 

2) Isothermal softening and subgrain growth (as 
determined by electron microscopy) had similar 
kinetics, in that both varied linearly with the loga- 
rithm of time 

3) The correlation of hardness (H) with subgrain 
size (t) was found to consistent with the 
relationship H = B/t” 
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The Solubility of Cementite in Austenite 


Iron-carbon alloys containing a single-phase austenite region 
and a two-phase austenite + cementite region at the desired 
temperature were prepared by partial carburization of iron or 
partial decarburization of carburized iron. Each sample was 
held at a fixed temperature until equilibrium was achieved. 
Analysis of the austenite for carbon then gave the solubility of 
cementite in austenite. Solubility measurements were made for 
the temperature range 734° to 1012°C. These values together 
with other data give 7560 cal for the mean heat of solution of 
cementite in austenite, and 0.765 pct C for the eutectoid com- 
position of austenite. They also indicate that graphite is the 
stable phase at all temperatures between the eutectoid and 
eutectic temperature. Measurements of the solubility of cemen- 


tite in austenite at 927° and 1011°C, using a method based on the 
equilibration of iron with boro-cementites, are reported. 


Tue solubility of cementite in austenite (y-iron) has 
been computed by Darken and Gurry’ from the ob- 
served solubility of graphite in austenite, and the 
thermodynamic properties of pure iron and of iron- 
carbon alloys. They have shown that the solubility of 
cementite is greater than that of graphite in the tem- 
perature range between the eutectoid and eutectic, 
and thus that cementite is metastable with respect to 
graphite and austenite saturated therewith. Since 
their computation is not in accord with the earlier 
experimental work of Mehl and Wells,’ the present 
direct determination of the solubility of cementite in 
austenite was undertaken. 


EXPERIMENTAL PROCEDURE 


Each iron rod about 1/2 in. O.D. by 4 in. was first 
carburized at a temperature and with a H,-CH, gas 
mixture such that the carbon content would be 
greater than that corresponding to the solubility of 
cementite in austenite at the desired (lower) tem- 
perature; sufficient carburizing time was allowed 
that the carbon content became substantially uni- 
form, as illustrated by Curve A, Fig. 1. The sample 
was then partially decarburized with a hydrogen- 
water vapor mixture, giving a carbon distribution as 
schematically illustrated by Curve B. The sample 
was then held in a helium atmosphere at the tem- 
perature at which the solubility was to be determined 
until the decarburized portion of the sample came to 
equilibrium with that containing cementite. Curve C 
of Fig. 1 represents schematically the final carbon 
distribution; the horizontal portion corresponds to 
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the carbon content of austenite saturated with cemen- 
tite. To bring the sample to room temperature with- 
out change in the carbon distribution and in machin- 
able condition, it was first quenched in a salt pot at 
480°C, then in water at room temperature. Succes- 
sive layers were machined from the center 2 in. of 
the sample and analyzed for carbon by the usual 
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SURFACE DIAMETER OF ROD CENTER—= 
Fig. 1—Schematic illustration of carbon distribution: A— 
after carburization; B—after partial decarburization; C— 
after equilibration. 
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combustion method. Cross sections, cut from the 
sample adjacent to the ends of the machined portion, 
were examined metallographically. The furnace and 
temperature control were identical with that pre- 
viously described.* The rods were made either of an 
Ingot iron* or of high-purity iron* obtained from 


* Analysis 


Spectroscopic 
So Pt Mo Ti Co B 


Ingot Iron ND 0.001 ND ND 0.001 ND ND ND 
National 
ResearchIron ND ND ND ND 0.001 ND ND ND 
Chemical 
Mn Cu Ni Pb Si P S N 
Ingot Iron 0.032 0.085 0.007 0.001 0.005 0.010 0.018 — 
National 


ResearchIron 0.005 0.001 0.005 0.001 0.005 0.002 0.003 0.0005 
The nitrogen content of the carburized samples averaged 0.001. 
ND = Not Detected. 


National Research Corp. 

Typical carbon distribution curves are shown in 
Fig. 2; these are for samples equilibrated at 739.4° 
and 800.5°C. The short vertical lines represent the 
limits of the sections machined for analysis. Since 
for a sample of this length it is difficult to achieve 
uniformity of carburization or decarburization from 
top to bottom, the boundary between the single-phase 
and two-phase regions may not be exactly parallel 
to the outside surface. This is illustrated in Fig. 2, 
where the arrows indicate the boundary position as 
determined by metallographic examination of cross 
sections cut from the sample near the ends of the 
machined portion. The change in carbon content 
through the two-phase region is more gradual than 
expected, 7.e., one would expect the curve to be 
more like that shown schematically in Fig. 1 than 
like the actual curves illustrated in Fig. 2. The 
reason for this is not entirely clear; however, it is 
probably due to a number of factors: the boundary 
between the two-phase and single-phase regions may 
not be exactly parallel to the outside surfaces; the 
analysis represents the average carbon content over 


a finite distance; other factors involved are the ef- 
fects of small temperature fluctuations during the 
long equilibration period and small amounts of im- 
purity in the iron. If the time at temperature is not 
sufficient for complete equilibration of the austenite 
phase or if there is appreciable decarburization by 
the ‘‘inert atmosphere’’ during the long equilibration 
period there will be some variation of carbon content 
through the austenite region. However, even in this 
case the carbon content of the austenite at the aus- 
tenite, austenite-cementite boundary can be deter- 
mined to within 0.01 pct C. In this case, the position 
of the interface is of more importance and may be 
estimated from the carbon distribution curve or by 
metallographic examination of polished cross sec- 
tions. 

An alternative method used involves partial car- 
burization of the sample at a temperature such that 
the outer portion has a carbon content greater than 
that corresponding to saturation with cementite at 
the desired lower temperature, followed by equi- 
libration at that temperature. The carbon distribu- 
tion curve is then similar to those shown in Fig. 2, 
except that the relative positions of the single- and 
two-phase regions are reversed. For temperatures 
below 910°C, if the time at temperature is insuffi- 
cient for the carbon content of the entire center por- 
tion to reach that for equilibrium with cementite, 
there is a second break in the carbon distribution 
curve which corresponds to the carbon content of 
austenite in equilibrium with ferrite. A typical 
carbon distribution curve for such a sample is 
shown in Fig. 3. A photomicrograph of the cross 
section of a similar sample is shown in Fig. 4. 


RESULTS AND DISCUSSION 


The experimental results are summarized in 
Table I and plotted in Fig. 5. The measured cemen- 
tite solubility, Curve B, is in reasonable agreement 
with that calculated by Darken and Gurry’ and is 
greater than the graphite solubility’ for the tempera- 
ture range 734° to 1012°C. It has been pointed out by 
Darken and Gurry * and by Hansen‘ that a discrepancy 
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Fig. 2—Carbon distribution curves for wil 
two different samples: I—decarburized 
at 1000°C with 3 pet H,O-H, gas for 20 i ~ ee 
min., equilibrated 42 days at 739.4°C. s / Ps 
II—decarburized at 1000°C with 3 pct 
H,O-H, gas for 60 min., equilibrated 10 / 
days at 800.5°C; vertical lines indicate * - 
limits of machined layers; arrows in- |, 
dicate position of boundary at ends of 
the portion machined for analysis as 0.9-— —— 
determined metallographically; A and B / 
solubility of cementite at 739.4 and y 1 
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Fig. 3—Carbon distribution in 0.5-in. diam rod carburized 
4 days with CH,-H, mixture (CH, greater than that for 
equilibrium with graphite) at 930°C, held 35 days at 
738.3°C in helium atmosphere; A—carbon content y-iron 
in equilibrium with a-iron; B—carbon content of y -iron in 
equilibrium with a-iron; vertical lines indicate limits of 
machined layers. 


exists in certain observations concerning the stabil- 
ity of graphite and austenite saturated therewith 
relative to cementite. The present data, together 
with that of Wells® and of Darken and Gurry, indicate 
that cementite is a metastable phase relative to 
graphite and austenite saturated therewith for all 
temperatures between the eutectoid and eutectic tem- 


Table !. Solubility of Cementite in Austenite and Carbon Content 
of Austenite in Equilibrium with Ferrite 


Wt. Pct Carbon in Austenite 


Time of 
Temper- Equilibrium Equilibrium Equilibrium 
Sample atrue, °C (Days) with Fe,C with Ferrite 
H> 733.7 42 0.770* 0.725 
id 738.3 35 0.790* 0.690 
wi 739.4 42 0.790 
H® 7415 35 0.792* 
1° 800.5 24 0.940 
803.5 10 0.930* 
800.3 28 0.930 
843.8 7 1.065 
H* 849.0 18 1.083* 
1? 889.3 5 1.198 
896.0 5 1.218 
H* 946.0 5 1.375 
I* 949.2 5 1.380 
1° 1012.0 4 1.59* 
H—high-purity iron. (National Research) 
I—ingot iron. 


®Carburization followed by partial decarburization and equilibration. 
>Partial carburization followed by equilibration. 


*Carbon content of austenite region not constant; in all others the 
composition of the single-phase region was uniform within the experi- 
mental error. 
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Fig. 4—Cross section of a quenched sample having at 
temperature both a cementite plus austenite (outer light 
ring) and a ferrite plus austenite (center light portion) 
region, adjacent to a single-phase austenite region. The 
small austenite ring near the surface is due to decarbur- 
ization during the long time at temperature. X6. 


peratures. A determination® of the graphite and 
cementite solubility for the temperature range 800° 
to 1110°C using a high-temperature X-ray camera 
also indicates that the solubility of cementite in 
austenite is greater than that of graphite; however 
the cementite solubility is not in accord with that 
shown by line B, Fig. 5. 

In addition to the austenite cementite equilibrium 
data two points are shown of the carbon content of 
the austenite in equilibrium with ferrite. These 
agree with the data of Mehl and Wells’ and of Smith’ 
for the temperature range 742 to 849°C (Curve A, 
Fig. 5). The intersection of this line and that for the 
cementite solubility gives a eutectoid composition of 
0.765 pct C and a eutectoid temperature which is in 
agreement with that directly measured,® 727.2°C. 

Heat of Solution of Cementite in Austenite— The 
heat of solution of cementite is given by the relation: 


AHg = —4.575 d log (aie 

where dpe and d¢ are the activity of iron and carbon 
in y iron in equilibrium with cementite; the stan- 
dard state being chosen such that each activity ap- 
proaches unity as the atom ratio of carbon to iron 
approaches zero. These activities can now be de- 
termined from the present solubility data and the 
earlier determination of the relationship between 


composition and activity: ”° 
N, N, 
In ln == + 6.6 and Inap, = — 
Nee Nre 


where Nc/Nr. is the atom ratio of carbon to iron. 
In Fig. 6, log(aje ac) is plotted vs 10*/T; the slope of 
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this line gives a mean heat of solution of 7560 cal. 
This is in good agreement with the value 7500 cal 

(at 1000°C) calculated by Darken and Gurry® from the 
heat of solution of graphite in y-iron and the heat of 
decomposition of cementite into pure y-iron and 
graphite. 


APPENDIX* 


*This appendix is contributed by L. S. Darken and A. W. Sommer. 


The determination of solubility of cementite in 
y iron by the method previously described fails at 
higher temperature due to the tendency of cementite 
to decompose to iron and graphite. To obviate this, 
a different method has been proposed by L. S. Darken 
of this Laboratory. This approach involves the 
equilibration of iron samples with boro-cementites 
of various boron contents. Boron substitutes for 
carbon in a one-to-one ratio in Fe,C and thereby 
lowers the carbon content of y iron in equilibrium 
with boro-cementite to a value less than the solu- 
bility of graphite in y iron. Extrapolation of the 
equilibrium carbon content of the y iron phase to 
zero boron in the cementite then gives the solu- 
bility of cementite in y iron. The boron content of 
the y iron is of the order of a few thousandths of 
1 pct and may be neglected. Two series of deter- 
minations were made by A. W. Sommer, using this 
method. The iron samples were 1/4-in. diam rods 
of National Research Corp. iron. Each rod was 
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Fig. 6—Plot for determination of heat of solution of ce- 
mentite in y-iron; O—this investigation; ®@—Darken and 


Gurry. 


packed in a boro-cementite powder in a silica tube 
and sealed under vacuum. Prior to evacuation, ten 
drops of one to one hundred solution of mineral oil 
in benzene were added to provide a carbon-carry- 

ing-gas phase in the capsule. After equilibration at 


927° or 1011°C, the samples were air quenched; the 
iron rods were analyzed for boron and carbon, the 
powders for boron, carbon and also for graphitic 
carbon; the latter was negligible in all cases. Ex- 
trapolation to zero pct boron in the cementite gives 
a solubility of 1.32 pct C at 927°C and 1.69 pct C at 
1011°C; the experimental precision is about 

0.05 pct C. The former is in good agreement with 
the curve shown in Fig. 5; the latter would appear 
to be too large. 
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Activity of Silica in CaO-Al,0,-SiO; 


1600° and 1700° C 


Slags at 


New data on the distribution of silicon between slag and 
carbon-saturated iron at 1600° and 1700°C are presented which, 


in combination with previously published data, permit the de- 
termination of silica activities over a broad range of compo- 


sitions in the CaO-Al20,-SiO, system. 


Tue distribution of silicon between graphite-satu- 
rated Fe-Si-C alloys and blast furnace-type slags 

in equilibrium with CO has been described in pre- 
vious publications.*~* In this past work the silica- 
Silicon relation was established at temperatures of 
1425° to 1700°C for slags containing up to 20 pct 
Al,O,. This paper presents the results of additional 
studies at 1600° and 1700°C which extend the silicon 
distribution data at these temperatures for CaO- 
Al,0,-SiO, slags over a range from zero pct Al,O, 

to saturation with Al,O, or CaO-2Al,0,. The upper 
limit of SiO, is set by the occurrence of SiC as a 
stable phase when the metal contains 23.0 or 23.7 pct 
Si at 1600° or 1700°C, respectively. The activity of 
silica over the expanded range is determined directly 
from the distribution data.* 

Recently,*~’ other investigators have studied the 
activities of SiO, and CaO, principally in the binary 
system, using different methods and obtaining some- 
what different results. 


EXPERIMENTAL STUDY 


The experimental apparatus and procedure have 
been fully described in previous publications.’’® 
Six new series of experimental heats have been 
made, four at 1600° and two at 1700°C. Master 
slags of several fixed CaO/Al,0, ratios were pre- 
melted in graphite crucibles, and these were used 
with additions of silica to prepare the initial slag 
for each experiment. Slag and metal were stirred 
at 100 rpm and CO was passed through the furnace 
at 150 cc per min. The initial sample was taken 1 
hr after addition of slag at 1600°C or 1/2 hr after 
addition at 1700°C. The run was normally con- 
tinued for 8 hr at 1600°C or 7 hr at 1700°C, and 
the final sample was taken at the end of this period. 
Changes in Si and SiOz content indicate the direction 
of approach to equilibrium, and in a series of runs 
where the approach is from both sides this permits 
approximate location of the equilibrium line. Fig. 1 
shows the results of such a series of 15 runs at 
1600°C for slags of CaO /Al,O, = 1.50 by weight. 
Figs. 2 and 3 record other series at 1600°C and 
Fig. 5 a series at 1700°C with fixed CaO/Al,0, 
ratios. The results of the experiments at 1600°C 
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have been reported in part in a preliminary note.® 

In the experiments recorded in Figs. 4 and 6, the 
slags were saturated with Al,O, (or with CaO-2Al,0, 
within its field of stability) by suspending a pure 
alumina tube in the melt during the course of the 
run. The final slag analyses were used to establish 
the liquidus boundaries’ in the stability fields of 
CaO-2Al,0, and of Al,O,. 


ACTIVITY OF SILICA 


The free-energy change in the reaction has been 
calculated by Fulton and Chipman’ from recent and 
trustworthy data including heats of formation, 
entropies, and heat capacities. The more recent 
determination by Olette® of the high-temperature 
enthalpy of liquid silicon is in satisfactory agree- 
ment with the values used and therefore requires 
no revision of the result which is expressed in the 
equation: 

[1] 


SiO, (crist) + 2C (graph) = Si + 2CO(g) 


AF° = + 161,500 — 87.4T 


The standard state for silica is taken as pure 
cristobalite and that of Si as the pure liquid metal. 
Since the melts were made under 1 atm of CO and 
were graphite-saturated, the equilibrium constant 
for Eq. [1] reduces to Ki = ag; /asio,. The value of 
this constant is 1.77 at 1600°C and 16.2 at 1700°C. 
Through K,, the activity of silica in the slag is di- 
rectly related to the activity of silicon in the equi- 
librium metal. 


SiC, 4 
1600 °C a 7 
| -SiO, Slags, Ca0/Al 203 = 1.50 
Initial 

= 
: 
2 

2b 


4 8 12 16 20 24 28 32 36 40 44 
Silica - Weight Per Cent in Slag 


Fig. 1—Silicondistribution at 1600° for slags of CaO/Al,0, = 
1.50. 
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Fig. 2—Silicon distribution at 1600° for slags of CaO/Al,0, = 
0.96. 
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Fig. 3—Silicon distribution at 1600° for slags of CaO/Al,0, = 
0.58. 


The activity of silicon can be obtained from the 
atom fraction of silicon and the activity coefficient 
of silicon in graphite-saturated iron, as determined 
by Chipman, Fulton, Gokcen, and Caskey*° and shown 
in Fig. 7. Slags of varying composition in equi- 
librium with melts of the same silicon content have 
the same silica activity. 

Fig. 8 shows the composition of CaO-Al,0,-SiO, 
slags at 1600°C in equilibrium with Fe-C-Si alloys 
of several silicon concentrations. Boundaries on 


Sic 
= 22/Ca0-2A1 203 Saturated A | 203 Saturated 
| 
5 1600°C | 
oO Al203-SiO2 -Cad Slags | 
o Initial | 
= 4 
= 4 
4 
2 avid 


8 12 20 24 28 32 «636 40 
Silica - Weight Per Cent in Slag 


Fig. 4—Silicon distribution at 1600° for slags saturated 
with Al,O3 or CaO-2Al,03. 
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Fig. 5—Silicon distribution at 1700° for slags of CaO/A1,0; = 
1.75. 


the CaO-SiO, side of the liquid field are based on 
data of Rankin and Wright" as revised by Sosman 
and Anderson.” On the Al,O,-SiO, side they were 
redetermined during the course of this study.® In- 
terpolation in Figs. 1 to 4 and in the curves pub- 
lished by Fulton and Chipman’ for slags of 0, 10, 
and 20 pct Al,O, yields the points shown in Fig. 8. 
The lines of constant silicon content in the metal 
represent isoactivity lines for SiO, in the slag. The 
lines are drawn on the assumption there are no 
sharp breaks or cusps and with the realization that 
the experimental method furnishes only approximate 
rather than precise values for the equilibrium ratio. 

Fig. 9 shows the composition of CaO-Al,0,-SiO, 
slags at 1700°C in equilibrium with Fe-C-Si melts 
of several silicon concentrations. The data of Figs. 5 
and 6 are combined with the previous data’ for slags 
containing 10 and 20 pct Al,O,. 

In Figs. 10 and 11, curves are drawn for selected 
values of silica activities at 1600° and 1700°C, re- 
spectively. The coordinates are the mole pct of 
CaO, SiO., and AlO,,,, The dashed lines for asio 
= 0.00011 at 1600° and 0.00015 at 1700°C are in the 
range of silica contents where the silica-silicon 
distribution curves are not as well defined as at 
higher levels. They are based on the shapes and 
trends of the higher iso-activity lines and on the 
calculation described in the following section. 
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Fig. 6—Silicon distribution at 1700° for slags saturated 
with Al,O; or CaO-2Al,0¢. 
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constituent oxides was calculated by the authors® 


-04 
from data of King,’ Todd,** Bureau of Mines Bul- 
-06 Pa letins 476 and 542, and recent high-temperature heat 
J capacity data of Coughlin and O’Brien.” The data 
a f) lead to the equation, valid at high temperatures: 
2CaO (s) + SiO, (crist) = Ca, SiO, (s) [2] 
“1.0 Ly AF° = -23,540 5.6T 
WA This equation is based on accurate data and is prob- 
a / ably more reliable than that for any other inter- 
Pi V oxide compound at high temperatures. According to 
3 005 ~~ / the equation, the value of the equilibrium constant 
~ 16005 Asio,i8 1.1 10~*at 1600°C and 1.5 x at 
8 oe | 18005 WV 1700°C where the activity of each of the pure solids 
an ae YL Sfiaes5e is taken as unity. For slags which are in equilibrium 
with CazSiO,, the activities of CaO and SiOz are 
| rs mutually dependent through the above constant. In 
-1.8 7 equilibrium with both Caz2SiO, and solid CaO, the 
er a activity of SiO, is 1.1 x 107* at 1600° and 1.5 x 107 
as ee at 1700°. These calculated activities may be com- 
oe ae pared directly with the experimental values re- 
ported. 
-2.2 At the experimental temperatures the phase 
Ca;SiO, intervenes between Ca,SiO, and CaO. Its 
SILICON, ATOM FRACTION range of stability is small, however, and a meta- 


stable intersection of the liquidus lines of Ca,SiO, 
and CaO can be obtained by a short extrapolation. At 
this intersection the activity of SiO, has the values 
EQUILIBRIUM WITH DICALCIUM SILICATE listed above. In Fig. 12 the logarithm of the activity 


The free energy of formation of Ca,SiO, from its of SiO, is plotted against the mole ratio SiO,/CaO 


Fig. 7—Activity coefficient of silicon in graphite-satu- 
rated iron. 


©. 
fe) 


3 


Fig. 8—Compositions of CaO-Al,0;-SiO, 
slags at 1600° in equilibrium with 
C-saturated iron of stated Si content. 


Fig. 9—Compositions of CaO-Al,O3-SiO, 
slags at 1700° in equilibrium with 
C-saturated iron of stated Si content. 
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Fig. 10—Isoactivity lines of silica at 3 
1600°; compositions in mol percent of > 80 
components Ca, AlO;,5, SiO». 
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Fig. 11—Isoactivity lines of silica at 
1700°; compositions in mol percent of 
components CaO, AlO;,5, SiO». 


for slags in equilibrium with solid Caz,SiO,. The 
points shown were computed from the intercepts of 
the isosilicon lines shown in Figs. 8 and 9 and from 
the intersections mentioned above. 

Two observations may be drawn from Fig. 12. The 
first is that the activity of SiO, in slags which are in 
equilibrium with Ca,SiO, is nearly independent of 
temperature and is a simple function of the SiO2/CaO 
ratio. 

The second observation is that activities arrived 
at by means of the distribution experiments are in 
very good agreement with those calculated from the 
free energy and solubility of Ca,SiO,. This agree- 
ment constitutes a strong confirmation of the activ- 
ities here reported. Comparisons with the results of 
other investigators are reserved for a later paper. 


Log Asio 


30 40 50 60 70 80 AIO, 
AlO, 5 Mol Per Cent 


CaO Saturation 
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Variation in Orientation Texture of 


Ultra-Thin Molybdenum Permalloy Tape 


Quantitative pole density stereograms of {111} poles of 1/8- 
mil molybdenum permalloy tapes from six production heats in 
both cold-rolled and annealed conditions were developed in order 
to reveal possible variations in texture and magnetic properties. 
The intensity of each individual texture component depends on the 


combined effect of many processing variables. Among other pos- P. K. Koh 

sible combinations of texture components, a relatively strong yes 

(110) [001] annealed texture component seems to associate with H. A. Lewis 

the highest squareness ratio and lowest coercive force of the H. F. Graff 
ora 


tapes studied. 


In a previous paper’ components of cold-rolled 
texture as well as annealed texture of ultra-thin 
molybdenum permalloy tape from one production 
heat were established. In fabricating ultra-thin 
tape cores there remains the possibility that a 
particular combination of many yet unfathomed but 
possible processing variables of minute order of 
variation might result in the prominence of certain 
texture components and the diminution or exclusion 
of the others. Such a change could directly affect 
magnetic characteristics of tape wound cores 
through nucleation, propagation, and reversal of 
magnetic domains. 

In the present investigation samples of '/.-mil 
tape were taken from six production heats in both 
cold-rolled and annealed conditions. These heats 
were processed at the same time and represent 
normal variables in melting, rolling, annealing, 
and fabricating. As in previous work,’ all tapes 
studied were in flat strips and were not subjected 
to flexial stress due to winding on bobbins. Mag- 
netic data on the hysteresis loop and switching 
characteristics and {111} pole figures were ob- 
tained on tapes of each heat in order to correlate 
the magnetic properties with the variation in tex- 
ture components. 


X-RAY TECHNIQUE 
The X-ray optical arrangement used in this in- 
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vestigation differed slightly from that used in 
earlier work’ in the following points. The pri- 
mary beam spot used was of narrow linear area 
instead of rectangular projected area in order to 
reduce the degree of horizontal divergence. 
A1-deg beam slit was used if the diffracting in- 
tensity permitted, otherwise, a 3-deg beam slit 
was used. Neither Soller nor detector slit was 
used in order to permit diffracted beam from as 
many individual grains as possible to enter the 
proportional counter. A new and improved speci- 
men holder extended the useful tilting angle range 
to 70 deg instead of 60 deg as previously reported.’ 
In order to complete the remaining central 20-deg 
region of the stereogram the technique reported by 
Schwartz? and Newkirk and Bruce® was used with 
cobalt radiation at 30 kv in the back-reflection 
range, such as {222} for {111} poles. The low 
voltage serves to reduce the spurious pole den- 
sities due to white radiation to a minimum. One 
layer of 0.001-in. iron foil was located in front of 
the detector slit for transmission, and in front of 
the beam slit for back reflection. 


MAGNETIC MEASUREMENT 


The following magnetic parameters were used 
for evaluation of the cores: 

1) Switching coefficient 

2) Squareness (Br/Bm ratio) 

3) Coercive force 

The switching coefficient was obtained by conven- 
tional techniques described by Menyuk* and Menyuk 
and Goodenough.°® 
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Fig. 1—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture. Heat 67982. Contour lines are in 
sequence of 1.5 times random intensity. Numbers beside 
contour lines indicate the pole density in counts per sec- 
ond. Individual poles of ideal orientations are as indicated: 
A (110)[335}; © (110)[ 335]; and (110)[001). 


The squareness or Br/Bm ratio is obtained by 
measuring the one flux and zero flux of the core 
and then applying the following formula: 


one flux — zero flux _ Br 
one flux + zero flux - Bm 


The coercive force is the magnitude of magneto- 
motive force necessary to reduce the residual in- 
duction to zero. It is obtained by measuring the 
amplitude of the magnetomotive force necessary to 
switch one-half of the total flux reversal of the core. 


EXPERIMENTAL RESULTS 


A) Deformation Texture—Previous work’ has 
established the cold-rolled texture of the ultra-thin 
molybdenum permalloy tape as mainly of the (110) 
[335] and (110)[335] orientations which are slightly 
different from the commonly known brass texture of 
{110}<112>. Figs. 1 and 2 agree well in the major 
pole concentrations with Fig. 1 in the previous pub- 
lication’ except for the height of pole-density levels, 
the difference of which could be due to a difference 
in X-ray optics and the kind of radiation used. With 
the same X-ray optics and the same specimen set- 
ting the diffracted intensity with molybdenum radi- 
ation is always higher than that with cobalt radia- 
tion, but the former radiation induces more intense 
spurious reflection due to white radiation. 


In Fig. 2 as well as in Fig. 1 of the previous work’ 
there are relatively weak pole concentrations on the 
base circle at 55 deg from the R.D. and also 35 deg 
from the center along the R.D. which can be identi- 
fied as the (110)[001] or cube-on-edge orientation. 
The pole concentrations on the base circle escaped 
notice previously’ because of their relatively weak 
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Fig. 2—Pole-density stereogram, { 111} poles, giving the 
cold-rolled texture. Heat 67981. Individual poles of ideal 
orientation are as indicated: A (110)[335]; O (110)[335] ; 
and (110)(001). 


peaks and their positions which were so close to the 
strong poles of the {110}<335> orientations; while 
the pole concentrations along the R.D. actually 
superimpose on intense polar areas of adjacent 
poles of the {110} <335> orientations. 

It is to be noted that Fig. 1 shows the absence of 
the minor (110)[001] orientation due to variables in 
processing. 


Fig. 3—Pole-density stereogram, {111} poles, giving the 
annealed texture after 2 hr at 927°C. Heat 67982. Individ- 
ual poles of ideal orientations are as indicated: A (120) 
{001]; © (210)(001]; & (113)[785]; @ (113)[785]; and 

(110)[{001}. 
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Fig. 4—Pole-density stereogram, {111} poles, giving the 
annealed texture after 2 hr at 927°C. Heat 67260. Individ- 
ual poles of ideal orientations are as indicated: A (120) 
[001]; © (210)[001}; & (113)[785]; @ (113)[{785]; and 0 (110) 


[001]. 


B) Annealed Texture—Figs. 3, 4, 5, 6, and 7 show 
the representative {111}; pole figures of /,-mil tape 
from six production heats after annealing for 2 hr at 
927°C (1700°F). Except for occasional dense polar 
areas on the base circle at 55 deg from the R.D., as 
reported previously,’ any one of these pole figures 
can be adequately described by two orientations and 


Fig. 6—Pole-density stereogram, {111} poles, giving the 


annealed texture after 2 hr at 927°C. Heat 67261. Individ- 


ual poles of ideal orientations are as indicated: A (120) 


[001]; © (210)[001}; & (113)[785]; @ (113)(785]; and 0 (110) 
{001}. 
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Fig. 5—Pole-density stereogram, {111} poles, giving the 
annealed texture after 2 hr at 927°C. Heat 67258. Individ- 
ual poles of ideal orientations are as indicated: A (120) 

{001}; © (210)[001}; & (113)[785]; @ (113)[785], and 0 (110) 


[001]. 


their mirror images or twins, i.e., (120)[001] + (210 
[001] and (113)[785] + (113)['785). 

In Figs. 4, 5, and 6, and to a lesser degree in 
Figs. 3 and 7, the intense polar areas on the base 
circle at 55 deg from the R.D. can be established 
as due to (110)[001] orientation. 

On close examination each component of the an- 
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Fig. 7—Pole-density stereogram, {111} poles, giving the 
annealed texture after 2 hr at 927°C. Heat 67259. Individ- 
ual poles of ideal orientations are as indicated: A (120) 
(001); © (210)[001}; & (113)[785]; @ (113)[785]; and 0 (110) 
[001]. 
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Table |. Relative Intensity of Annealed Texture Components 


Heat (210)(001] (113)(785] (113)(785] (110)[ 001 


67982 strong strong strong strong medium 
67981 strong strong medium medium strong 
67260 medium medium medium medium strong 
67258 strong strong medium medium strong 
67261 strong strong strong strong strong 
67259 strong strong strong strong medium 


nealed texture exhibits various degrees of intensity 
in any individual pole figure. Table I lists the rel- 
ative intensity of the annealed texture components. 

C) Magnetic Data—Switching coefficient was de- 
fined*»° as: 


Sw = (H-Ho) 


where H = Applied field in oersteds 
Ho = Threshold or intrinsic field in oersteds 
Ts, = Switching time in microseconds. 

In Fig. 8 the measured values of H are plotted as 
ordinates against measured values of 1/Ts,,. The 
slope of the curve gives Sw, while the intercept of 
the curve crossing the ordinate axis at 1/T,,, =0 
gives Ho. 

The curves for the other heats studied are rather 
similar in shape. 

Table II lists the values of magnetic parameters 
of annealed tapes from six production heats. 


DISCUSSION OF RESULTS 


Cube-on-Edge Orientation—On compression- 
rolling aluminum, thorium, nickel, and copper, 
Barrett® and Smallman’ reported the resultant tex- 
ture as [110] fiber texture with spread to [100] and 
[311]. Alpha brass, copper-nickel and similar al- 
loys behave slightly different under the same cir- 
cumstances, and result in [110] fiber texture with 
spread to [111] and [311]. 

The difference in cold deformation behavior be- 
tween those two families of face-centered-cubic 
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sw 
Fig. 8-H vs 1/7;,, curve. Heat 67982. Annealed 2 hr at 
927°C. 
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Table Il. Magnetic Data of Annealed Tapes* 


Switching Coercive 


Coeffi- Force,*Hc in Squareness,° Ho in* 
Heat cient,’ Sw Oersteds Br/Bm Oersteds 
67982 0.61 0. 153 0.917 0. 16 
67981 0.56 0.151 0.929 0.15 
67260 0.56 0.139 0.935 0. 14 
67258 0.59 0.149 0.936 0.15 
67261 0.57 0.161 0.923 0.15 
67259 0.54 0. 157 0.924 0.16 
*1/8 mil tapes annealed for 2 hr at 927°C. 
(H-Ho) 
1 = 


"Hc in measured value. 
*Br/Bm value taken at A = 0.5 oersteds. 
*Ho obtained by extrapolation of H vs I/ts, graph. 


metals is exemplified by the near (123)[121] cold- 
rolled texture for the former vs the (110)[112] cold- 
rolled texture for the latter. It is interesting to 
note that both the cold-rolled and annealed texture 
components of molybdenum permalloy tape have 
rolling planes oriented perpendicular to the com- 
pression rolled fiber axes. 

The major {110} <335> components and the minor 
(110)[001] component of cold-rolled texture of the 
tape can thus be related as a family of <110> fiber 
texture. 

The presence of (110)[001] as an annealed texture 
component can be interpreted as recrystallization 
in situ from the same orientation as a cold-rolled 
texture component. The other alternative regarding 
the origin of the cube-on-edge annealed component 
is the rotation orientation relationship with the ma- 
jor cold-rolled end orientation. Fig. 9 and Table III 
summarize the results of graphical determinations 
of rotation orientation relationship. It becomes 
evident that a 45-deg <111> rotation orientation 
does not hold true in this case, but instead, a 30 to 
35-deg <110> rotation orientation relationship holds 
true as reported previously.°® 


Table III. Data for Rotation Orientation Relationship 


Component of | Component 
Cold-Rolled of Annealing Axis of Rota- Direc- Devia- 
Texture Texture Rotation’ tion? tion® tion‘ 
(110) (001) (120) (001) [001] L 19 cc 0 
(L Component) 
(210) (001) [001] L 19 Cc 0 
(113)(785} (110 L 57 Cc 6 
(113) (785) [111] L 57 cc 7 
(110) [335] (110) [001] [110] A 38 c 0 
(A Component) 
(110) [335] (110) [001] [110] B 38 cc 0 
(B Component) 


*A <111> or other axis nearest to the graphically determined axis 
of rotation. 

"Degrees of rotation about the graphically determined axis of rota 
tion. 

*C-—Clockwise, CC—Counterclockwise. 

“Deviation in degrees of axis rotation from ideal poles of a com- 
ponent of the cold-rolled texture. 
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Fig. 9—Rotation orientation relationship 
between the (110)[{335] and (110)(335} 
components of cold-rolled texture and 
Not’ cal component of annealed texture, 
100} poles. Individual poles are as in- 
dicated: L, 0: (110)[001}; A, A: (110) 
[335]; B, O: (110)[335). 


Fig. 10—Rotation orientation relation- 
ship between the (110)[001] component 

of cold-rolled texture and components 

of annealed texture, {100} poles. Indi- 
vidual poles of ideal orientation are as 
indicated: L, (110)(001]; C, A: (120) 
(001]; D, O: (210)(001}; E, &: (113)[785] 
F, @: (113)[785}. 
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The results described in Fig. 10 and tabulated in 
Table III indicate that a 45-deg <111> rotation ori- 
entation relationship does not exist between (110) 
[001] cold-rolled texture component and the {120} 
<001> and {113} <785> annealed texture component. 

Table II shows that the values of coercive force 
Hc as measured check well with those as graphically 
determined. The smaller the value of Hc means the 
shorter the switching time under otherwise similar 
conditions. 

In general, the difference in each of the magnetic 
parameters measured was slight among the an- 
nealed tapes from the six production heats. 

On close scrutiny of small differences in mag- 
netic parameters listed in Table II vs relative in- 
tensity of annealed texture components listed in 
Table I, it can be deduced that the highest square- 
ness ratio and lowest coercive force are always 
associated with a relatively strong (110)[001] an- 
nealed texture component. No correlation was 
found between texture and switching coefficient. 


SUMMARY AND CONCLUSION 


1) Cold rolling the tape developed (110)[335] and 
(110)[335] end orientations as major texture com- 
ponents together with a previously unnoticed cube- 
on-edge or (110)[001] minor component whose in- 
tensity varies according to a combination of many 
possible processing variables. These components 


can be related as a family of <110> fiber texture. 

2) Annealing the tape at 927°C developed (120) 
[001] + (210)[001]; (113)[785] + (113)[785]; and 
previously unnoticed (110)[001] cube-on-edge tex- 
ture components. The intensity of each individual 
texture component depends on the combined effect 
of many processing variables, and varies independ- 
ently from heat to heat. The (120)[001] + (210)[001] 
and (113)[785] + (113)['785] orientation bears, in gen- 
eral,a35- to 45-deg rotation orientation relationship 
about <111> of cold-rolled end orientations. The 
(110)[001] component holds a 38-deg <110> ro- 
tation orientation relationship with cold-rolled end 
orientations. 

3) The results of the magnetic tests indicate that 
the highest squareness ratio and lowest coercive 
force are always associated with a relatively strong 
(110)[001] annealed texture component. No cor- 
relation was found between texture and switching 
coefficient. 
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High-Temperature Aging Structures in ~’-Hardened 


Austenitic Alloys 


Variations in the secondary phase reactions of six nickel- 
and cobalt-base alloys were determined as a function of solu- 
tioning from 1700° to 2200°F and aging at 1200° to 1800°F for 
times up to 1000 hr. Room-temperature impact energies and 
hardnesses were also measured. Precipitation hardening of 
these alloys results mainly from the grain-interior formation 
of y'; MzCe appears principally as grain-boundary cells which 
can be eliminated by intermediate high-temperature aging treat- 
ments. Cellular precipitation of y' occurs up to 1500°F in 
cobalt-nickel alloys devoid of chromium, where precipitation 
by this mode can be attributed to a large degree of lattice 
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disregistery. 
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is dependent on balancing the strength and ductility 
provided by the solid-solution matrix, dislocation- 
type subboundaries, grain-boundary phases and gen- 
eral precipitation within individual grains. Since 
equilibrium relationships for complex austenitic 
alloys are not easily fixed, a satisfactory balance 
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is frequentiy scught by trial-and-error variation 
of composition, heat treatment, and other process- 
ing factors. On occasion, the degree of solute su- 
persaturation and matrix strain becomes so great 
that cellular precipitation occurs in a manner 
similar to that described by Turnbull.’ In alloys 
of the Udimet-500, Nimonic-80, and Inconel-X 
type, mechanisms for both cellular and general 
precipitation are operative during aging; the pur- 
pose of this paper is to report the variables in- 
fluencing such structural observations in these 
and two high-cobalt alloys containing no chromium. 
Dur ing an investigation? of the influence of molyb- 
denum content on phase relationships in alloys of 
the M-252 type, cellular precipitation was found 
after short-time aging between 1200° and 1500°F 
whenever less than 6 pct Mo was present. Since a 
greater amount of molybdenum would cause re- 
placement of M2;C, by M,C, the cells were as- 
sociated with the former carbide. Betteridge and 
Franklin® noted that dark-etching, crescent-shaped 
regions formed along the grain boundaries of 
Nimonic-80; these were believed to be indicative 
of the cellular precipitation of y’, i.e., Ni, Al with 
limited solubility for iron, cobalt, chromium, ti- 
tanium, copper, and silicon. From electron-dif- 
fraction data, Mihalisin* has stated that the cellular 
phase in Nimonic-80 is M23C, having a lattice pa- 
rameter almost identical to that of Cr,,C,. Bigelow, 
Amy, and Brockway’ correlated the mechanical 
properties of Inconel-X with the size distribution of 
y’ particles, but no mention was made of the occur- 
rence of cellular precipitation. 


EXPERIMENTAL METHODS 


The materials whose compositions are listed as 
weight and atomic percents in Table I were studied 
according to the procedures found successful for 
examining other groups of austenitic alloys.*”’ A 
convenient specimen size was obtained by machining 
forged bar stock and rolled plates into unnotched 
Charpy blanks. After each blank received its 


specified heat treatment, a V-notch was added, and 
impact resistance was measured at room tempera- 
ture. One-half of the fractured specimen was used 
as a digestable anode in an electrolytic cell, while 


the other was ground on both sides for Rockwell A 


hardness testing. At least ten impressions were 
made to give an average hardness value, and then 
the ground half was sectioned along its lengthwise 
direction and further prepared for light and electron 
microscopy. 

Solution-treated properties and structures were 
surveyed initially by exposing specimens for times 
of 8 and 24 hr to temperatures of 1700°, 1800°, 
1900°, 2000°, 2100°, and 2200°F, followed by water 
quenching; nitrogen atmospheres were provided at 
2100° and 2200°F to prevent excessive oxidation. 
From preliminary data, it was decided that solu- 
tioning for 8 hr at 2100°F would be optimum for the 
alloys under consideration, and so additional speci- 
mens were given this treatment, water quenched 
and isothermally aged for 0.4, 1, 3, 8, 30, 80, 340, 
and 1000 hr at 1200°, 1300°, 1400°, 1500°, 1600°, 
1700°, and 1800°F, followed by air cooling. 

Powder residues were prepared for X-ray anal- 
ysis by using an alcohol-7 pct HCl electrolyte at a 
current density of 0.1 to 0.2 amp per sq in. for at 
least 48 hr. The more noble phases remaining were 
separated by filtration, rinsed in alcohol, and oven- 
dried. To extract y’, the 20 pct aqueous solution of 
Hs PO, suggested by Wilde and Grant® was used; 
since M32;C, is dissolved by this electrolyte, a com- 
plete coverage requires utilization of both solutions. 
Dried powders were examined with a General Elec- 
tric XRD-5 diffractometer using filtered cobalt, 
nickel, or copper radiation. Systematic 6 dependent 
errors were eliminated by frequent realignment of 
the spectrogoniometer, and lattice parameters of 
extracted phases were obtained by least-squares 
analyses of sin? 9 values. Whenever diffractometer 
charts produced meager data, as they did with ex- 
tracts from alloys designated as P and Q, photo- 
graphic Debye-Scherrer patterns were recorded 
in a 114.6-mm powder camera. Filtered nickel 


Table |. Composition of Alloys Investigated 


Alloy Content 


Desig- 
nation Type Pct 4 N Al Ti Fe Ni Co Cr Mo Si Mn Cu S B Ze 6}6& 
L* Udimet-500 wt 0.09 0.03 3.00 2.98 0.30 50.32 19.10 19.50 4.30 0.16 0.10 0.12 - ~ - - 
at. 0.42 0.12 6.18 3.46 0.30 47.66 18.01 20.84 2.49 0.32 0.10 0.10 ~ - - - 
M* Nimonic-80 wt 0.09 0.01 1.16 2.41 0.56 74.59 - 20.35 - 0.30 0.48 0.03 0.01 - - - 
at 0.42 0.06 2.40 2.80 0.56 70.84 - 21.81 - 0.60 0.49 0.03 0.01 - - - 
N* Inconel-X wt O04 0.01 O81 273 663° 72.57 - 15.17 ~ 0.34 0.80 0.04 0.01 - - 0.84 
at. 0.19 0.03 1.69 3.21 6.69 69.69 - 16.44 — 0.68 0.82 0.04 0.01 _ - 0.51 
o* Modified 
Udimet-500 wt 0.09 0.03 3.23 3.40 0.45 53.35 18.15 16.74 4.18 0.15 0.09 -— - 0.01 0.12 —- 
at. 0.44 0.12 6.65 3.94 0.45 50.49 17.10 17.88 2.42 0.30 0.09 ~ - 0.05 0.07 — 
Pt Co-Ni wt 0.04 0.01 0.77 2.47 0.95 23.60 70.98 - - 0.24 0.91 - 0.02 - - - 
at. 0.19 0.04 165 2.97 0.98 23.20 69.46 a ~ 0.49 0.96 - 0.04 - - 
Qt Co-Ni-Fe wt 0.05 0.01 0.31 2.00 2.50 34.06 60.49 - ~ 0.20 0.35 - 0.02 - - - 
at. 0.24 0.04 0.67 2.42 2.60 33.66 59.53 - ~ 0.41 0.37 - 0.04 - - - 


*Vacuum melted and forged into 5/8-in. bar stock. 
tMelted under argon and rolled into 3/4-in. plates. 
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radiation was used and the exposure time was 12 hr; 
films were calibrated by the Straumanis-Ievins 
method. Matrix lattice parameters were determined 
from diffractometer charts of carefully cleaned and 
etched specimens. 

For light and electron microscopy, the specimens 
were mechanically polished, using an intermediate 
wax wheel to preserve all phases intact. The best 
etchant for alloys L and O was a freshly mixed so- 
lution of 92 pct HCl, 5 pct H2SO,, and 3 pct HNO,, 
while the other alloys were satisfactorily attacked 
by electrolytic 10 pct chromic acid. After strip 
cleaning the etched surfaces, negative plastic rep- 
licas were prepared by the direct application and 
removal of parlodion on 200-mesh copper screens; 
these were chromium shadowed in high vacuum at 
an angle of 20 deg. 


EXPERIMENTAL RESULTS 


Impact Resistance and Hardness Measurements— 
Although many of these data and observations are 
not significant when analyzed individually, the 
‘‘various techniques acting in concert’’® do produce 
correlatable results. In Fig. 1 the structure-sen- 
sitive property of room-temperature V-notch 
Charpy impact resistance is compared with hard- 
ness, and together they are plotted as a function of 
solutioning temperature. Increasing the holding 
time of alloy L from 8 to 24 hr decreases impact 
resistance at temperatures below that of maximum 
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Solutioning Temperature-F 
Fig. 1—Room-temperature impact-resistance and hard- 
ness data taken on quenched specimens of alloys L, M, 
and N (Udimet-500, Nimonic-80, and Incone1-X) held at 
1700° to 2200°F for 8 and 24 hr. 
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phase dissolution and increases impact resistance 
at higher temperatures. The impact-resistance 
curve for alloy M reaches a plateau at 1900° to 
2000°F which will later be shown to coincide with 
the appearance of M;C,; the curve for alloy N 
quickly rises to a value of 240 ft lb at 1900°F and 
reaches 280 ft lb at 2100°F. After 8 hr at 2100°F, 
quenched specimens of alloys P and Q possessed 
impact resistances of 206 and 180 ft lb and Rock- 
well A hardnesses of 44.9 and 51.1, respectively. 

In Fig. 2 one can see the drastic loss of impact 
resistance from 145 to about 10 ft lb experienced 
by alloy L on aging up to 1000 hr at 1200° to 1800°F, 
whereas maximum hardness is attained only after 
1000 hr at 1400°F. Additional alloy-L specimens 
were solution treated, aged for 0.4, 1, 3, 8, and 
30 hr at 1600°F, notched and given slow-bend tests 
at a rate of 0.005 in. per in. The areas measured 
under their stress-strain curves provided the same 
fracture energies shown in Fig. 2 as evidence that 
strain rate has little or no effect on the low values 
observed. Since the slow-bend data for the stress 
to fracture were relatively constant, it appears that 
the impact-resistance decreases in Fig. 2 are di- 
rectly related to the ductility lost through precipita- 
tion reactions. Further impact-resistance tests 
conducted at temperatures up to 1200°F disclosed, 
however, that this property increases with testing 
temperature in a linear manner with a constant 
slope for all aged specimens; e.g., alloy-L speci- 
mens aged for 30 hr at 1600°F have impact resist- 
ances of 20, 28, and 37 ft lb at 400°, 800°, and 
1200°F, respectively. 

After 1000 hr at 1200°F, the impact resistance 
of alloy M decreases from a solution-treated value 
of 175 ft lb to 40 ft lb. Although the decrease is 
greater at higher temperatures, up to 1600°F when 
the data again increase, no values less than 35 ft lb 
were measured. The maximum aging hardness of 
alloy M is reached after 340 hr at 1300°F; holding 
at 1700°F gives the lowest values with further in- 
creases at 1800°F. The general shape of the family 
of curves shown in Fig. 3 for alloy N is similar to 
that of alloy M, implying similar types of aging re- 
actions involving both general y’ and cellular M,,C, 
precipitation. Alloy O, which is a different heat of 
alloy L with boron and zirconium additions, provided 
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Fig. 2—Changes in room temperature, impact resistance, 
and hardness of alloy L (Udimet-500) during aging at 
1200° to 1800°F after solutioning for 8 hr at 2100°F. 
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Fig. 3—Changes in room temperature, impact resistance, 
and hardness of alloy N (Inconel-X) during aging at 1200° 
to 1800°F after solutioning for 8 hr at 2100°F. 


data within experimental error of those plotted in 
Fig. 2, except for having a higher impact resistance 
of 64 ft lb and a Rockwell A hardness of 72.6 after 
aging for 1000 hr at 1200°F. Alloys P and Q were 
somewhat different in that their impact resistances 
would increase and their hardnesses would decrease 
with increasing aging temperature; e.g., alloy-P 
specimens aged for 1000 hr at 1200°, 1400°, and 
1600°F had impact resistances of 30, 54, and 98 ft lb 
and Rockwell A hardnesses of 70.5, 64.4, and 60.1. 
X-Ray Phase Analyses—Table II gives the results 
of X-ray analyses of phases extracted from quenched 
solution-treated specimens. The abundances listed 
here and in Table III are stated only in regards to 


each residue; from X-ray line intensities, one can 
estimate relative abundances for correlation with 
the optical and electron microstructures observed 
in the various specimens and alloys. The uncer- 
tainties of phase identification are eliminated for 
the most part by the large number of specimens 
examined and the resulting redundancy. Table III 
gives similar results on specimens which were 
solution treated for 8 hr at 2100°F, water-quenched 
and aged for long times from 1200° to 1800°F. 

In alloy L, y’ goes into solution after 8 hr be- 
tween 1900° and 2000°F, and M,C, dissolves be- 
tween 2000° and 2100°F. On long-time aging from 
1200° to 1800°F, there is a progressive increase in 
both y’ and M,,C, precipitation with some solution- 
ing of Ti(C, N) between 1500° and 1800°F. There is 
also an increase in the lattice parameter of M,,C,, 
indicating perhaps an increasing solubility for mo- 
lybdenum; however, it may alternatively be caused 
by an adjustment in the Cr-Fe-Co-Ni content to 
optimum proportions. The X-ray data for y’ ex- 
tracted from an alloy-L specimen, which had been 
aged for 1000 hr at 1600°F, are given in Table IV 
where one can note that the photographic pattern 
contains six superlattice lines. 

A double-aged creep specimen of Udimet-500 
from a slightly different heat than alloy L had un- 
dergone 5000 hr at 1350°F under stress until it 
failed. In this case, X-ray phase analysis found an 
abundance of M.,C, and o phase but no Ti(C, N) or 
TiN; the X-ray data are listed in Table V as an 
example of the certainty of identification of o phase. 


Table Il. X-Ray Phase Identification of Specimens Solution Treated as Indicated and Water Quenched 


Lattice Parameters, A. and Abundances* 


Solutioning 
Desig- Temp. in°F M,C,, 
nation Type for8Hr Ti(C, N) TiN M,C, y' Trigonal Cb(C, N) Y Phase, Hexagonal 
L___sUdimet-500 1800 4.316 mr - 10.701 m Presentt 
1900 4.323 ma 10.711 m Present t 


2000 4.313 a 
2100 4.321 a 4.247 m - 
2200 4.321 a - 


Nimonic-80 1700 4.32 vr 4.25 10.657 
1800 - 4.25 r 10.657 
1900 - 4.251 fr 10.656 
2000 4.307 vr 4.251 mr - 
2100 4.303 mr 4.248 m - 
2200 4.285 mr 4.249 ma me 


N Inconel-X 1700 4.256 r - - 
1800 Presentt vr - 
1900 Present? vr - 
2000 Present? vr - 
2100 Present¢ vr - - 
2200 4.253 m - - 


Modified 
Udimet-500 2100 4.334 a 4.26 m - 
Co-Ni 1900 (1hr) - 4.242 m - 
2100 (8 hr) - 4.242 mr - 
Qs Co-Ni-Fe 1900 (1hr) 4.324 ma 4.250 m - 


2100 (8 hr) Presentt r Presentt r - 


Present? r Presentt vr - 


a Present t 
a 


ma - a, = 14.071 - 
4.529 

a, = 14.050 ‘ 
4.530 

Present t 4.378 a - 

Presentt _ 4.382 a - 

- - 4.385 a - 

- Present? a 
~ - 4.370 a - 


a, = 3.202; c, = 11.201 a 
a = 3.207; c, = 11.197 a 


a, = 3.202; c, = 11.219 a 
Present? r 


*a means abundant, m— medium, r—rare, v —very. 
tObserved in microstructure. 
tInsufficient lines for accurate parameter measurements. 
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Table Ill. X-Ray Phase Identification of Specimens Solution Treated 8 Hr at 2100°F Water Quenched and Aged as Indicated 


Aging Aging Lattice Parameters, y and Abundances* 
Desig- Temp. Time 
nation § Type in °F in Hr Ti(C,N) TiN M,,C, y’ Cb(C, N) Y Phase, Hexagonal 
L Udimet-500 1200 1000 4.316 a t vr 10.686 mr t a - - 
1300 1000 4.309 a t ver 10.686 m - - 
1400 1000 4.320 m t ve 10.698 mr 3.586 vat - = 
1500 1000 4.317 mr t vr 10.700 m 3.589 vat - - 
1600 1000 4.311 r t vr 10.714 m 3.590 vat - - 
1700 340 4.322 r 4.255 10.721 a t va - - 
1800 80 4.326 r 4.255 10.721 a a - - 
M Nimonic-80 1200 1000 t vr 4.248 m 10.655 mr t a - - 
1300 1000 t vr 4.247 m 10.665 mr a _ - 
1400 1000 t vr 4.248 m 10.657 ma - - 
1500 1000 t vr 4.249 m 10.662 ma t a - - 
1600 1000 4.30 vr 4.253 m 10.667 a t's - - 
1700 340 t vr 4.251 m 10.656 a t a - - 
1800 30 4.248 m 10.660 ma ~- - - 
N Inconel-X 1200 1000 4.255 m - 10.667 a Lee. 4.387 ma - 
1300 1000 4.258 m 10.657 a t ma 
1400 1000 4.262 mr 10.659 a 4.382 m 
1500 1000 4.263 mr - 10.656 a  ¥ «a 4.379 m - 
1600 1000 4.258 mr - 4.387 a 
1700 340 4.261 - - t ma 4.380 a ~ 
1800 80 S.% - - t m t a - 
Modified 
Oo Udimet-500 1200 1000 4.334 a 4.26 vr 10.74 = mr t a - - 
1400 1000 4.334 m 4.26 vr 10.74 = mr - 
1600 1000 4.334 r 4.26 vr 10.74 m : a - - 
1800 80 4.334 r 4.26 vr 10.74 a - - - 
P Co-Ni 1200 1000 t vr t m tor 
1300 1000 t ver - 
1400 1000 t ver 3.600 va - 
1500 1000 t vr 4.258 r - 3.605 a - a = 3.216; cy = 11.234 mr 
1600 1000 we 4.244 - = a, = 3.204; cy = 11.210 mr 
Q Co-Ni-Fe 1200 1000 t ovr t - t m - - 
1400 1000 t ve t ve - 3.603 va - 
1600 1000 t vr 4.244 ¢r ~ t vvr - a, = 3.201; c, = 11.209 r 
*a means abundant, m— medium, r—rare, v —very. 
tObserved in microstructure. 
tInsufficient lines for accurate parameter measurements. 
#Extracted with H,PO, electrolyte. 
The observed sin” 6 values were given a least- oretical sin* @ values were calculated to test tet- 
squares analysis with respect to the provisional ragonal and cubic self-consistencies. This test is 
tetragonal indices of o phase and cubic indices of both necessary and sufficient for identification with 
M.23;C,. From lattice constants thus derived, the- respect to peak positions and is more desirable than 


Table IV. X-Ray Data on y’ from Alloy L (Udimet-500) Specimen Held for 1000 Hr at 1600°F after 8 Hr Solution Treatment at 2100° F 


5.73 Cm Powder Camera NiKa XRD-5 Diffractometer CuK « — sin? 0 
y Cubic 

d, A Intensities t d, A Intensities t a, = 3.590A hkl Observed Calculated 
3.58* MW 100* - 
2.53* MW 2.540* W 110* 0.0917 0.0922 
2.07 VVS 2.074 VVSs 111 0.1380 0.1383 
1.79 vs 1.796 vs 200 0.1841 0.1845 
1.603* WwW - 210* 
1.463* W - - 211* - - 
1.267 $ 1.268 MS 220 0.3686 0.3689 
1.198* - - 221-300* - 
1.132* VVW - - 310* 
1.081 vs 1.082 MS 311 0.5070 0.5072 
1.035 M 1.036 MW 222 0.5532 0.5534 
0.897 M 0.897 W 400 0.7378 0.7378 

0.823 M 331 0.8762 0.8762 

0.802 M 420 0.9227 0.9223 


*Superlattice lines. 
tS means strong, M— medium, W— weak, V — very. 
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Table V. X-Ray Data on Electrolytic Extract of Udimet-500 Double Aged 8 Hr at 1950°F and 24 Hr at 1300°F, after an 8 Hr Solution 
Treatment at 2100°F, and Creep-Tested for 5000 Hr at 1350°F; CuKa Radiation 


o Phase 
a, = 8.880 A sin’? 0 Standard Intensitiest (Co Ka) 
Inten- = 4.599 a, = 10.718A 
d,A sities* hkl + 7? Observed Calculated o-FeCr 
2.396 Mw* 311 20 0.1031 0.1035 - MS 
2.296 MW 002 0.1124 0.1124 MW - 
2.21 vw (unidentified)t 0.1214 - - - 
2.184 MW 24 0.1241 0.1242 - M 
2.149 S 410 0.1282 0.1281 S - 
2.092 MW 330 0.1357 0.1356 1 - 
2.065 27 0.1392 0.1397 
2.039 MW 202 0.1427 0.1425 M - 
1.988 S 212 0.1502 0.1501 MS - 
1.947 S* 411 0. 1564 0.1562 - 
1.901 M 331 32 0.1644 0.1655 - M 
0.1637 M - 
1.854 W 222 0.1729 0.1727 W - 
1.809 W 35 0.1812 0.1811 _ M 
1.789 W 36 0.1853 0.1862 _ - 
1.614 vw 44 0.2277 0.2276 _ MW 
1.338 vw 522 64 0.3311 {9.3309 MW - 
0.3311 = 
1.298 vw 68 0.3518 0.3518 - M 
1.267 WwW 532 0.3697 0.3686 MS - 
1.262 WwW 0.3723 0.3725 MS 
1.248 vw 413 0.3809 0.3810 MS - 
1.244 vw 602 0.3834 0.3837 MS ~ 
1.236 WwW 75 0.3883 0.3880 ~ M 
1.217 Vw 720 0.4000 0.3994 MW - 


*S means strong, M—medium, W—weak, V —very. 
+H. J. Goldschmidt, Metallurgia, 1949, vol. 40, p. 103. 
tPossibly due to Y phase. 


comparison with standards which have somewhat 
different lattice parameters. However, visual in- 
tensities of standards are listed in Table V to com- 
plete the identification. 

Electrolytic extracts (HCl) from all specimens of 
alloy O, i.e., Udimet-500 with boron and zirconium 
additions, contained Ti(C, N), TiN, and M,C, with 
lattice parameters of 4.334, 4.26, and 10.74A, re- 
spectively. Spectrographic analysis of the best 
residue failed to detect any boron, but it did specify 
zirconium in the range of 1 to 10 pet. Ti(C, N) and 
Zr(C, N) are known to form a continuous series of 
solid solutions; the lattice parameter of pure 
TiC does not exceed 4.328A,’” and the substitution 
of other metal atoms for titanium in TiC with a re- 
sulting increase in lattice parameter has been ob- 
served in complex alloys.** In view of these facts, 
as well as the above results, it seems most likely 
that some of the zirconium present substitutes for 
titanium in Ti(C, N). 

Against a more or less constant background of 
Ti(C, N) and TiN, y’ goes into solution in alloy M 
between 1700° and 1800°F; M,,C, is stable from 
1200° to 1800°F and coexists at 1900°F with trigonal 
M,,C,, which exists alone at 2000°F and finally dis- 
solves between 2000° and 2100°F. The lattice pa- 
rameters of the M23C, and M,C; found here are | 
significantly larger than those of Cr,,C, (10.638A)"* 
and Cr,C, (a, = 13.98A; co = 4.523A).!5 In alloy N, 
columbium and titanium compounds appear with 
lattice parameters only slightly larger than those 
of the pure nitrides TiN (a = 4.245A) and CbN 
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(a = 4.379A)." The principal precipitation- 
hardening phase, y’, goes into solution between 
1800° and 1900°F. Aging produces M,,C,, and its 
solution temperature lies between 1500° and 1600°F. 

The two alloys, P and Q, devoid of chromium pro- 
duce no carbides other than Ti(C, N); TiN is con- 
tinually present; the only phase which precipitates 
on aging is y’ with a solution temperature between 
1500° and 1600°F. Of special interest is the ap- 
pearance of Y phase, which was originally indexed 
to a hexagonal unit cell (a, = 3.206A; c, = 11.19A) 
by Gemmill et al.*° The X-ray data obtained in this 
investigation closely match and confirm their pub- 
lished results. 

These alloys showed no evidence for the presence 
of the Ni; Ti compound, which has been observed in 
other alloys after extensive aging.’ 

Microstructures Observed—A water-quenched 
alloy-L specimen solution treated for 8 hr at 2100°F 
contains only globular, lavender Ti(C, N) and angu- 
lar, golden TiN particles distributed in the direction 
of hot working. Aging for short times at lower tem- 
peratures causes a low- magnification darkening of 
the grain boundaries which, at higher magnifications, 
Fig. 4, is seen to be the formation of M,, C,-contain- 
ing cells before any detectable general precipitation 
occurs. Within limits, increasing temperature in- 
creases the rate of cell growth and interrodular 
spacing; Fig. 5 also reveals that round y’ particles 
are starting to appear in grain interiors. Still 
longer isothermal aging times causes the deteriora- 
tion of cells into large globules of M,,C, surrounded 
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Fig. 4—Alloy L (Udimet-500) aged 8 
hr at 1200°F after solutioning 8 hr at 
2100°F. Fine, cellular is 


no matrix precipitation is yet detect- 
able. X20,000. 


Reduced approximately 52 pct for reproduction. 


by a film of y’ and the further growth and spheroidi- 
zation of grain-interior y’ particles, Fig. 6. When 
alloy L is given a double aging treatment, z.e., 8 hr 
at 1950°F and 24 hr at 1300°F, cellular precipita- 
tion is prevented by the direct formation of M,,C, 
spheroids, and impact resistance slightly increases. 
In the case of the creep specimen whose X-ray data 
are listed in Table V, a large amount of blocky o 
phase was found to replace or to be intermixed with 
a smaller amount of grain-boundary M,,C,, Fig. 7, 
as the only new microstructural feature coinciding 
with the X-ray data. 

The precipitation hardening of alloys M and N 
occur in much the same manner as that described 
for alloy L. After 1000 hr at 1200°F, M23,C.-con- 
taining cells grow to a distance of about 5 yw and 
then stop, as shown for alloy M in Fig. 8. Thein- | 
terrodular distance of M,,C¢ is of the order of 1000A 
at the grain boundary with further branching out to 
about 5000A. Although no y’ is clearly resolvable 
in grain interiors, there is a difference in etchant 
attack between the saturated and unsaturated matrix 
before and after the advancing interface. After 
1000 hr at, 1300°F, small y’ particles measuring 
about 500A in diam and positioned 500 to 1000A 
apart are detectable; the M2,Cez rods start to co- 
alesce into little spheroids. Use of the extraction- 
replica technique, where a suitable etchant is ap- 
plied through the plastic replica before stripping, 


Fig. 7—Double-aged Udimet-500 creep’ Fig. 8—Alloy M (N 


specimen tested for 5000 hr at 1350°F. 1000 hr at 1200°F after solutioning 
8 hr at 2100°F. Mp3 Cg cells have 

grown a distance of about five microns, hr at 1300°F, after solutioning 8 hr 
but y’ is not yet resolvable. X10,000. 


Blocky o phase has replaced grain 
boundary 


Reduced approximately 52 pct for reprocuction. 
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dimet-500) 
hr at 1600° F after solutioning 8 hr at 
2100° F. The growth of 
starting to appear at grain boundaries; taining cells and y’ particles has in- 
creased considerably. X20,000. 


imonic-80) aged Fig. 9—Electron micrograph of an 


ag Fig. 6—Alloy L (Udimet-500) aged 
1000 hr at 1600°F after solutioning 
8 hr at 2100°F. Overaged structure 
contains y’ -surrounded M)3C¢ globules 


and larger particles of y’ . X10,000. 


ed 8 


provides additional information on particle size- 
distribution, Fig. 9. The optimum size-distribution 
of y’ for maximum hardening lies between that seen 
in Figs. 8 and 9 and may not be recognizable using 
normal electron-microscopic techniques. Further 
aging causes the degeneracy of cells into coalesced 
M23C¢ particles at grain boundaries; y’ will grow 
into particles measuring about 6000A in diam, sep- 
arated by an average distance of 3 y, after 340 hr at 
1700°F. When M,C, is first formed by aging between 
1900° and 2000°F, subsequent aging at lower tem- 
peratures does not result in the appearance of M,,C., 
cells. In this case the M,C; becomes coated with a 
sheath of y’ and the grain-interior reaction occurs 
more rapidly, Fig. 10. After very long aging times, 
there are some indications that M,C, may transform 
internally to M,,C,. 

The columbium addition in alloy N forms Cb (C,N). 
No M,C; was found in this alloy under any condition. 
The low amount of carbon available for M,C. pre- 
cipitation results in a solution temperature for this 
carbide, which is well below the point of transforma- 
tion to M;,C,. Grain-boundary cells consisting of 
M,,C, and unsaturated matrix appear at 1200°F, 

Fig. 11; these cells and y’ coalesce with increasing 
time and temperature, Fig. 12, until M,,C, dissolves 
between 1500° and 1600°F with some y’ remaining 
up to about 1800°F. Note that the cubical y’ par- 
ticles in Fig. 12 have characteristic orientations in 


extraction replica taken from an alloy 
M (Nimonic-80) specimen aged 1000 


at 2100°F, shows extracted grain bound- 
ary Mg3C¢ and y’ particles. X10,000. 
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Fig. 12— Electron micrograph of 
alloy-N (Inconel-X) specimen aged 
1000 hr at 1500°F, after solutioning 

8 hr at 2100°F, shows cubic alignment 
of y’ particles and residual My; Cg, 


Fig. 11—Alloy N (Inconel-X) aged 

1000 hr at 1200°F after solutioning 
8 hr at 2100°F. Cells of Myx Cg and 
unsaturated matrix have started to 
form at grain boundaries. X10,000. 


Fig. 10—Nimonic-80 solu- 
tion treated 8 hr at 2100°F and double 
aged for 8 hr at 1950°F and 24 hr at 
1300°F. Grain boundary M, C; first 
appears and is surrounded by a y’ 


sheath on aging; no Mz3 C, is present. 

X10,000. 
each grain and tend to line up along cube-edge di- 
rections. Intermediate high-temperature aging 
causes precipitation of MaC, at the grain boundaries 
in a coalesced form, which prevents the formation 
of cells on further aging at a lower temperature. 

Structural studies of alloys P and Q uncovered 

more extensive cellular precipitation than previ- 
ously observed by the authors in other high-tem- 
perature alloys. After 1000 hr at 1400°F, the grain- 
boundary reaction sweeps completely across all the 
grains of alloy P, as seen in Fig. 13. The precipi- 
tating phase in these cells is y’, and there is no 
detectable general precipitation to stop cell growth. 
After 1000 hr at 1600°F, all traces of y’ cells dis- 
appear with residual cubic TiN and hexagonal Y 


along grain boundaries. X10,000. 


Reduced approximately 52 pct for reproduction. 


itation hardening phase (y’) in these alloys appears 
to correlate best with y’/matrix lattice mismatch 
at room temperature as noted in Table VI. While a 
difference in the thermal expansion of the y’ phase 
and the matrix would alter these mismatch values 
at higher aging temperatures, it is most probable 
that the latter values would still be grouped as in 
Table VI. The percent-mismatch values for al- 
loys P and Q are much higher than those usually 
encountered, and the resulting lower chance of co- 
herency is a likely cause of preference for the 
cellular mode of precipitation. Even though y’ cells 
may nucleate coherently with one grain at the grain 
boundary, further growth requires an incoherent 
interface sweeping across the opposite grain. 


phase still present, Fig. 14. Use of polarized illu- Structural dependence on composition permits I 
mination showed that angular particles are isotropic other rationalizations. Solutioning temperatures t 
TiN and the elongated ones are anisotropic Y phase. Of MasC, ranged from 1500° to 1600°F in alloy N ‘ 
The cellular reaction was not quite so complete (0.04 pct C) to around 2100°F in alloy L (0.09 pct C); t 
after 1000 hr at 1400°F in alloy Q; here electron in alloy M, M,,C, transforms to M,C, above 1900°F. 
micrographs of the matrix, Fig. 15, revealed pre- In alloy L the M,,C, structure is stabilized at high d 
cipitation of Widmanstiatten y’ plates. While larger temperatures presumably by molybdenum whose t 
in size, extracted particles of cellular y’, Fig. 16, homologue, tungsten, has been shown to substitute 
possessed a form similar to that observed for cellu- for chromium in Cr2;C, at special positions. This : 
lar M,,C,, Fig. 9. It seems reasonable that phases increases the lattice parameter from 10.64 to 
of the isotropic cubic system, such as both y’ and 10.73A,** which is close to the values listed in 6 
M,,C,, would be rodular in cells and that anisotropic Tables II and III for alloys Land O. Other studies 
phases, such as orthorhombic Fes;C, would form of similar alloys have shown an increasing M,,C., y 
plates in pearlite exhibiting anisotropy perpendicu- lattice parameter with the addition of molybdenum.” = 
lar to the cell-growth direction. High-temperature stabilization of y’ in alloy Lis 
DISCUSSION 

The changing morphology of the principal precip- 
Fig. 14—Alloy P 
Fig. 13—Light (Co-Ni) aged T 
micrograph of 1000 hr at 1600°F 01 
% specimen aged 8 hr at 2100°F. th 
1000 hr at 1400°F, All y’ -containing M 
after solutioning cells have been of 
8hr at 2100°F, solutioned leaving d 
shows complete only angular TiN 
transformation to and elongated re 
cellular y’. Y-phase parti- 

LE: 45 pet for repro- mately 7 pct for 
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Table VI. Correlation of y’ Particle Form with y’/Matrix Lattice Mismatch 


° 
Lattice Parameter— A 


Aging 
Percent 
Designation Type Temp. Time Matrix y’ Mismatch y’ Form 

L Udimet-500 1400°F 1000 hr 3.578 3.586 +0.22 pet spheres 

1500 1000 3.578 3.589 +0.31 spheres 

1600 1000 3.576 3.590 +0.39 spheres 
M Nimonic-80 1400 340 3.566 3.589 +0.64 cubes 
N Inconel-X 1400 340 3.569 3.596 +0.75 cubes 
P Co-Ni 1500 1000 3.560 3.605 +1.26 cells 
Q Co-Ni-Fe 1400 1000 3.552 3.603 +1.42 cells + plates 


Fig. 15—Alloy Q 
(Co-Ni-Fe) aged 
1000 hr at 1400°F, 
after solutioning 
8 hr at 2100°F. 
The y’ cellular 
reaction has not 
yet gone to com- 
pletion leaving 
Widmanstatten 

y’ platelets to 
precipitate in the 
remaining matrix. 
X10,000. 


Reduced approximately 52 pct for 
reproduction. 


probably due to its high aluminum-titanium content. 
Residues obtained from alloys M and N, containing 
either M,C, or M,,C, together with Cb (C, N) and/or 
Ti (C, N), were analyzed for chromium and nickel 
by fluorescent X-ray spectrometry to determine 
the extent of nickel substitution in the chromium- 
carbide types. A power of Cr,O, and NiO, mixed to 
the composition of 87 pct Cr-13 pct Ni, served as a 
calibration standard. This experiment, like Kuo’s’” 
determination of iron substitution in carbides ex- 
tracted from chromium steels, was undertaken to 
gain knowledge of metallic diffusion requirements 
for precipitation of these carbides. These analyses 
gave the following results: 


Pptn. 

Alloy Carbide Temp. Cr Ni Fe 
M M,C; 2000°F 91 8.7 0.4 
N M2;Ce 1500°F 73 25 2 
N M2;C¢, 1400°F 83 16 1 


The solubility of nickel in Mz;C. appears to be two 
or three times that in MCs; the nickel/iron ratios 
are approximately those of the alloys. Kuo found 
that iron replaced 30 to 35 pct of the chromium in 
Mo3Ce and up to 50 pct in M,Cs. Thus, the formation 
of M3 requires more diffusion of chromium than 
does that of M23C¢ in nickel-base alloys, while the 
reverse is true of iron-base alloys. 


CONCLUSIONS 
1) In nickel-base alloys containing chromium, 
Mo23C6-containing cells quickly precipitate on iso- 
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Fig. 16—HCL-electrolytically extracted particle of cellu- 
lar y’ removed from same specimen shown in Fig. 15. 
X10,000. Reduced approximately 47 pct for reproduction. 


thermal aging, and their growth ceases with the 
general precipitation of y’ in the adjacent matrix. 

2) The form of y’ particles appears to be re- 
lated to y’/matrix lattice mismatch; if this exceeds 
about 1 pct, as it does in cobalt-nickel alloys with- 
out chromium, y’-containing cells grow to im- 
pingement. 

3) (Cr, Ni, Mo),;C, is stable up to about 2100°F; 
(Cr, Ni)zC. transforms to (Cr, Ni)7Cs above 1900°F, 
unless low carbon content causes a decreased solu- 
tion temperature. 
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Close-Packed Ordered Structures in Binary AB, 
Alloys of Transition Elements 


A search was made for ordered phases of ABs composition 
in various combinations of Ti- and V-group elements with Co- 
and Ni-group elements. Three new TiNi3-type phases ZrPd3, 
HfPd3;, and HfPt; were found. In addition, twelve new Cuz Au- 
type phases TiRh3, Tilr3, ZryRh3, ZrlIr3, Hfirs, VRh3;, 
Vir3, CbRh3, CbIr3, TaRh3, and Talr, were also found. The 
lattice contraction for all three structures considered increases 


with increasing relative size of the A atom, suggesting that it is 
mostly the A atom that contracts. It was noted that, for the 
same radius ratio the lattice contraction is larger when the 


A atom is Ti than if it is Cb or Ta. 


Ir is well known that elements or disordered solid 
solutions, which have structures with spherical 
close-packing, may be described in terms of vari- 
ous stacking schemes of close-packed layers. 
Stacking of the type abab corresponds to the hex- 
agonal close-packed structure, and stacking of the 
type abcabc corresponds to the face-centered-cubic 
structure. In binary alloys of the first, second, and 
third long period transition elements various ABs 
phases occur with close-packed ordered structures. 
It was observed that these ordered structures also 
may be described by suitable stacking of close- 
packed ordered layers, Fig. 1, as first shown by 
Laves and Wallbaum for TiNis.’ It is clear that the 
* units of translation in such a close-packed layer 
consist of four atoms, one of which (black circle) 
is atom A and the three others (empty circles) are 
atoms B. Because of the alternation of A and B 
atoms in every second row of each layer, the unit- 
cell dimension in the layer is equal to the sum of 
the diameters of atoms A and B: ao = 2(7, + 7g). 
Stacking of such layers in the sequence abab re- 
sults in a hexagonal close-packed structure of the 
MgCd, type. The unit-cell dimension in the basal 
plane is approximately double of that for the dis- 
ordered hexagonal close-packed structure, but in 
the direction of the hexagonal axis it is about the 
same, so that 2c,/a, = 1.63 in case of spherical 
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close-packing. Ordered hexagonal close-packed 
structures of this type were found to occur in 
MoCo, ,? WCo,,° and UPt,.* When the ordered 
layers shown in Fig. 1 are stacked according to the 
scheme abcabc, the resulting ordered structure is 
of the AuCu, type (cubic). Structures of this type 
were found to occur in TiPt,,° CrPt,,° Crir,,” and 
URu,.* Finally, the stacking scheme abacabac of 
the same ordered layers results in a hexagonal 
close-packed structure of the TiNi, type.’ In this 
case, the unit-cell dimension is doubled not only in 
the basal plane, but also in the direction of the hex- 
agonal axis, so that c,/a, = 1.63. Structures of this 
type were found to occur also in TiPd,,° ZrPt,,” 


and UPd, .* 


Fig. 1—Close-packed ordered layer of AB; composition 
with A atoms (black circles) and B atoms (empty circles) 


of nearly the same size. 
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Table |. New AB3 Phases with Close-Packed Ordered Structure 


Structure 
Composition Type a, in A A 
ZrPd, TiNi, 5.6 12 9.235 
HfPd, TiNi, 5.595 9.192 
HfPt, TiNi, 5.636 9.208 
TiRh, Cu, Au 3.822 
Tilr, Cu, Au 3.845 
ZrRh, (Cu, Au) 3.927 
Zrlr, Cu, Au 3.943 
HfRh, Cu, Au 3.911 
Hflr, (Cu, Au) 3.935 
VRh, Cu, Au 3.795 
VIr* Cu, Au 3.812 
CbRh, (Cu, Au) 3.865 
Cblr, Cu, Au 3.893 
TakRh, Cu, Au 3.86 
Talr, (Cu, Au) 3.889 


() Superlattice lines not observable; difference in atomic scattering 
factors of the two components is too small. 

*After the present paper was submitted for publication A. G. Knapton 
reported (J. Inst. Met., 1958, vol. 87, p. 28.) That some superlattice 
lines were observable with the fcc alloy Vo. 25 Ito.75 in the as-cast 
state. No lattice parameter was given. 


In the present work it was attempted to find addi- 
tional ordered close-packed AB, phases in binary 
alloys of the first, second, and third long-period 
transition elements. Twenty-two AB, alloys were 
prepared, in which the occurrence of ordered close- 
packed structures was not previously known, but 
seemed reasonable to expect. 


EXPERIMENTAL METHODS 


The alloys used in this investigation were arc 
melted in a water-cooled copper crucible, under 


an atmosphere of helium and argon at a positive 
pressure of 1 lb. Crystal bar zirconium and haf- 
nium made by the iodide process, were used. The 
other metals (V, Cb, Ta, Ni, Pd, Pt, Rh, and Ir), 
were purchased from commercial sources and 
were 99.9 pct or more pure. 

All buttons were made to the intended composi- 
tion AB,, with a loss on melting of 1 to 2 pct. 
Chemical analyses were not made. Specimens of 
all alloys were annealed at 900°C for at least 5 
days in evacuated Vycor capsules, and water 
quenched. Another set of specimens of the vari- 
ous alloys was similarly annealed at 600°C for a 
week. Due to the brittleness of the alloys, it was 
possible to use crushed powders for X-ray diffrac- 
tion, without reannealing. A Straumanis type Debye- 
Scherrer powder camera was used with CuKa radi- 
ation. Lattice parameters for TiNi,-type structures 
were determined by least-squares extrapolation to 
6 = 90°deg, and for Cu, Au-type structures they were 
determined by the Nelson-Riley extrapolation. 


EXPERIMENTAL RESULTS 


TiNi,-type ordered hexagonal close-packed struc- 
tures were found in three of the five AB, alloys pre- 
pared with A a Ti-group element and B a Ni-group 
element. These are listed with their lattice param- 
eters in Table I. In Table II the observed d spacings 
and intensities of the diffraction lines are compared 
with the calculated values. The agreement is quite 
good, except for the anomalously high intensity of 
diffraction lines with indices near (001). As pre- 
viously reported by Heal and Williams,‘ this is most 
likely due to the preferential alignment of the basal 
plane with the surface of the glass capillary speci- 


Table Il. Diffraction Patterns for New TiNi3-Type Phases 


HfPd, HiPt, ZrPd, 
hkl dealc. Ieatc. deaic Ieatc. dealc. lealc. 
102 3.316 3.335 vw 10 - a 
103 2.581 2.598 Vw 4 

2.520 W 2.519 WwW - 
200 2.419 2.423 Vw 12 2.432 2.441 W 12 2.417 2.430 Vw 13 
201 2.339 2343 M 65 2.350 2.359 MS 66 2.341 2.350 W 70 
004 2.295 2.298 Ny 54 2.295 2.302 S 55 2.301 2.309 S 59 
202 2.140 2.143 S 148 2.151 2. 156 S 152 2.143 2. 150 159 
1.978 vw 2.093 VVW (is 
203 1899 1.900 MS 34 1.907 1.910 MS 35 1.903 1.907 MS 3% 
114 1.776 1.776 vw 3 
204 1.666 1.667 M 8 1.674 1675 M 8 1670 1.674 W 8 
* 1613 VVW 
006 1.53 1532 VVW 18 1.534 1.535 VVW 17 
205 1462 1465 S 20 . 1.468 1.470 Ss 21 1.467 1.470 MS 21 
* 1.421 W 1426 W 
220 1.397 1399 S 54 1.408 1.409 S 56 1.401 1.403 MS 56 
304 1319 1.321 VW a 1.328 1.329 ¢ Vw 06 - 
* 1.312 VW 1.320 VW - 
206 1.295 1.295 vs 69 1.299 1.299 Vs 72 1.300 1300 VS 71 
107 1.268 1. 268 vw 0.5 1.272 1.270 vw 01 - 
* 1262 vw 1262 vw 
400 1.2200 1.2202 W 5 
401 1 2008 1.2009 M 36 1.2096 1.2097 MS 35 1. 204 1205 M 36 
224 1.1947 1. 1948 VVS 200 1.2018 1.2017 VS 200 1.1987 1.1988 VVS 200 
402 Li7viz 1.1713 S 155 1. 1796 11795 s 143 1.746 1.1749 S 151 
207 1.1544 1.1545 S 85 1.1579 1.1579 Ss 78 1.1593 1.1593 Ny a2 
008 1.1491 1.1491 S 114 L1511 1.1510 Ss 100 1.1543 1.1543 a 80 


*Line due to a small amount of a second phase. 
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Table Ill. Measured a, and c,/a, Values for Ordered AB, Phases and a, 
Calculated from CN12 Radii of the Components 


sition Type 

TiNi, TiNi, 5.10 5.38 0.052 1.63 0.145 
TiPd, TiNi, 5.48 5.64 0.028 1.63 0.055 
ZrPd, TiNi, 5.61 5.94 0.055 1.64 0.144 
HfPd, TiNi, 5.59 5.90 0.052 1.64 0.131 
ZrPt, TiNi, 5.63 5.96 0.055 1.63 0.138 
HfPt, TiNi, 5.64 5.92 0.047 1.635 0.126 
MoCo, MgCd, 5.12 5.32 0.037 1.61 0.100 
WCo, MgCd, 5.12 5.34 0.041 1.61 0.106 
TiRh, Cu, Au 3.822 3.945 0.031 0.076 
Tilt, Cu, Au 3.845 3.959 0.029 0.069 
TiPt, Cu, Au 3.906 4.00 0.024 0.048 
ZrRh, Cu, Au 3.927 4.157 0.055 0.162 
Zrlr, Cu, Au 3.943 4.171 0.055 0.156 
HfRh, Cu, Au 3.911 4.129 0.053 0.152 
Hflr, Cu, Au 3.935 4.143 0.050 0.145 
VRh, Cu, Au 3.795 3.818 0.006 0.015 
Vir, Cu, Au 3.812 3.832 0.005 0.007 
CbRh, Cu, Au 3.865 3.973 0.027 0.088 
Chir, Cu, Au 3.895 3.987 0.023 0.082 
TaRh, Cu, Au 3.86 3.959 0.025 0.082 
Talr, Cu, Au 3.889 3.973 0.021 0.075 


men mount. Microscopic examination of the powder 
indicated that the particles were plate-like. The 
assumption of cleavage along the basal plane would 
account for all the observations just described. 

Of the fourteen AB, alloys made with A a Ti-group 
or V-group element and B a Co-group element, those 
twelve in which B was Rh or Ir were found to have 
the AuCu, structure. The twelve new AuCu; phases 
which were found are listed with their lattice par- 
ameters in Table I. In the diffraction patterns of 
four of these twelve phases, only lines of the fcc 
principal lattice were found; the superlattice lines 
were absent probably due to the fact that the differ- 
ence in scattering power between the A and B atoms 
here is too small. These four phases are ZrRh,, 
CbRh,, Hflr,, and Talr,. 

Each of the alloys ZrNi, and HfNi; (as quenched 
from 900°C) was found to consist of two phases.* In 

*After the present work was completed, a partial phase diagram of 

the Zr-Ni system was published by Smith and Guard,9 which is con- 
sistent with the present results. 
ZrCo; and HfCo, no Ab, phase was found after an- 
nealing at 900°C. After annealing at 900°C the al- 


Fig. 2—Close-packed ordered layer of AB; composition 
with A atoms (black circles) much larger than B atoms 
(empty circles). 
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loys VPt,, CbPt,, and TaPt, did not contain either 
a Cu, Au or TiNi,-type phase. 


DISCUSSION 


From the CN 12 Goldschmidt atomic radii® of the 
components, R, and Rx, a ‘‘theoretical’’ a’, value 
can be calculated for each one of the TiNi,-type or 
MgCd,-type phases according to the relationship 
a'o = 2(R,+ Rg). These values, as well as the ex- 
perimentally determined a, for the various phases, 
are listed in Table III. a, values experimentally 
observed, and calculated a’, = V2(R, + Rg), for 
AuCu;-type structures are also listed in Table III. 
It is seen that the actual a, values for the various 
close-packed ordered AB, structures are con- 
siderably smaller than those calculated from the 
Goldschmidt atomic radii, a’,. Fig. 2 shows a 
schematic view of an ordered atomic plane, similar 
to that in Fig. 1, but with a large difference in the 
radii of the two species of atoms. It is clear that 
in this case the atomic plane considered is no 
longer close-packed in the usual sense, since the 
smaller B atoms are not in contact with each other. 
The stacking of such planes, one above the other as 
in TiNi;- or MgCd,-type hexagonal structure, should 
result in a cy/d, or 2 c/a, ratio, respectively, of 
less than 1.63. It is noteworthy that, although the 
various A elements in the hexagonal structures 
listed in Table III are often considerably larger 
that the corresponding B elements, the experi- 
mentally determined c,/a, or 2 c,/a, ratio, respec- 
tively, are in all cases quite close to 1.63, the ideal 
value for spherical close-packing. For all AB, 
close-packed ordered phases the fractional lattice 
contraction is plotted in Fig. 3 against the fractional 
difference in the Goldschmidt atomic radii of the 
components. It may be seen that, in first approxi- 
mation, the lattice contraction in all three types of 
structures increases proportionally with increasing 
difference in the sizes of the component atoms. 
However, on closer comparison the lattice contrac- 
tion in the Cb- and Ta-phases turns out to be dis- 
tinctly smaller than in Ti-phases with the same 
fractional size difference between the Goldschmidt 
Radii of the components. 


007, 
e 
Pa ° 
0.05r ° 
004+ 
A 
003+ 
ooiF 
i i iL iL iL iL i i 
% 002 0.04 006 «60008 O14 aig 020 
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Fig. 3—Lattice contraction vs difference in Goldschmitt 
Radii for close-packed ordered structures. 
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Table IV. Close-Packed Structures (CN12) in AB3 Phases 


Ti Zr Hf Vv Cb Ta Cr Mo W 
B 
Co - - ~ VCo, - - MgCd, MeCd, 
10 12 12 11 10 10 10 2 3 
Rh AuCu, (AuCu,) AuCu, AuCu, (AuCu,) AuCu, hex.* hex.* hex.* 
12 12 12 12 12 12 6 6 10 
Ir AuCu, AuCu, (AuCu,) AuCu, AuCu, (AuCu,) AuCu, hex.* hex.* 
12 12 12 12 12 12 6 10 10 
TiNi, ~ TiAl, TiCu, TiCu, terminal hex. 
Ni 
ord, ord. f.c.c. 
1 12 12 10 10 10 10 10 10 
TiNi, TiNi, TiNi, - terminal 
Pd 
5 12 12 10 10 10 10 10 10 
AuCu, TiNi, TiNi, AuCu, Tetrag. 
Pt Sl. ord. 
5 7 12 10 12 12 6 10 10 


*Apparently unordered, simple hexagonal close-packed structure, with a wide composition range. 


—Denotes the absence of a single phase at the composition AB,. 


(AuCu,) no superlattice lines detectable; difference in atomic scattering factors too small. 
Numbers in italics at lower right corner of each box give the appropriate references at the end of paper. 


It is interesting to note that all the TiNi,-type 
phases occur in combinations of titanium- and 
nickel-group elements, Table IV. The two known 
MgCd,-type structures formed by elements of the 
first three long period occur in combinations of 
chromium group elements with cobalt. As seen in 
Table IV, several homolognous combinations lead 
to apparently unordered close-packed hexagonal 
phases, or to various ordered structures. Ordered 
close-packed cubic (AuCu,-type) structures occur 
in combinations where A is a Ti- or V-group ele- 
ment and B is Rh or Ir. The apparent connection 
of the occurrence of these phases with the elec- 
tronic structure of the component elements, noted 
by Wallbaum,’ is further strengthened by the new 
results, as indicated by the correlation of the oc- 
currence of the various structures with the groups 
in the periodic table to which the components belong. 
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Preferred Orientation in Warm-Worked and 


Heat-Treated 4340 Steel 


A variation of yield and tensile strength with direction has 
been noted in heat-treated 4340 steel which had been warm- 
worked by rolling in the austenitic condition prior to quenching. 
Measurements by X-rays showed a preferred orientation of 


martensite crystals. 


Various ideal preferred orientations of martensite were 
calculated by assuming a preferred orientation for austenite 
and transforming this to martensite by the Kurdjumov-Sachs 
and Nishiyama relationships. Comparison with the measured 
preferred orientation showed that the ideal rolling texture for 
austenite in 4340 steel could be expressed as a (112) [111] tex- 
ture with a component of (110) [112]. No evidence was found 
for any fiber axis in the rolling direction, or for a (123) [412] 
texture. The observed martensite pole figures can be adequately 


accounted for by these ideal austenite textures and by the 
Kurdjumov-Sachs or Nishiyama transformation relationships 


between austenite and martensite. 


Eric B. Kula 
Stanley L. Lopata 


ALTHOUGH preferred orientations are found in cold- considering the textures found for other face- 


rolled steel sheet and in many nonferrous metals, 
they are not generally encountered in wrought, heat- 
treated high-strength steels, since such steels are 
generally not cold worked sufficiently to develop a 
strong texture, and any texture that is present is re- 
moved during heat treatment by the phase transfor- 
mations taking place. This report gives details ona 
preferred orientation found in warm-rolled and hard- 
ened 4340 steel. 

In a recent study, a special combination heat-treat- 
ing and working technique was used in which 4340 
steel was deformed in the austenitic condition, and 
before recrystallization of the austenite could occur, 
quenched to form martensite.’ Since the austenite 
was unrecrystallized, it was cold worked and hence 
could have contained a preferred orientation which 
could be transmitted to the martensite on quenching, 
and this in turn could be manifested as a direction- 
ality of mechanical properties. Such a directionality 
of properties was found as a result of working, and 
this prompted an X-ray study of the preferred orien- 
tation. 

Literature Survey—Rolling Texture in Face-Cen- 
tered-Cubic Austenite—If a preferred orientation is 
found in a rolled and hardened steel, it is first ap- 
propriate to consider what texture existed in the 
austenite as a result of the rolling but prior to the 
transformation to martensite. The changes taking 
place as a result of the austenite-martensite trans- 
formation are then considered. In view of the in- 
stability of austenite in 4340 steel at low tempera- 
tures, no direct determination of the austenite tex- 
ture was made. However, an estimate of the tex- 
ture for austenite in 4340 steel may be made by 

ERIC B. KULA, Junior Member, AIME, and STANLEY L. LOPATA 
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centered-cubic metals. 

Barrett? has reviewed the rolling textures for 
many materials. The most common orientation in 
face-centered-cubic metals has the (110) planes 
parallel to the rolling plane and the [112] directions 
parallel to the rolling direction, or (110) [112]. Other 
orientations found are (112) [111], as well as (100) 
[001], (110) [001], and others. Beck and his co- 
workers, using quantitative pple figures report that 
(123) [121],° later corrected to (123) [413],* better 
describes the ideal orientation. 

Smallman’® reported that the ideal preferred orien- 
tation for high-purity face-centered-cubic metals is 
(123) [121], but that there is a transition to (110) 
[112] as solid solution elements are added. The 
latter texture tends to occur more readily at lower 
temperatures. This transition between the two tex- 
tures was explained by differences in the slip char- 
acteristics with concentration or temperature. 

More recently, Jones and Fell® concluded that the 
(123) [412] texture for face-centered-cubic metals 
could equally well be represented by a mixture of 
(110) [112] and (112) [111] textures, and hence it had 
no physical reality. 

From the above results it can be seen that there 
is no agreement on the ‘‘ideal’’ texture for fcc 
metals and, hence, no firm basis for assuming a tex- 
ture for austenite in 4340 steel. Therefore, the 
orientations (110) [112], (123) [412], and (112) [111] 
have been considered in the following.* 


*The (123) [412] is identical to the (123) [121] rotated 90 deg. 


Orientation Relationship between Austenite and 
Martensite—When martensite forms from austenite, 
certain crystallographic planes of the martensite are 
parallel to planes in the austenite. This orientation 
relationship was first determined by Kurdjumov and 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ax 


fa 


Sachs’ for a 1.4 pct C steel, and found to be such that 
the (111) planes of austenite are parallel to the (110) 
planes of the martensite, and further that the [110] 
direction of austenite is parallel to the [111] direc- 
tion in martensite, or: 


(111), || (110). 
[110], | [111]. 


Nishiyama® found a slightly different orientation 
relationship in Fe-30 pct Ni alloys, namely: 


(111), || (110). 
[211], [011]. 


The same parallelism between the planes exists as 
in the Kurdjumov-Sachs relationships, but the direc- 
tions are slightly different. Fig. 1 depicts the posi- 
tions of the (110) martensite poles for the Nishiyama 
and Kurdjumov-Sachs relationships plotted on a 
standard (001) projection of austenite. A similar plot 
has been used previously by Mehl and Derge,® who 
studied orientation relationships in iron-nickel al- 
loys, and showed that either relationship could pre- 
vail, depending on the temperature of transforma- 
tion. 

Greninger and Troiano’’ determined that the orien- 
tation relationship in iron-nickel-carbon alloy after 
quenching lies between the Kurdjumov-Sachs and the 
Nishiyama relationships, but that after tempering, it 
approaches the latter. 

Other relationships have been proposed, but these 
are the most generally accepted ones. The above- 
mentioned relationships all have in common that the 
octahedral (111) plane of the austenite is parallel 
to the dodecahedral (110) plane of the martensite. 

Transformation to Martensite in Oriented Aus- 
tenite—Neerfeld and Mathieu’”* studied the forma- 
tion of martensite in 18-8 stainless steel and in 
Fe-30 pct Ni alloy. The cold-worked austenitic wire 
showed the well-known [111] fiber texture. Further 
deformation by tension at low temperatures produced 
martensite which appeared to have a [210] texture, 
whereas the normal texture for cold-worked ferritic 
wire is [110]. This was interpreted to mean that the 
orientation relationship between austenite and mar- 
tensite was such that a [111] austenite direction is 
parallel to a [210] ferrite direction. 

Andrews” carried out similar experiments with 
18-8 stainless steel but came to a slightly different 
conclusion. The presence of a [111] wire texture in 
the austenite was confirmed, although a very small 
amount of a [100] texture was also present. As a re- 
sult of the wire drawing, the austenite transformed to 
ferrite. A texture was found in the ferrite, but it did 
not correspond to simple [110] texture found in draw- 
ing body-centered-cubic materials nor did it corre- 
spond to the [210] texture found by Neerfeld and 
Mathieu. By use of the various proposed relation- 
ships, calculations of the expected pole figures were 
carried out and comparison made with the observed 
results. The Nishiyama relationship gave the best 
correlation. No single choice of axis for the ferrite 
wire texture could be made, however, and it was 
concluded that the actual wire axis is an average of 
more than one ferrite axis and hence cannot be 
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Fig. 1—Pole figure ° 
for the (110) mar- 
tensite poles ac- ° 
cording to the (a) eo 
Kurdjumov-Sachs 
and (b) Nishiyama 
orientation rela- 
tionship, plotted 
on a standard (001) 
projection of 
austenite. 


(2) Kurdjumov—Sachs 


(6) Nishiyama 


represented by indices with integral numbers. 

Results contrary to this were obtained under 
slightly different conditions by Bastien and Marger- 
and.** They studied deformation by compression in 
an austenitic 18-8 stainless steel and an 18-4 man- 
ganese stainless steel, which contained 40 pct aus- 
tenite and 60 pct 6 ferrite. By warm deformation it 
was confirmed that the austenite assumes a [110] 
texture with a [110] direction parallel to the axis of 
compression and perpendicular to the plane of com- 
pression, while the 5 ferrite assumed a [111] and 
[100] duplex texture. These textures are the usual 
ones for face-centered- and body-centered-cubic 
materials, respectively. Under conditions of de- 
formation such that the austenite transformed to 
ferrite it was found that this ‘‘deformation marten- 
site’’ assumed the same orientation as the 6 ferrite, 
namely, a mixture of [111] and [100]. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


Materials—The 4340 steel used in this investiga- 
tion had a chemical composition as given in Table I. 
A 1-in. wide section was cut in the longitudinal 
direction from hot-rolled 1-in. thick plate. After 
austenitizing 1/2 hr at 1550°F, the specimen was 


0.385 0.62 0.28 0.013 0.020 1.75 0.81 0.23 trace 0.059 0.004 0.008 
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immediately rolled in one pass to a 72 pct reduction 
in thickness and oil quenched. Microscopic exam- 
ination revealed that there was a small amount of 
recrystallization in the center of the bars, but this 
was not enough to affect the results. 

From the center of this quenched plate, small 
cylinders 1/8 in. diam and 1 in. long were cut at 
angles of 0, 15, 30, 45, 60, 75, and 90 deg to the 
rolling direction. The cylinders were prepared by 
grinding under a coolant to minimize temperature 
rise, and were electrolytically polished from 1/8 in. 
to 0.090 in. in diam. 

The method of experimentally determining the 
pole figure by X-ray diffraction is described by 
Norton.” Iron Ka radiation was used. The inten- 
sity of the (110) or (200) peaks was recorded ona 
strip chart recorder for each cylinder cut from the 
rolled plate as a function of the angle of rotation 
around its axis. This corresponds to the variation 
of intensity in the pole figure on a diameter, lo- 
cated the same number of degrees from the rolling 
direction as the specimen had been cut from the 
transverse direction. This technique has the ad- 
vantage of requiring no correction for absorption 
in the sample and of giving the complete pole figure. 

Calculation of Martensite Pole Figures— The cal- 
culated pole figures were determined from the as- 
sumed ideal rolling texture of austenite and from 
the orientation relationships existing between mar- 
tensite and austenite, Fig. 1, by the use of a Wulff net. 
Fig. 1 shows the position of all(110) martensite poles 
plotted on a standard (001) projection of austenite. 
To obtain the martensite pole figure for an ideal 
rolling texture for austenite of (HKL) [hkl], the po- 
sition of the (HKL) pole is located on Fig. 1, and the 
number of degrees and direction necessary to rotate 
this pole into the rolling plane (center of the pole 
figure) is determined. The pole of the [hkl] direction 
‘ will now lie on the circumference of the pole figure, 
and the rotation (around the center of the pole figure) 


T. 0. 


ris 2 
(110) Poles 


necessary to bring this into coincidence with the 
rolling direction (top of the page) is also determined. 
With the help of a Wulff net, every martensite (110) 
pole in Fig. 1 is given the two rotations described 
above. 

This procedure will have to be repeated several 
times, since, in general, there are more than one 
(HKL) plane of the same family which will give dif- 
ferent pole figures, and the [hkl] direction may not 
result in the same pole figure as the (hk7]. To cal- 
culate the martensite (100) or other pole figures, 
the same procedure is followed except that the ap- 
propriate standard projection pole figure corre- 
sponding to Fig. 1 is used. 

The pole figures were calculated using both the 
Kurdjumov-Sachs and Nishiyama relationships for 
each ideal rolling texture. In each case the result- 
ing pole figure for the two relationships was quite 
Similar so that only the results from the Nishiyama 
relationships are reported here. The similarity is 
not surprising in view of the similarity between the 
standard (001) projections for these relationships, 
Fig. 1. 


RESULTS 


Observed Results—The observed pole figure for 
the martensite (110) poles is shown in Fig. 2(@). 
There is a heavy concentration of poles at angles of 
30 and 90 deg from the rolling plane, measured in 
the rolling direction. The lowest density of poles 
occurs at an angle of 62 deg from the rolling plane 
and near the center. These high and low concentra- 
tions of poles are spread transversely around the 


rolling direction. 


Fig. 2(6) shows the pole figures for the (100) poles. 


The two areas of heaviest pole density are found at 
61 deg to the rolling plane measured in the rolling 
direction and 27 deg to the rolling plane in the trans- 


T.D. 


10 l2 10 3 8 
(6) (100) Poles 


Fig. 2—Pole figures for 4340 steel, rolled 72 pct at 1550° F and quenched. Intensity in arbitrary units. 


982-VOLUME 215, DECEMBER 1959 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ed. 
) 


Reflections 


oO One 
Two 
A Three 
O Four 
Six 


Fig. 3—Calculated 
" (110) and (100) pole 
figures for mar- 
tensite formed 
from austenite with 
a (110) [112] ideal 
rolling texture. 
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verse direction. The lowest density of poles is found 
30 deg from the rolling plane. 

Calculated Results—1) (110) [112/—The (110) pole 
figure for the Nishiyama relationship and a preferred 
orientation of (110) [112] is shown in Fig. 3(a). There 
are heavy concentrations of poles on the circumfer- 
ence at 20 and at 90 deg from the rolling direction, 
and at 35 deg from the rolling plane in a direction 
about 45 deg from the rolling direction. 

The (100) pole figure is shown in Fig. 3(0). The 
heaviest concentrations of poles are at 0 and 60 deg 
from the rolling plane, measured in the rolling di- 
rection, and 55 deg from the rolling plane in a direc- 
tion 25 deg from the transverse direction. 

2) (123) [412]/—The calculated (110) pole figure for 
an austenite preferred orientation of (123) [412] is 
shown in Fig. 4(@). Many more poles are present 
than shown in Fig. 3(@) because there are 48 (123) 
planes but only 12 (110) planes. The heaviest con- 
centrations of poles are about 22 deg from the roll- 
ing plane measured in the rolling direction and on 
the circumference of the pole figure 28 deg from the 
rolling direction. 

Fig. 4(6) shows the calculated (100) pole figure. 

In Figs. 4(a) and 4(}) the calculated pole figures for 
a (123) [121] texture can be obtained by interchanging 
the rolling and transverse directions. 

3) (112) [111J—Fig. 5(a) shows the calculated (110) 
pole figure for a (112) [111] preferred orientation. 
The heaviest concentration of poles are in the rolling 
direction and about 25 deg from the rolling plane 
measured in the rolling direction, as well as about 
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60 deg from the rolling plane in a direction about 60 
deg from the rolling direction. 

The pole figure for the (100) poles is shown in 
Fig. 5(0). 


DISCUSSION 


Unless there is a high degree of perfection in the 
austenite ideal rolling texture, it is not possible to 
distinguish between the Kurdjumov-Sachs and 
Nishiyama orientation relationships. Such a degree 
of perfection is not found in rolling textures, and 
hence nothing can be concluded about the operative 
transformation mechanism in 4340 steel. Even in 
cases where there is relatively perfect ideal orien- 
tation, such as the [111] wire texture in stainless 
steels studied by Andrews,” a clear-cut choice 
between the two relationships is difficult. 

Of the pole figures calculated from the various 
assumed austenite preferred orientations, best 
agreement is obtained with the (112) [111]. For 
example, if the diameter along the rolling direction 
of the measured (110) pole figure is considered, 
Fig. 2(a), it can be seen that there are maxima at 
30 and 90 deg from the rolling plane normal and a 
strong minimum at 62 deg. This is shown by the 
calculated pole figure for (112) [111], Fig. 5(@). 
Agreement with the calculated (112) [111] orientation 
pole figure for the (100) poles is satisfactory, but 
not as good as for the (110) pole figures. 

The pole figures calculated for the (123) [412] 
(or (123) [121] ) textures agree poorly with the ex- 
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Fig. 5—Calculated 
* (110) and (100) pole 
figures for mar- 
tensite formed 
from austenite with 
a (112) [111] ideal 
rolling texture. 
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perimental pole figure, especially in the case of 
the (110) poles, Fig. 4(a), and these preferred 
orientations must be ruled out. 

On the other hand, a (110) [112] preferred orien- 
tation does lead to pole figures which could be part 
of the measured pole figure, although only as a 
minor component. This is not unexpected since the 
(110) [112] texture is the one most commonly as- 
sumed for face-centered-cubic materials. The pre- 
ferred orientation of austenite in 4340 steel can 
thus be concluded to be (112) [111] with a minor 
component of (110) [112]. This lends some support 
to the results of Jones and Fell® who concluded that 
a mixture of (110) [112] and (112) [111] better de- 


scribes the ideal rolling texture of fcc metals than 
(123) [412]. 

The agreement between the calculated and ob- 
served pole figures is not perfect, and not as satis- 
factory as is often found for ideal rolling textures. 
Several factors must be remembered, however. The 
reduction was only 72 pct, whereas most rolling 
textures are determined on material that has been 
rolled in excess of 95 pct. Second, in calculating the 
pole figures, it has been assumed that all possible 
components of the Nishiyama or Kurdjumov-Sachs 
transformations occur with equal probability. Be- 
cause of the known effects of plastic deformation 
on martensite formation, this assumption is open to 
question. 

Since the (112) [111] texture gave rise to the pole 
figure giving best agreement with the observed one, 
it was felt worthwhile to consider other textures in 
which [111] lies in the rolling direction, and to see 
if the austenite preferred orientation could simply 
be described as a [111] fiber texture, similar to the 
case of body-centered-cubic iron where [110] lies 
in the rolling direction and there is rotation of the 
plane around this axis.” Fig. 6 shows three such 
orientations, (123) [111] and (011) [111] in addition 
to the (112) [111]. As the plane varies from (011) 
to (123) to (112), there is a rotation of the various 
reflections around the rolling direction. Actually, 
any preferred orientation (hkl) [111] would show a 
pole figure after transformation intermediate 
between the (011) and the (112), similar to the (123). 
Of these pole figures, the (112) [111] gives best 
agreement with experiment since there is the 
greatest concentration of poles on the diameter lying 
in the rolling direction. There is no basis for as- 
suming any type of [111] ‘‘fiber axis’’ in rolling. 

There is some similarity of the (110) pole figure 
to the observed (110) pole figures for cold-rolled 
ferrite.’° This texture is usually described as hav- 
ing the [011] direction lying along the rolling di- 
rection, with the (100) plane lying parallel to the 
rolling plane, with a rotation of this plane around 
the rolling direction as an axis of up to 50 deg. The 
similarity of the pole figures for cold-rolled ferrite 
and for ferrite (martensite) formed by transforma- 
tion from warm-rolled austenite is only coincidental 
however, Since the latter pole figure can be ex- 
plained. 
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Fig. 6—Calculated (110) pole figures for martensite formed from austenite with an (KKL) [111] ideal rolling texture. 
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This brings | to mind the experiments of Neerfeld 
and Mathieu, ** Andrews,” and Bastien and Marger- 
and.** In these cases, martensite was formed from 
an oriented austenite by tension, wire drawing, and 
compression, respectively. In each case there was 
rotational symmetry of the pole figure around the 
center, and a ‘‘fiber axis’’ for the ferrite was de- 
termined. Neerfeld and Mathieu observed a [210] 
ferrite fiber axis, and used this to postulate a new 
transformation relationship between austenite and 
ferrite, with the [111] austenite parallel to [210] 
martensite. Andrews correctly pointed out that no 
single ferrite orientation can describe the ‘‘fiber 
axis’’ of transformed austenite; since austenite with 
a [111] fiber axis will give rise to three different 
sets of martensite crystals, with three different 
‘fiber axes.’’ 

Bastien and Margerand”™ found in compression of 
austenitic stainless steel that a [110] austenite fiber 
axis became a mixture of [111] and [100] ferrite 
after transformation, and that this is the same as if 
the texture had been formed by compressing ferrite, 
which is in disagreement with the results of 
Andrews. This suggests that the pole figures are 
the same irrespective of the prior mechanical and 
thermal treatment. If the pole figure for martensite 
formed from austenite with a [110] fiber axis is 
calculated (this can be done by rotating Fig. 3(a) 
around the center of the pole figure), it will be 
found that the resulting ferrite pole figure consists 
of four separate components, and that one of these 
is a [100] fiber texture. Since compression textures 
are usually not close to ideal, it is possible that the 
texture after transformation was incorrectly con- 
cluded to have a [111] ferrite texture component also. 
Furthermore, in this case the martensite was form- 
ing from the austenite during the deformation. Even 
though the austenite did orient before it transformed, 
the martensite that formed was further deformed 
so that it could assume its own texture, which is a 
mixture of [100] and [111]. Therefore, the conclusion 
that the texture formed by transformation in an 
oriented matrix is identical to that obtained by 
transformation prior to working is open to question. 


CONCLUSION 


A variation of yield and tensile strength with di- 
rection has been noted in heat-treated 4340 steel 
which had been ‘‘cold worked’’ by rolling in the 
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austenitic condition prior to quenching. Measure- 
ments by X-rays on a specimen rolled 72 pct showed 
a preferred orientation of martensite crystals. Vari- 
ous ideal preferred orientations were calculated by 
assuming a preferred orientation for austenite and 
transforming this to martensite by the Kurdjumov- 
Sachs and Nishiyama relationships. Comparison with 
the measured orientation showed that: 

1) The preferred orientation of austenite in 4340 
steel after rolling at 1550°F can be expressed as 
mainly (112) [111] with a small component of (110) 
[112] texture. 

2) There is no tendency for any [111] fiber axis in 
the rolling direction. 

3) Although (123) [412] or (123) [121], which ap- 
proximate a mixture of (112) [111] and (110) [112], 
have been used to describe the ideal orientation of 
face-centered-cubic metals, this texture was not 
found in 4340 steel. 

4) It was not possible to distinguish between the 
Kurdjumov-Sachs and Nishiyama orientation re- 
lationships for the austenite to martensite trans- 
formation. 

5) The similarity between the (110) pole figure 
obtained for cold-rolled ferrite and for martensite 
formed in oriented austenite is only coincidental. 
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Influence of Constraints During Rolling on the 
Textures of 3 Pct Silicon-lron Crystals 


Initially (001) [100) 


Crystals with an (001) [100] initial orientation of an iron-base 
alloy containing 3 pct Si were cold rolled with and without the use 
of constraints. A major difference in the rolling and annealing 
textures was observed between crystals rolled with and without 
constraints. These data show that the contribution of constraints 


at grain boundaries in a polycrystalline sheet should be considered 
in applying textural data on single crystals to grains in an aggregate. 


Stuicon-iron alloys with a cube texture have been 
recently developed and their magnetic characteris- 
tics reported.’ Of interest in the development of 
this texture were the textural changes of single 
crystals accompanying rolling and annealing and 
the influence of constraints at grain boundaries in 
an aggregate on the behavior of individual grains. 
The present study was primarily concerned with 
the effect of constraints during rolling on the tex- 
tures of 3 pct Si- Fe crystals initially (001) [100]. 

Barrett and Levenson® were among the first to 
observe an influence of constraints at grain boun- 
daries on the textural changes of individual grains 
during deformation. They tested Taylor’s® theory of 
plastic deformation of face-centered-cubic metals 
in which deformation textures were predicted. 
About one-third of the grains in polycrystalline 
aluminum did not rotate as predicted. Grains of the 
same initial orientation were observed to rotate in 
different directions under the influence of applied 
stress and anisotropic flow of neighboring grains. 
Recently, the various inhomogeneities of flow of 
crystals in an aggregate have been studied ”® and 
reviewed.°™ 

Barrett and Levenson” rolled (001) [100] iron 
single crystals inserted in close-fitting holes in 
copper to limit lateral flow and to simulate rolling 
of grains in an aggregate. Deformation bands were 
formed after a 90 pct reduction in thickness, and 
the cold-rolling texture contained two components 
described by rotating the (001)[100] about 35 deg in 
both directions around the normal of the rolling 
plane. No annealing textures were reported. 

Chen and Maddin*® rolled molybdenum single 
crystals initially (001) [100]. The crystals were 
mounted between two hardened silicon-iron plates 
and 96 pct reduced in thickness by rolling at a low 
rate of reduction, about 0.0001 in. per pass. The 
deformation texture had the mean orientation of 
(001)[100], and the azimuthal spread included orien- 
tations described by rotating (001) [100] about 35 deg 
in both directions about the pole of the rolling plane. 
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The presence of deformation bands were not reported 
by Chen and Maddin or detected in subsequent work 
of Ujiiye and Maddin.** The ideal orientation of the 
annealing texture was (001) [100]. 

Recently, Walter and Hibbard” reported on the 
textures of 3 pct Si-Fe alloy crystals initially near 
(001) [100]. Each crystal was in an aggregate cut 
from a columnar ingot. After 66 pct reduction by 
rolling, the texture consisted of two symmetrical 
components which had the orientations described 
by rotating (001) [100] about 30 deg in both direc- 
tions about the pole of the rolling plane. Annealing 
texture was near (001) [100]. 

In the above work, the textures of body-centered- 
cubic crystals were studied after rolling under the 
influence of constraints. The deformation textures 
varied from (001) [100] to near the (001) [110] type 
and appeared sensitive to the manner in which the 
crystals were rolled. No textural data were avail- 
able on the effect of rolling (001) [100] crystals with 
and without constraints. The purpose of the present 
work was to evaluate the influence of constraints 
during rolling on the textures of 3 pct Si- Fe crystals 
initially (001) [100]. Rolling and annealing textures 
were studied for a) crystals rolled with no con- 
straints at different rates of reduction, and b) crys- 
tals rolled with constraints imposed by neighboring 
grains and by plates between which a crystal was 
‘‘sandwiched’’. 


PROCEDURES AND EXPERIMENTAL TECHNIQUES 


Data are presented on four crystals which are 
representative of several crystals studied. The 
orientation of each crystal prior to rolling was (001) 
[100] as determined by the Laue X-ray back-re- 
flection method,**i.e., each crystal had an (001) 
within 3 deg of the rolling plane and [100] within 
3 deg of the rolling direction. These crystals were 
obtained from two iron-base alloys containing 3 pct 
Si by weight which were prepared by vacuum melting 
electrolytic iron and a commercial grade of silicon. 
Crystals 1, 2, and S-1 were cut from a large single 
crystal grown from the melt of one alloy by the 
Bridgman technique” in an apparatus described by 
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Table |. Summary of Rolling 


Final Cold Reduction Approximate Reduc- 
Crystal No. Rolling Conditions Thickness, In. in Thickness, Pct tion per Pass, In. 
1 Free single crystal 0.0015 90 0.0001 
a Free single crystal 0.0036 90 0.0046 
S-1 Crystal was “sandwiched” between 0.0056 86 0.0005 
stainless steel plates 
P-1 Grain was in an aggregate 0.0022 90 0.0025 


Hall.” These crystals with a diameter of about 1 in. 
were cut with a water-cooled abrasive wheel. Ap- 
proximately 0.005 in. of disturbed surface material 
was removed from each cut surface by etching in a 
solution containing 90 parts phosphoric acid and 10 
parts nitric acid. Crystal P-1 was a grain with a 
diameter of 1/2 in. and was located in the center of 
the surface of a polycrystalline sample. This sample 
was 1 1/2 in. wide by 2 in. in length and was obtained 
from the other vacuum- melted ingot by hot and cold 
rolling and subsequent annealing at a high tempera- 
ture. 

These crystals were 90 pct cold reduced in thick- 
ness by unidirectional rolling in a 4-high mill as 
summarized in Table I. The diameter of the work 
rolls was 11/2 in. Crystals 1 and 2 were rolled with 
no constraints with crystal 2 having the higher rate 
of reduction. Crystal S-1 was rolled while ‘‘sand- 
wiched’’ between two plates of Type 347 stainless 
steel at a lower rate of reduction than crystal P-1. 
Crystal P-1 was rolled as a grain in an aggregate. 

Specimens from each cold-rolled crystal were 
given the following anneals: 1) 15 min at 700°C, 

2) 1 hr at 1000° or 1100°C, and 3) 15 min at 700°C 
and a subsequent anneal for 1 hr at 1000° or 1100°C. 
During each anneal the specimens were separated 
from a thin stainless steel container by dry mag- 
nesium oxide and enveloped by —50°C dew-point 

R.0. 


Fig. 1—{110} pole figure of crystal 1 cold reduced 90 pet in 
thickness by rolling. Data were obtained without integra- 
tion over surface of specimen. 0 —(001)[ 110). 
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hydrogen. The specimens and container were in- 
serted and removed from a tube furnace which was 
at the designated annealing temperature to insure 
fast heating and cooling. The first anneal was chosen 
to produce complete primary recrystallization. 
Specimens from each cold-rolled crystal were an- 
nealed at temperatures in 50 deg intervals between 
500° and 800°C for 15 min. The 700°C annealing 
temperature was the lowest temperature at which 
complete recrystallization was observed for all 
specimens by microscopic examination. The second 
and third anneals were used to examine for a pos- 
sible influence of temperature of recrystallization 
on the grain growth textures.’”*° The latter two 
anneals were chosen to produce no appreciable 
amount of secondary recrystallization. 

Rolling and annealing textures were determined 
by a transmission method.” X-ray data were ob- 
tained with a 90 deg Norelco Geiger Counter 
Spectrometer with or without integration over 1/2 in. 
of the specimen. The specimen about 0.002 in. thick 
was taken from the center of the sheet thickness by 
alternate grinding and etching. Unfiltered molybde- 
num radiation and intensity measurements of {110} 
reflections were employed. Readings were made 
over a rotation of 360 deg at 5 deg intervals for each 
tilt position. Tilt positions varied in 5 or 10 deg 
steps to cover the region from the basic circle to 
within 30 deg of the center of the pole figure. Con- 
tour lines in the pole figures are given in multiples 
of random intensity. 

After the X-ray data were obtained, the speci- 
mens were etched to develop etch pits and then 
examined at magnifications up to X1000 to obtain 
information on the distribution of the components. 
Etch pits with {001} facets were obtained by etching 
at 70°C in a solution containing 241 g of ferric 
ammonium sulfate, 40 cc of sulfuric acid, and 1000 
cc of water. 


COLD-ROLLING TEXTURES 


The {110} pole figures of cold-rolled crystals 1, 2, 
S-1, and P-1 are given in Figs. 1 through 4. The 
main orientation of crystal 1 has the ideal orienta- 
tion near (001)[110]. No deformation bands were 
detected, and a rotation was observed about the [110] 
near the rolling direction. 

Crystal 2 was rolled at a heavier rate of reduction 
than crystal 1. The principal component can be 
described as (001) [110] rotated 5 deg clockwise 
about the pole of the rolling plane. Etching of the 
specimen revealed macrodeformation bands up to 
0.11 in. in width and extending parallel to the rolling 
direction. Some of the narrower bands appeared to 
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Fig. 2— {110} pole figure of crystal 2 cold reduced 90 pct 
in thickness by rolling. Data were obtained with integra- 
tion over 1/2 in. of specimen. O—(001)[110] rotated clock- 
wise 5 deg about sheet normal. 


have the orientation described by rotating (001) [110] 
counterclockwise 5 deg about the rolling plane nor- 
mal. This component was not detected by the X-ray 
technique. 

Cold-rolled crystals S-1 and P-1 had similar pole 
figures. These crystals were rolled under the in- 
fluence of different constraints and rates of reduc- 
tion. Each crystal subdivided into deformation bands 
which rotated in both directions toward the stable end 
orientation of the (001) [110] type. Two components 
were present with orientations described by rotating 
(001) [110] near 10 deg in both directions about the 
pole of the rolling plane. The deformation bands 
were up to 0.0015 in. in width. 


ANNEALING TEXTURES 


A summary of the average grain diameters of 
annealed specimens for which pole figures were 
constructed is presented in Table II. Cold-rolled 
crystals annealed for 15 min at 700°C had average 


Table I]. Average Grain Diameter for Each of the Annealed Specimens 
(Measured by Intercept Method)? 


Anneal 
Crystal 15 Min 1 Hr at 15 Min, 1Hrat 
No. 700°C 1100°C 700°C 1100°C 
1 0.003 in. 0.007 in. 0.008 in. 
2 0.003 0.008 0.009* 
S-1 0.002 0.010 iad 
P-1 0.002 0.004*** 0.004*** 


*8 large grains were present with diameters of 0.040 to 0.050 in. 
which were not included in the measurement. 
**Sufficient material was not available for this anneal. 
*** Annealed at 1000° instead of 1100°C. 
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Fig. 3—{110} pole figure of crystal S-1 cold reduced 86 
pet in thickness by rolling. Data were obtained without 
integration over surface of specimen. A—(001)[110] ro- 
tated clockwise 12 deg about sheet normal. O—(001)[110] 
rotated counterclockwise 12 deg about sheet normal. 


grain diameters from 0.002 to 0.003 in. The average 
grain diameter increased by a factor of 2 to 5 after 
annealing at 1000° or 1100°C. Several large grains, 
secondaries, were observed in the center of the sur- 
face of the specimen from crystal 2 after the double 
anneal. 

Similar pole figures were obtained for each of the 
three crystals 1, 2, and P-1 when annealed directly 
at 1000° or 1100°C and when given the double anneal. 
For each crystal, the textures after the 1000° or 
1100°C anneals were sharper than the texture after 
the 700°C anneal; textures after each of the three 
anneals had similar main components. For the above 
reasons, only one pole figure is presented for each 
specimen. Two pole figures are presented for crys- 
tal S-1 since a difference was detected in the tex- 
tures after the various anneals. Generally, the fol- 
lowing are included in the first pole figure of each 
annealed specimen: 1) dashed lines designating the 
contour lines from the pole figure of the cold-rolled 
specimen at an intensity level in the interval of 2.0 
to 5.0 times random intensity, 2) a letter identifying 
the <110> of each component present, and 3) an 
arrow around a direction of the <110> type for each 
component designating the pole and direction of a 
20 to 30 deg rotation by which the component can be 
derived from the deformation texture. 

The {110} pole figure for crystal 1 annealed for 1 
hr at 1100°C is shown in Fig. 5. Eight components, 
A through H, are related to the four high-intensity 
areas in the interior of the cold-rolled pole figure 
by 20 to 30 deg rotations. Component I is the only 
component related to the deformation texture by a 
rotation about the [110] near the basic circle. A 
better rotational relationship for component B, 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


LL 


10.0 


20.0 
Fig. 4—{110} pole figure of crystal P-1 cold reduced 90 
pet in thickness by rolling. Data were obtained without 
integration over surface of specimen. A—(001)[110] ro- 
tated 12 deg clockwise about sheet normal. O—(001)[{110] 
rotated 9 deg counterclockwise about sheet normal. 


near (001) [210], is a 25 deg counter-clockwise 
rotation about the sheet normal, [001]. 

The {110} pole figure of crystal 2 annealed for 
15 min at 700°C and then 1 hr at 1100°C is shown 


R.D. 
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Fig. 6—{110} pole figure of crystal 2 after cold rolling 
and subsequent double annealing. Data were obtained with 
integration over 1/2 in. of specimen. A, and so forth— 
each letter designates <110> of a component. Dashed 
line—intensity level of 4.0 from pole figure of cold-rolled 
crystal, Fig. 2. Arrow—designates a pole of rotation of 
the {110} type by which the component and deformation 
texture are related. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 5—{110} pole figure of crystal 1 after cold rolling 
and subsequent annealing for 1 hr at 1100°C. Data were 
obtained with integration over 1/2 in. of specimen. A, and 
so forth—each letter designates <110> of a component, 
Dashed line—intensity level of 2.0 from pole figure of 
cold-rolled crystal, Fig. 1. Arrow—designates a pole of 
rotation of the {110} type and direction of rotation by 
which component and deformation texture are related. 


in Fig. 6. Components A through D are related to 
the principal component of the deformation texture 
by 20 to 30 deg rotations about common <110>. The 
orientation of 8 secondaries away from the edges 


R.D. 


Fig. 7—{110} pole figure of crystal S-1 after cold rolling 
and subsequent annealing for 15 min at 700°C. Data were 
obtained without integration over surface of specimen. 

A, and so forth—each letter designates <110 > of a com- 
ponent. Dashed line—intensity level of 5.0 from pole figure 
of cold-rolled crystal, Fig. 3. Arrow—designates a pole of 
rotation of the {110} type by which the component and de- 
formation texture are related. 
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Fig. 8—{110} pole figure of crystal S-1 after rolling and 
subsequent annealing for 1 hr at 1100°C. Data were ob- 
tained with integration over 1/2 in. of specimen. J—(001) 
{100}. 


of the sample was determined by the Laue back-re- 
flection method. These secondaries clustered within 
8 deg of (001) [120] which was near the orientation of 
component A. This (001) [120] orientation can be 
related easily to the main component of the cold- 
rolled texture by a clockwise rotation of 20 deg about 
the rolling plane normal, near [001]. 

The {110} pole figure of crystal S-1 after annealing 
for 15 min at 700°C and after the 1100°C anneal are 
presented in Figs. 7 and 8. The difference in tex- 
tures after these anneals was probably due to ap- 
preciable grain growth during the 1100°C anneal, see 
Table II. The 700°C annealing texture is more com- 
plex than for crystals 1 and 2. Components A through 
I are related to the two symmetrical components of 
the deformation texture by <110> rotations. Orien- 
tations near component J appear after the anneal for 
15 min at 700°C and may have grown at the expense of 
the other components during the 1 hr anneal at 
1100°C. Component J has the orientation of (001) 
[100] and is related to the two symmetrical compon- 
ents of the deformation texture by 20 to 30 deg rota- 
tions about [001]. 

The {110} pole figure of specimen P-1 after the 
double anneal is given in Fig. 9. Components A 
through D can be related to the cold-rolled texture 
by <110> rotations. A better interpretation of com- 
ponent B, near (001)[100], would be a counterclock- 
wise rotation of 25 deg about the [001] of the compon- 
ent in deformation texture, which has the orientation 
described by rotating the (001) [110] counterclockwise 
12 deg about the sheet normal. 


DISCUSSION 


. The cold-rolling textures of silicon-iron crystals 
initially (001)[100] tended to be of the (001)[110] 
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Fig. 9—{110} pole figure of crystal P-1 after cold rolling 
and subsequent double annealing. Data were obtained with- 
out integration over surface of specimen. A, and so forth— 
each letter designates <110> of a component. Dashed 
line—intensity level of 5.0 from pole figures of cold-rolled 
crystal, Fig. 4. Arrow—designates a pole of rotation of the 
{110} type by which the component and deformation tex- 
ture are related. 


type. This is consistent with the theories of Calnan 
and Clues™ and of Hibbard and Yen™ and in disagree- 
ment with the theory of Decker and Harker.” Their 
theory predicted the (001)[100] as a stable end orien- 
tation. 

The amount of rotation toward the stable end 
orientation of the (001)[110] type was decreased by 
increasing the rate of reduction of crystals rolled 
with no constraints and by using constraints during 
rolling. These variables caused the formation of 
deformation bands, probably by their tendency to 
produce inhomogeneity of flow. A contributing factor 
may have been the symmetrical initial orientation of 
the crystals. These crystals were situated such that 
rotations of equal amounts in both directions about 
the sheet normal would yield the stable end orienta- 
tion of the (001) [110] type. 

The orientation of the deformation bands can be 
described by rotating the (001)[110] in both direc- 
tions up to 12 deg about the pole of the rolling 
plane. Similar deformation bands have been ob- 
served in iron’* and Fe-3 pct Si* crystals initially 
(001) [100] when rolled under the influence of con- 
straints. Molybdenum crystals rolled in the above 
manner failed to display deformation bands** although 
the pole figures of Chen and Maddin”’ indicated de- 
formation bands were in the initial stages of forma- 
tion. 

No significant influence of temperature of recrys- 
tallization on normal grain growth textures was de- 
tected. The average grain diameters of the annealed 
specimens were large which is consistent with the 
coarse grained structures observed after annealing 
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silicon-iron single crystals with the (001)[110] cold- 
rolled orientation.** The components of the annealing 
textures were related to the deformation textures by 
20 to 30 deg rotations about <110> and <100>. 
These rotational relationships have been reported for 
body-centered-cubic crystals**’** and probably exist 
because of their higher rates of growth. Rotations 


of the <100> type were about the rolling plane normal. 


The <100> rotations yielded (001) [210] or (001) [120} 
for crystals 1 and 2 and near (001) [100] for crystals 
S-1 and P-1. The (001) [100] has been reported as 
the annealing texture of molybdenum” and silicon- 
iron single crystals” when initially (001) [100] and 
rolled under the influence of constraints. The pres- 
ence of other components in the present work may 
have resulted from variations in the manner of 
rolling the crystals. 

A major difference in textures was observed 
between crystals rolled with and without constraints. 
Minor differences in the textures existed between 
crystals rolled without constraints at different rates 
of reduction and between crystals rolled with various 
constraints and rates of reduction. These results 
indicate that the influence of constraints at the grain 
boundaries should be considered when applying tex- 
tural data on single crystals to grains in an aggre- 
gate. This may be a difficult problem due to the 
probable influence of grain size and orientation of 
neighboring grains on the constraints at the grain 
boundaries. 
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CONC LUSIONS 


1. Crystals rolled with constraints displayed a 
greater tendency to form deformation bands than 
crystals rolled without constraints. 

2. The stable end orientation was (001) [110] 
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when no deformation bands were formed during 
rolling. 

3. When deformation bands were formed during 
rolling, two symmetrical components were ob- 
served which could be described by rotating (001) 
[110] up to 12°in both directions about the rolling 
plane normal. 

4. Components in the annealing textures were 
related to the deformation textures by <110> and 
<100> rotations of 20 to 30°. 

5. A major difference in annealing textures was 
observed between crystals rolled with and without 
constraints. 

6. The <100> rotations yielded near (001) [120] 
type components for crystals rolled without con- 
straints and near (001)(100] for crystals rolled with 
constraints. 

7. The influence of constraints at grain boundaries 
should be considered in applying textural data on 
single crystals to grains in an aggregate. 


REFERENCES 


‘F. Assmus, R. Boll, D. Ganz, and F. Pfeifer: Z. Metallk., June, 1957, 
vol. 48, pp. 341-343. 

’F. Assmus, K. Detert, and G. Ibe: Z. Metallk, June 1957, vol. 48, pp. 344- 

9. 


5G. Wiener, P. Albert, R. Trapp, and M. Littmann: J. Appl. Phys., March, 
1958, vol. 29, no. 3, p. 366. 

‘J. L. Walter, W. R. Hibbard, H. C. Fiedler, H. E. Grenoble, R. H. Pry, and 
P. G. Frischmann: /. Appl. Phys., March, 1958, vol. 29, no. 3, p. 363. 

5C. S. Barrett and L. H. Levenson: AJME Trans., 1940, vol. 137, p. 112. 

*G. L. Taylor: J. Inst. Metals, 1938, vol. 62, p. 307. 

"W. Boas and M. E. Hargreaves: Proc., Roy. Soc., 1948, vol A193, p. 89. 

®W. Boas and C. J. Ogilvie: Acta Met., 1954, vol. 2, p. 655. 

°A. H. Cotrell: Dislocations and Plastic Flow in Crystals, Oxford Univer- 
sity Press, 1953, pp. 192, 116-124. 

. Boas: Proc., 7th Int. Congr. Appl. Mech., 1948, vol. 1, p. 356. 

4B. Chalmers: Symposium on the Plastic Deformation of Crystalline Solids, 
Mellon Institute, Pittsburgh, 1950, p. 193. 

4C. S. Barrett and L. H. Levenson: AJME Trans., 1941, vol. 145, p. 281. 

43N. K. Chen and R. Maddin: A/JME Trans,, 1953, vol. 197, p. 300. 

44N. Ujiiye and R. Maddin: AIME Trans., 1956, vol. 206, p. 1298. 

1S]. L. Walter and W. R. Hibbard: AJME Trans., 1958, vol. 212, p. 731. 

46C. S. Barrett: Structure of Metals, 2nd ed., McGraw-Hill Book Co., Inc., 
New York, 1952, p. 185. 

474. U. Seybolt and J. E. Burke: Procedures in Experimental Metallurgy, 
John Wiley and Sons, Inc., New York, 1953, p. 313. 

RC. Hall: AIME Trans., 1957, vol. 209, p. 1267. 

%C. G. Dunn: Acta Met., 1953, vol. 1, p. 163. 

2°G. Wiener and R. Corcoran: AJME Trans., 1956, vol. 206, pp. 901-906. 

224 Geisler: Modern Research Techniques in Physical Metallurgy, ASM, 
Cleveland, 1953, p. 131. 

22ASTM Standards, E112-55T, Part II, 1955, p. 1435. 

FE. A. Calnan and C. J. B. Clues: Phil. Mag., 1951, vol. 42, p. 616. 

2W. R. Hibbard, Jr. and M. K. Yen: AJME Trans., 1948, vol. 175, p. 126. 

258. F. Decker and D. J. Harker: J. Appl. Phys., 1951, vol. 22, no. 7, 


. 900. 
26C. G. Dunn and P. K. Koh: AIME Trans., 1956, vol. 206, p. 1017. 


P 


VOLUME 215, DECEMBER 1959-991 


=. 
ed 
r 
ae 
ae 


On the Origin of Tertiary Creep in an 


Aluminum Alloy 


The mode of high-temperature tertiary creep of 52S-O 
aluminum alloy was found to be strongly stress dependent. The 
occurrence of necking and/or fissures during tertiary creep ex- 
hibited a sequence with varying stress, wherein fissures with no 
necking occur at a minimum stress and necking with no fissures 
occur at a maximum stress. At an intermediate stress, tertiary 
creep begins without necking but with fissures in a region just 
beneath the external surface, followed by necking and the de- 
velopment of fissures along the axis of the specimen. The re- 


sults are interpreted in terms of grain boundary gliding and the 
hydrostatic stresses produced by restraints to grain boundary 


gliding. 


Tuere appear to be two possible reasons for the 
existence of a period of accelerating elongation prior 
to rupture during high-temperature creep in metals; 
namely, 1) a change in the structure of the metal it- 
self, leading to a change in its response to loading, 
and 2) a reduction in the cross section of the metal 
resulting in a higher unit loading. Howe,’ by anneal- 
ing and retesting broken low-temperature creep 
specimens, found that irreparable damage is done 
once a metal is subjected to creep. Andrade’ first 
pointed out the association between the reduction in 
cross section and the increase in creep rate. The 
present research was designed to investigate both of 
these factors by retesting specimens machined from 
material which had been subjected to high-tempera- 
ture creep testing short of rupture. 


EXPERIMENTAL METHOD 


An aluminum alloy, 52S-O, was selected for these 
studies because it is constitutionally simple, is 
strong enough to be relatively insensitive to me- 
chanical damage during machining,* and undergoes 
accelerating creep in a convenient temperature 
range. This alloy is hardened by 2.6 wt pct Mg in 
solid solution and is not subject to overaging effects; 
it has a very small quantity of an insoluble impurity 
phase, Mg,Si, finely dispersed throughout its micro- 
structure. 

Creep specimens, similar in design to ASTM 
0.252-in. tensile specimens, were machined from 
3/4-in. round stock and the surfaces were electro- 
polished. A 24-hr anneal at 500°C was then applied 
to stabilize the grain size to an average diameter of 
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0.27 mm. Subsequent heating for as long as 700 hr 
at the intended test temperatures produced no change 
in the tensile properties, indicating a well-stabilized 
state of the material. 

Corresponding to each of the typical testing con- 
ditions listed in Table I, one creep specimen was 
tested to destruction and this test was employed as a 
guide in the selection of times for subsequent tests. 
Duplicate creep tests were then run to various points 
along the creep curve to produce specimens which 
were used to determine changes in mechanical prop- 
erties and microstructures. The latter were ex- 
amined at the midsections of the specimens. Other 
specimens were tested to various stages of tertiary 
creep, after which they were remachined to new 
cylindrical test specimens, electropolished and re- 
tested in creep. 


RESULTS 


The major findings of this investigation may be 
illustrated by a comparison of the results of three 
sets of creep tests. These were run at 400°C at 
three stress levels, namely 750, 1000, and 1500 psi. 
In presenting these results in Figs. 1, 5, and 8, the 
creep curves are given in pairs: That curve of each 
pair which is drawn through filled circles corre- 
sponds to the initial test, and the curve drawn 
through open circles (and designated by — R) repre- 
sents the result of retesting the same specimen 
after machining to a new cylindrical surface. The 
load was readjusted to the original unit stress at 
the beginning of each retest. 


Table |. Creep-Testing Conditions 


? 


Temperature Initial Stress 
300°C 2500 psi 
300°C 3000 psi 
350°C 2000 psi 
350°C 2500 psi 
400°C 750 psi 
400°C 1000 psi 
400°C 1500 psi 
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Fig. 1—Creep curves for specimens at low stress origi- 
nally tested (filled circles) to (a) the onset of tertiary 
creep and to (}) and (c) latter stages of tertiary creep. 
Curves through open circles and designated —R are for the 
same specimens retested after machining to new cylindri- 
cal specimens. 


As others have found,*® the duplicate creep tests, 


used to determine changes in microstructure and 
mechanical properties, did not produce exactly the 
same creep curves. Secondary creep rates varied 
by as much as 20 pct; time to initiate tertiary creep 
varied by as much as 40 hr in the longer tests; and 
the slope of the tertiary creep curve varied from 
gentle to steep. It was found that the slope was 
steepest in those specimens in which tertiary creep 
started earliest and these specimens invariably 
exhibited double necking. The double-necking effect 
has been discussed by McLean.°® 

Tests at 400°C and 750 psi— At 400°C and 750 psi, 
the lowest stress used, it was found that regardless 
of when during tertiary creep a test was stopped and 
the cylindrical surface of the test specimen rema- 


chined, the retest always continued in tertiary creep. 


As shown in Fig. 1(a), test D211 was stopped at a 
time and strain which prior tests indicated to be 
close to the onset of tertiary creep; even though 
necking had not been found to have occurred, the re- 
test, D211-R, proceeded almost immediately into 
tertiary creep. The same result was noted in those 
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Fig. 2—Composite longitudinal photomicrograph at mid- 
section of specimen creep tested at 400°C and 750 psi and 
stopped early in tertiary creep. Fissures occur throughout 
the entire cross section, particularly at grain boundary 
triple points. X25. Reduced approximately 53 pct for re- 
production. 


tests which had progressed well into tertiary creep 
prior to remachining, Figs and l(c). 
Necking was never observed in any test run at this 
temperature and stress. Instead small fissures ap- 
peared at grain boundaries throughout the entire test 
section of each specimen, and particularly at places 
where grain boundaries join. This is illustrated in 
Fig. 2 which exhibits the microstructure at mid-sec- 
tion resulting from a test that was stopped very early 
in tertiary creep. In three dimensions, the fissures 
have a cup-like shape. This characteristic is dem- 
onstrated by the pair of photographs in Fig. 3 which 
show that a fissure has been produced by one grain 
pulling away from three others, at a four-grain 
junction. As testing proceeds, the fissures grow 
laterally along grain boundaries until they join to 
produce saw-toothed crevices, Fig. 4. Although these 
crevices lie generally perpendicular to the tension 
axis, the individual fissures of which they are com- 
posed tend to lie at 45 deg to the tension axis. 
Always after creep testing, the Wasserman’s etch’ 
which was used in preparing the microstructure 
developed a shaded zone along grain boundaries, see 
Fig. 3(a). This effect was never observed prior to 
creep testing and its meaning remains obscure. 
Tests at 400°C and 1000 psi— The results of creep 
tests conducted at 400°C and 1000 psi, which stress 
proved to be of intermediate level, are given in 
Fig. 5. It was found that if a test was stopped suf- 
ficiently early in tertiary creep so that neither neck- 
ing nor internal fissures were apparent, the speci- 
men in retest produced a creep curve similar to its 
original creep curve, Fig. 5(a). This indicates that 
the retest continues on in creep as the original test 
would have, had it not been for the influence of 
changes in the original surface layer of metal. 
As the duration of prior creep testing is increased, 
Fig. 5(b), fissures appear adjacent to the specimen 
surface, Fig. 6, and this happens before necking is 
detectable. If now the specimen is remachined so as 
to remove that portion of the surface which contains 
the fissures and creep testing is resumed, the 
original creep curve is almost reproduced once 
more, Fig. 5(d). 
Finally, if initial creep testing is continued until a 
neck is formed, Fig. 5(c), fissures appear not only 
adjacent to the surface of the specimen, but also 
along the central axis of the necked region as well, 
Fig. 7. Remachining, which removes both the neck 
and the fissures adjacent to the original surface, 
does not remove the centrally located fissures. Upon 
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retesting, this metal no longer reproduces the entire 
creep curve but rather continues in tertiary creep as 
shown in Fig. 5(c). 

The fissures which form at 400° and 1000 psi are 
distinct from those produced at 750 psi in that they 
appear round instead of cup shaped. This is true of 
the fissures formed along the central axis as well as 
those appearing near the surface. 

Tests at 400°C and 1500 psi— The results of tests 
made at 400°C and 1500 psi are presented in Fig. 8. 
Although great care was exercised in looking for 
fissures, none were found in any sample of this 
group. Despite this, there was a marked difference 
in the creep rate as compared before and after re- 
machining. Where the initial test was so limited in 
duration that no neck developed, the subsequent 
creep duplicated the normal stages but at a higher 
rate than initially, Fig. 8(a2) and 8(b). When necking 
had developed in the initial test, only tertiary creep 
was observed subsequently, Fig. 8(c). 

Thus, prior creep testing seems to have altered 
the metal in some way which was not detected in the 
microstructure, but which resulted in a persistent 
decrease in creep resistance. 

Tests at Other Temperatures—The latter behavior 
(400°C and 1500 psi) was again seen in tests run at 
300°C and 350°C, Table I and Fig. 9. With the rela- 
tively large loads employed at these temperatures, 
no fissures were developed in any sample, but the 
rate of creep in retesting was consistently higher 
than had been the initial creep rate. An interesting 
difference, noted in these tests at lower tempera- 
tures, was that necking, instead of appearing soon 
after the initiation of tertiary creep, was delayed un- 
til tertiary creep was well advanced. 


Fig. 4—Composite longitudinal photomicrograph at mid- 
section of specimen creep tested to failure at 400°C and 
750 psi. Specimen did not neck, Fissures have grown lat- 
erally along grain boundaries. X25. Reduced approximately 
51 pet for reproduction. 
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Fig. 3(¢)—Fissure formed at a planar 
triple point in a creep test at 400°C and 
750 psi. Note darker etching region 
along grain boundaries. (b) Same as Fig. 
3(a) above but focused within the cavity. 
Enclosed grain is convex to viewer. 
X500. Reduced approximately 27 pct for 


(b) 
Tensile Tests— The results of room temperature 


tensile tests made upon specimens that had been sub- 
jected to creep for various times at 400°C and under 
the three stress levels specified above are given in 
Fig. 10. With the lowest stress (750 psi) the tensile 
strength drops abruptly as tertiary creep begins and 
grain boundary fissures are developed. A gradual 
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Fig. 5—Creep curves for specimens at intermediate stress 
originally tested (filled circles) to (4) the onset of tertiary 
creep, (b) early tertiary creep but before necking had oc- 
curred, and ¢) latter tertiary creep and necking. Curves 
through open circles and designated —R are for the same 
specimens retested after machining to new cylindrical 
specimens. 
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Fig. 6—Composite longitudinal photomicrograph at mid- 
section of specimen creep tested at 400°C and 1000 psi 
and stopped early in tertiary creep prior to necking. 
Fissures occur primarily near the surface of the speci- 
men and are rounded. Compare with Fig. 2. X25. Reduced 
approximately 43 pct for reproduction. 


loss in tensile strength is observed at the higher 
stress levels. Such an effect might be expected to 
result from the smaller fissures that developed at 
the intermediate (1000 psi) stress level, but cannot 
be correlated with any structural changes at the 
highest (1500 psi) stress level. 


DISCUSSION 


The foregoing observations are seen to display a 
sequence with varying stress, wherein necking with 
no fissures occurs at the maximum stress and 
fissures with no necking at the minimum stress. 
Most interesting however, is the intermediate case 
wherein with slight necking, fissures develop along 
the centerline of the specimen and also in a region 
just beneath the external surface. The fissures are 
clearly at grain boundaries and presumably develop 
as a result of grain boundary gliding. 

Some specific characteristics of grain boundary 
gliding which are important in explaining the ap- 
pearance of fissures have been described by Rhines, 
Bond, and Kissel.’ At the lowest temperature and 
stress at which it is found, grain boundary gliding 
occurs in a very narrow zone adjacent to the grain 
boundary. When either the temperature or stress is 
increased, gliding occurs in an ever widening band 
of metal parallel with the grain boundary and the 
overall rate of gliding diminishes. Any particular 
grain boundary, or portion thereof, varies in its 
susceptibility to gliding depending upon its orien- 
tation with respect to the tensile axis, being at a 
maximum when the boundary makes an angle of 45 
deg with the tension axis. If the boundary is curved, 
it is possible for gliding to operate at different 
rates and even in opposite directions at different 
locations on the same boundary. The rate at which 
gliding occurs at a favorably oriented boundary 
depends also upon the relative orientations of the 
neighbor crystals forming the boundary; in general, 
the rate of gliding is greater when the orientation 
mismatch is large. 

It has been pointed out that the initiation and 
growth of fissures requires the presence of grain 
boundary gliding.® The opposite is not true, how- 
ever; in studies upon the creep of aluminum bi- 
crystals, extensive grain boundary gliding was ob- 
served, but never fissure formation or rupture at or 
near a grain boundary.® Presumably, fissures can 
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Fig. 7—Composite longitudinal photomicrograph at mid- 
section of specimen creep tested at 400°C and 1000 psi and 
stopped late in tertiary creep. Necking has occurred and 
fissure appear near the surface of the specimen as in Fig. 
6, but also along the central axis of the specimen and the 
neck, X25. Reduced approximately 43 pct for reproduction. 


form only in the presence of both grain boundary 
gliding and a restraint to gliding. 

A type of restraint that commonly leads to the 
nucleation of a fissure exists at the quadruple point 
where four grains meet, see Fig. 11. At sucha 
junction, some grain boundaries may be favorably 
oriented for gliding while other are not. A tendency 
for any one grain to move away from the quadruple 
point develops a hydrostatic stress at the quadruple 
point, Fig. 11, which when sufficiently high may be 
expected to result in the nucleation of a fissure. The 
more grain boundary gliding is confined to a narrow 
layer of metal, the more sharply will the resulting 
shear be focused upon the quadruple point and the 
higher will be the unit hydrostatic tension attained. 
For this reason, fissure nucleation is expected to be 
most profuse at low applied creep stresses which are 
associated with highly confined grain boundary glid- 
ings; such a tendency is clearly seen in the foregoing 
experimental findings at the minimum applied creep 
stress, Fig. 2. 

Convincing proof that fissures nucleate through the 
action of localized fields of hydrostatic tension is to 
be found in an analysis of the results obtained in the 
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Fig. 8—Creep curves for specimens at high stress origin- 
ally tested (filled circles) to (a) the onset of tertiary creep, 
(6) early tertiary creep but before necking had occurred, 
and (c) later tertiary creep and necking. Curves through 
open circles and designated —R are for the same speci- 
mens retested after machining to new cylindrical speci- 


mens. 


creep studies at the intermediate stress level, 1000 
psi and 400°C. According to Bridgman,” a tensile 
test bar which has begun to form a neck has a stress 
distribution composed of a uniform tensile stress 
parallel to the applied load and a superimposed hy- 
drostatic tension which varies in intensity from zero 
at the surface of the bar to a maximum at the center- 
line. Since hydrostatic tensions are additive, the 
localized hydrostatic tension due to grain boundary 
gliding and the hydrostatic tension due to the neck 
should combine to produce a maximum nucleating 
tendency along the centerline of the bar. In the case 
of the intermediate creep stress, the intensity of 
the hydrostatic tension produced by grain boundary 
gliding is decreased by the widening of the zone of 
active gliding and appears to attain the level re- 
quired for nucleation of fissures only when sup- 
ported by the maximum hydrostatic tension due to 
the increased loading in the presence of a neck. 

The subsurface fissures found in the samples 
tested under intermediate loads, resulted from a 
maximization of the hydrostatic tension at quadruple 
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ity to Fig. 5(¢). 


points that are sufficiently close to an external sur- 
face so that connected boundaries can shear all the 
way to the free surface. By thus permitting larger 
shear to occur, the stress at the quadruple point is 
magnified. Hydrostatic tensions can develop also 
at other types of restraint, for example, where 
twin boundaries intersect grain boundaries, where 
a grain boundary forms a ‘‘dome’”’ in the direction 
of the applied stress and where particles of foreign 
phases intersect grain boundaries. Under the latter 
types of restraint, fissures may nucleate at several 
places simultaneously in the same grain boundary. 
This has been observed in twinned brass by Green- 
wood, Miller, and Suiter.“ Fissures developing at 
arched grain boundaries have been seen in the 
present studies and have been reported also by 
Hanson and Wheeler. 

The exact mechanism of fissure growth cannot be 
deduced from the present findings. However, if the 
driving force for fissure growth is derived from 
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Fig. 10—Tensile strength plotted as a function of prior 
creep strain for specimens creep tested at 400°C and at 
(2) low stress, (b) intermediate stress and (c) high stress. 


grain boundary gliding, it may be expected that the 
shape of the fissures will be responsive to the thick- 
ness of the zone adjacent to the grain boundary 
wherein gliding is occurring. Thus, at low stresses, 
where grain boundary gliding is closely confined to 
the grain boundary, thin fissures should grow. At 
high stresses, as the shear zone thickens, the fis- 
sures should become more rounded, as has been 
observed in the present studies. 

Had the present studies been confined to tests at 
low and intermediate stresses, it would have been 
concluded that tertiary creep is nothing more than 
accelerated yielding resulting from a reduction in 
the cross section of the metal. At the lowest loads, 
the reduction in metal cross section is almost en- 
tirely by fissure formation whereas, at intermediate 
stresses external necking contributes to the reduc- 
tion in the load carrying cross sectional area. Re- 
machining arrested tertiary creep only in that case 
in which all of the fissures were adjacent to the 
external surface and so were removed. The tensile 
results would have appeared to fortify these con- 
clusions, because at low creep stress the tensile 
strength diminished abruptly when fissures ap- 
peared, whereas with intermediate creep stress the 
tensile strength diminished gradually as subsurface 
fissures, external necking, and centrally-located 
fissures developed in sequences. 

This does not, however, explain the increased 
creep rate after machining or the progressive loss 
in tensile strength that was found in samples tested 
at the highest stress level. No structural reasons 
for these changes in properties have been found, 
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Fig. 11—Three dimensional drawing of the jointure of four 
grains at a quadruple point in space. Schematically, the 
arrows indicate the manner in which shear stresses act 
along each boundary to produce a resultant hydrostatic 
stress at the quadruple point. 


wherefore, it must be concluded that there exists 
a type of ‘‘creep damage’’ that is not associated with 
fissure formation. Perhaps, this is the same 
phenomenon observed by Howe.’ 

It is apparent from the results of the present re- 
search, as well as from numerous other studies, that 
in dealing with the conventional engineering creep 
curve, no fundamental physical significance can be 
attached to the exact point at which the curve changes 
from an apparently constant creep rate to an accele- 
rating rate. Instead, the point at which this change 
occurs represents the point at which the effect of fis- 
sure formation and/or necking are sufficiently large 
as to manifest themselves as a measurable increase 
in the creep rate. 


SUMMARY 


As a result of the present studies, the following 
characteristics of high-temperature tertiary creep in 
an aluminum alloy can be reported: 

1) At low stress, tertiary creep occurs by the nu- 
cleation and growth of thin fissures along grain boun- 
daries throughout the entire test section; necking 
does not appear. 

2) At intermediate stress, tertiary creep occurs 
first, without necking, but by the nucleation and 
growth of rounded fissures in a region adjacent to 
the surface of the test material; subsequently, neck- 
ing occurs and rounded fissures nucleate and grow 
along the central axis of the neck. 

3) At high stress, tertiary creep occurs by necking 
alone, without detectable fissure formation. 

4) In all cases, detectable necking was never co- 
incident with the onset of tertiary creep, the delay 
time being dependent upon the temperature and 
stress. 

5) The strength of precrept specimens was ob- 
served to decrease in accord with the observed mi- 
crostructural changes, except at high creep stress, 
where no correlation was possible. 

6) The observed nucleation and growth of fissures 
during tertiary creep can be correlated with the 
known characteristics of high-temperature grain 
boundary gliding during creep. 
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Phase Relations and Precipitation 


in Cobalt-Titanium Alloys 


A new constitutional diagram is presented for the cobalt-rich 
end of the cobalt-titanium system. The modifications result from 
the presence of a new, intermediate, fcc phase, Y, the existence 
and homogeneity limits of which were established by metallo- 
graphic and X-ray studies of alloys containing from about 3 to 30 


pet Ti. 


The precipitation of the Y phase from supersaturated solid 
solution was studied by hardness and electrical resistivity meas- 
urements, and two distinct stages in the process were observed. 


Cosatt forms the base for a number of precipita- 
tion-hardenable alloy systems which may be divided 
into two distinct categories of practical interest, 

a) those hardened by intermetallic compounds and 

b) those hardened by carbide formation. The pre- 
cipitation of intermetallic compounds from solid 
solution in cobalt-rich alloys has, however, received 


very little attention. Although the phase diagrams for 


some binary systems capable of precipitation have 
been determined,’ there is an almost complete lack 
of data on the property changes associated with the 
precipitation, and even less information on the 
kinetics of the reactions or morphology of the prod- 
ucts. More information is available on the precipita- 
tion of carbides because of the practical significance 
in superalloys. 

A survey of cobalt binary phase diagrams sug- 
gested that the cobalt-titanium alloys might provide 


interesting and useful precipitation-hardenable alloys. 


The equilibrium diagram as proposed by Wallbaum 
is shown in Fig. 1. Késter and Wagner’ have indi- 
cated that the maximum solubility of titanium in 
cobalt is about 10 pct at the eutectic temperature 
(1135°C), and this decreases to about 7.2 pct at room 
temperature. The temperature of the allotropic 
transformation in cobalt is lowered by the addition of 
titanium, about 5 pct being sufficient to retain the 
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high-temperature fcc modification to room tempera- 
ture. Wallbaum and Witte*® have indicated that the 
precipitating phase in alloys containing up to about 
29 pet Ti is Co,Ti, a hexagonal Laves phase of the 
MgNiz type. With slightly higher titanium contents, 
they also report a cubic modification of Co,Ti of the 
MgCuz-type Laves phase. Duwez and Taylor® con- 
firmed the existence of the hexagonal (MgNi,) modi- 
fication but not the cubic (MgCu,) modification of 
CozTi and suggested that existence of the cubic form 
may have resulted from impurities in Wallbaum’s 
alloys. In their work on Laves-type phases, Elliott 
and Rostoker’ reported the cubic modification of 
CozTi, but did not confirm the existence of the 
hexagonal modification. However, Dwight® in a dis- 
cussion of the work of Eliott and Rostoker again 
showed the existence of both modifications of Co,Ti, 
a result which was confirmed at that time by Elliott 
and Rostoker. 

As a result of a study on the iron-cobalt-titanium 
system, Késter and Geller® suggested the existence 
of a Co,Ti Phase isomorphous with Fe,Ti. Witte and 
Wallbaum,” however, established the fact that no 
compound, Fe,Ti, exists in the iron-titanium system, 
and in a later publication, Wallbaum’® stated that 
K6ster and Geller’s reasoning was not valid, and no 
compound, Co;Ti, exists. This conclusion was later 
acknowledged by Késter.*° 

Preliminary experiments by the present authors to 
determine the precipitation-hardening characteris- 
tics of the cobalt-rich, cobalt-titanium alloys re- 
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sulted in the observation that alloys containing as 
little as 3 pct Ti showed considerable hardening upon 
solution heat-treatment and subsequent aging at tem- 
peratures up to about 700°C. In addition, X-ray 
analysis of the precipitating phase, isolated from a 

9 pct Ti-Co alloy by electrolytic dissolution of the 
matrix, did not reveal the compound to be Co,Ti as 
expected from the phase diagram, but a previously 
unreported fcc phase with a slightly larger lattice 
parameter than the cubic modification of cobalt. 

As a result of the above observations, the present 
investigation was undertaken to clarify the phase re- 
lations in the cobalt-titanium system and determine 
the precipitation-hardening characteristics of cobalt- 
rich, cobalt-titanium alloys. 


EXPERIMENTAL PROCEDURE 


The binary cobalt-titanium alloys investigated 
ranged in titanium content from 3 to 30 pct. Most of 
the alloys containing less than 20 pct Ti were melted 
in vacuum in a basic-lined induction furnace using 
cobalt rondelles and high-purity titanium turnings. 
Deoxidation of the cobalt was accomplished with car- 
bon, the titanium being added after the deoxidation. 
The alloys were cast as 2-in. sq ingots. Alloys in 
excess of 20 pct and those containing 10 to 14 pct Ti 
were prepared from cobalt and titanium powders 
which were arc melted under an argon atmosphere 
using non-consumable electrodes. The chemical 
analysis of experimental alloys is given in Table I. 
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Table |. Chemical Composition of Experimental Cobalt-Titanium 
Alloys Composition, Pct 


Alloy Ti Cc 
1 2.90 0.007 0.045 
2 5.67 0.004 0.08 
3 8.98 0.002 0.03 
4 10.8 0.07 0.04 
5 11.4 0.08 0.03 
6 12.4 0.1 0.02 
7 13.2 0.13 <0.02 
8 14.4 0.09 <0.02 
9 14.8 0.013 0.04 

10 17.75 0.007 0.16 
11 18.1 
12 19.9 0.005 0.10 
13 21.3 - - 
14 22.5 
15 24.29 0.09 0.24 
16 29.4 


For precipitation studies, alloys of nominal 3, 6, 
and 9 pct Ti were forged to 1l-in. sq bars and sub- 
sequently rolled to 9/16-in. rounds at about 1175°C. 
Alloys containing more than 9 pct Ti presented dif- 
ficulties in hot working, and thus as-cast material 
was used for metallographic studies on the higher 
titanium materials. To prevent contamination during 
high-temperature heat-treatment, samples were 
sealed in silica capsules. Argon at 0.2 atm pressure 
was introduced prior to sealing of the capsule to 
prevent collapse at high temperature, and titanium 
sponge was placed at one end of the capsule to act as 
a getter. Further details concerning heat-treatment 
and particular experimental techniques will be given 
where pertinent. 


EXPERIMENTAL RESULTS 


The typical appearance of the precipitated phase in 
an overaged cobalt alloy containing 9 pct Ti is shown 
in Fig. 10(e). This specimen was solution-treated for 
2 hr at 1200°C and aged at 900°C for 150 hr. The 
large quantity of precipitate in the specimen made it 
seem unlikely that its composition was the CogTi in- 
dicated in previous diagrams. The precipitated phase 
was isolated by electrolytic dissolution of the speci- 
men in a 10 pct solution of hydrochloric acid, which 
yielded a fine, powdery, metallic material, consis- 
tent in size and shape with the precipitate in the 
polished section of the alloy. The X-ray powder pat- 
tern of this residue, however, was quite similar to 
that of a solution-treated solid-solution alloy, and 
only by careful measurement of the line spacings was 
a difference in the lattice parameters apparent. The 
residue was analyzed chemically and found to con- 
tain about 17 pct Ti. According to the existing equi- 
librium diagram, an alloy with 17 pct Ti should be 
two-phase, i.e., 8 cobalt solid solution and Co,Ti. 
Since CozTi gives a well-defined, distinctive X-ray 
powder pattern, its absence from the pattern of 
residue indicated the existence of an additional 
single-phase field intermediate in composition be- 
tween the cobalt-rich solid solution and the Laves- 
type compound, Co,Ti. 
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Ti) rather than Co,Ti was indicated as the precipitat- 
cau wae ing phase in a 9 pct Co-Ti alloy, it seemed necessary 
MELTING OBSERVED to confirm the existence of this phase and establish 
\400r / its composition limits. For this purpose, alloys con- 
taining from 15 to 25 pct Ti were prepared for in- 
/ vestigation. The 25 pct Ti composition is in excess 
[300 / of the stoichiometric composition of a possible com- 
pound, CosTi (21.3 pct Ti). 
—“ Although the work of Késter® indicated a maximum 
| 


solubility of approximately 10 pct Ti in cobalt at the 
eutectic temperature, an as-cast 15 pct Ti alloy 
showed no eutectic but only a highly cored solid- 
00 : 1 | solution structure, suggestive of peritectic solidifi- 
cation. The structure of this as-cast alloy is illus- 

B-Co,TH trated in Fig. 3(a). At 17.5 pct Ti, Fig. 3(0), the as- 
cast alloys showed irregular masses of a primary 
phase with a microhardness (Reichert, 17-g load) 
similar to that of the 15 pct Ti alloy, z.e., 250 to 350 
kg per sq mm, in a coarse eutectic matrix. In the 
20 pct Ti alloy, the white primary crystals had a 
microhardness of 850 to 900 kg per sq mm, Fig. 3(c). 
Subsequent X-ray diffraction studies indicated that 
H this hard primary phase was the hexagonal modifi- 
| cation of the compound, Co,Ti, while the softer pri- 
mary phase (7) in hypoeutectic alloys had a fcc 
structure. 

The three as-cast alloys were reheated to 1180°C 
for 15 min, at which temperature incipient melting 
' could be observed. The structures of these speci- 
: mens water-quenched from 1180°C are shown in 


504 35 Fig. 4. The 15 pct Ti alloy, Fig. shows a cored 
WEIGHT PERCENT TITANIU solid solution with a small amount of eutectic. At 


Fig. 2—Cobalt-titanium diagram—present investigation. 17.5 pct Ti, Fig. 4(6), small, etched islands of the 
y phase in a eutectic matrix may be seen, while at 
The revised cobalt-titanium phase diagram shown ’ 
in Fig. 2 was constructed as a of the metal- 20 pet'Ti, the Wig: Ae), shows 
lographic and X-ray diffraction studies to be pre- clear, white crystals of Co,Ti in a matrix of 
sented. The principal changes from those given by eutectic. 
Wallbaum? are: the existence of the y phase field, a 2S More extensive in the 11-9 and av pet 2) alloys 
eutectic between CosTi and the phase rather rl than in the 15 pct Ti alloy. This indicates that the 
Y 15 pct Ti composition is quite close to a solidus line. 
between Co,Ti and # solid solution, a higher eutectic Although this eutectic temperature (~ 1170°C) is 
emprreere, a Bertectic formation of y phase by somewhat higher than that reported by Wallbaum,? no 


B-Coty 


TEMPERATURE , C° 


change in eutectic composition is suggested in the 
present work. 
Since the minimum melting point of any of the al- 
METALLOGRAPHIC RESULTS loys was about 1175°C, all the alloys were sealed in 


The y Phase Region—Because the y phase (17 pct _ silica capsules and heated for about 100hr at 1150°C 


(2) 15 pet Ti (6) 17.5 pet Ti (c) 20 pet Ti 
Fig. 3—As-cast alloys, HCl-CuCl, etch. X100. Reduced approximately 27 pct for reproduction. 
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(a) 15 pet Ti - 


(c) 20 pct Ti 


Fig. 4—Cobalt-titanium alloys heated 15 min at 1180°C, water-quenched, HC1-CuCl, etch. X100. Reduced approximately 


4 pet for reproduction. 


to establish equilibrium and a base for further heat- 
treatment. 
Both the 15 and 17.5 pct Ti alloys are single phase 


after the 1150°C treatment, while the 20 pct Ti is two 


phase, Fig. 5. The etchant used for the 15 and 17.5 
pct Ti alloys defines the grain boundaries and 
twinned areas, while for the 20 pct Ti alloy, a stain 
etch was used which darkens the y phase, leaving the 
titanium-rich phase, Co,Ti, unattacked. The micro- 
hardness of this phase (850 to 900 kg per sq mm) is 
identical with that of the Co,Ti in an as-cast 20 pct 
Ti alloy. The microhardness of the matrix of this 
alloy was 250 to 350 kg per sq mm, which is similar 
to that of the 15 and 17.5 pct Ti alloys. 

When these alloys were subsequently heated for 
70 hr at 1100, 1000, or 900°C, no change was ob- 
served in the structure of the single-phase, 17.5 pct 
Ti alloy. On the other hand, the single-phase, 15 
pct Ti alloy, when aged at these temperatures, 


15 pet Ti, HCl-CuC}, etch. 


(s) 17.5 pet Ti, HC1-CuCl, etch. 


separated into two clearly defined phases; the struc- 
ture obtained at 1000°C is shown in Fig. 6(a). The 
amount of the y phase was less at 1000°C than at 
1100°C, indicating that the solubility of cobalt in the 
y phase decreases with decreasing temperature. 
The 20 pct Ti alloy, which was two phase at 1150°C, 
became single phase after holding for 70 hr at 1100, 
1000, or 900°C, indicating an increasing solubility 
of titanium in y with decreasing temperature. The 
structure of this alloy after holding at 1000°C is 
seen in Fig. 6(0). 

Extremely slow-cooling of the 15, 17.5, and 20 pct 
Ti alloys from 1000°C to room temperature pro- 
duced no further changes in the phase relationships, 
indicating that the phase boundaries are practically 
vertical below 1000°C. 

Since the composition of the y phase appeared to 
approach that of Co,Ti as a limit, an alloy of this 
composition, 21.3 pct Ti, was cast and heat-treated 


pies 


yay 


(c) 20 pet Ti, CrO,-H,SO, stain etch. 


Fig. 5—Cobalt-titanium alloys heated 100 hr at 1150°C, water-quenched, X100. 
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(6) 17.5 pet Ti 
‘ 


Fig. 6—Cobalt-titanium alloys heated 100 
hr at 1150°C and reheated 70 hr at 
1000°C, water-quenched, HC1-CuCl, etch. 


(a) 15 pet Ti, X500 


at various temperatures. In the as-cast condition, 
this alloy, in agreement with the observation of 
Wallbaum,’ is clearly two phase consisting of pri- 
mary crystals of Co,Ti in a eutectic matrix, Fig. 
7(a). Treatment of this alloy for 100 hr at 1000°C, 
however, produced the single-phase structure 
shown in Fig. 7(0). When a specimen with this 
single-phase structure was reheated to 1100°C, a 
small amount of Co,Ti precipitated and increased 
in amount as the temperature was raised to that 
of the eutectic (~ 1170°C), further indicating an 
increased solubility of titanium in y with decreasing 
temperature. 

Alloys with higher titanium contents (22 to 25 pct) 
were two phase at all temperatures. In specimens 
heated at about 1000°C and lower, the amount of 
Co,Ti present in the y matrix did not change. Above 
about 1000°C, however, the amount of Co,Ti in- 
creased markedly with increasing temperature. A 
cast alloy containing 25 pct Ti, heat-treated for 100 
hr at 1150°C and subsequently reheated at 1000°C 
for 70 hr, had the structure shown in Fig. 8. Here, 
the specimen was stain etched to darken the y phase, 


CuCl, etch, X100. 


(2) 
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Fig. 7—Cobalt-21.3 pct Ti alloy, HCl- 


(6) 20 pet Ti, X100 


somewhat more than a third of the area of the spec- 
imen consists of the latter bompound. This is in 
agreement with the position of the solubility lines of 
the two phases, y and Co,Ti, given in the equilibrium 
diagram. 

The Peritectic Region—In the as-cast condition, 
the 15 pct Ti alloy showed only a cored solid-solu- 
tion structure suggestive of peritectic solidification, 
Fig. 3(a). In order to establish more clearly the 
peritectic temperature and composition, additional 
arc-cast buttons containing 10 to 14 pct Ti in 1 pct 
increments were prepared. As in the case of the 15 
pet Ti alloy, these alloys also showed a cored solid- 
solution structure, and an absence of eutectic in the 
as-cast condition. 

The as-cast alloys were heat-treated at 1180°C for 
4 hr and water-quenched. None of the alloys showed 
any melting at 1180°C in contrast to alloys containing 
15 pct Ti or more. A specimen of the 10 pct Ti alloy 
showed a single-phase structure at 1180°C, while the 
others, after the same treatment, contained increas- 
ing amounts of y phase. 

To establish the melting (peritectic) temperature, 
specimens of the as-cast alloys were sealed in silica 


¢ 


i . 


(b) 1150°C—100 hr + 1000°C-70 hr- 
water-quenched. 
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Table Il. Results of Metallographic Examination 


Alloy Pet Ti Heat Treatment Structure 
4 10 As-cast Cored solid solution 
1200°C-2 hr Single phase (8 Co-solid solution) 
1180°C-4 hr Single phase (8 Co-solid solution) 
1100°C-50 hr* B Co-solid solution + precipitated y phase 
1000°C-50 hr* B Co-solid solution + precipitated y phase 
5,6,7,8 fi, &, As-cast Cored solid solution 
13, 14 1200°C-2 hr Cored solid solution + incipient melting 
1180°C-4 hr B Co-solid solution + y phase 
1100°C-50 hr* B Co-solid solution + y phase 
1000°C-50 hr* B Co-solid solution + y phase 
9 15 As-cast Cored solid solution (y phase) 
1180°C-15 min Cored solid solution + small amount of 
eutectic 
1150°C-100 hr y phase 
1100°C-70 hr** y phase + precipitated B Co solid solution 
1000°C-70 hr** y phase + precipitated 8 Co solid solution 
900°C-70 hr** y phase + precipitated 8 Co solid solution 
10 by pe As-cast Primary y phase + coarse eutectic 
1180°C-15 min y phase + eutectic 
1150°C-100 hr y phase 
1100°C-70 hr** y phase 
1000°C-70 hr** y phase 
900°C-70 hr** y phase 
11 18 As-cast Eutectic 
As-cast + 100 hr at y phase 
1150°C 
12 20 As-cast Primary Co,Ti + eutectic 
1180°C-15 min Primary Co,Ti + eutectic 
1150°C-100 hr y phase + Co,Ti 
1100°C-70 hr** y phase 
1000°C-70 hr** y phase 
900°C-70 hr** y phase 
13 21.3 As-cast Primary Co,Ti + eutectic 
1180°C-15 min Primary Co,Ti + eutectic 
1150°C-100 hr y phase + Co,Ti 
1100°C-70 hr** y phase + Co,Ti 
1000°C-70 hr** y phase 
900°C-70 hr** y phase 
800°C-170 hr** y phase 
14 22 As-cast Primary Co,Ti + eutectic 
1150°C-100 hr y phase + Co,Ti 
1100°C-70 hr** y phase + Co,Ti 
1000°C-70 hr** y phase + Co,Ti 
15 25 As-cast Primary Co,Ti + eutectic 


1180°C-15 min 
1150°C-100 hr 
1100°C-70 hr** 
1000°C-70 hr** 
900°C-70 hr** 


Co,Ti + eutectic 
Co,Ti + y phase 
Co,TI + y phase 
y phase + Co,Ti 
y phase + Co,Ti 


*Preceded by treatment at 1180°C for 4 hr. 
**Preceded by treatment at 1150°C for 100 hr. 


capsules and heated for 2 hr at 1200°C and water- 
quenched. No melting was observed in the 10 pct 
alloy, while incipiently melted areas were observed 


dicated by the phase diagram. 
A comparison of the structure of the 14 and 15 pct 


titanium alloys heat-treated between 1100° and 


at the higher titanium contents. This observation of 
a higher melting point for alloys with less than 14 pct 
Ti places the peritectic temperature at about 1200°C, 
as opposed to a eutectic temperature for the higher 
titanium alloys of about 1170°C. A slight increase in 
the amount of the incipiently melted areas was ob- 
served as the titanium content was increased to 13 
pct, but no difference in the amount was apparent 
between 13 and 14 pct Ti. 

Subsequent aging of this series at lower tempera- 
tures, 1100° and 1000°C, for about 50 hr resulted in 
mutual precipitation of the two phases one from the 
other in agreement with the solubility relations in- 
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1200°C, Table II, indicates a composition of some- 
what less than 14 pet Ti for the y phase of the 
peritectic temperature. 

The results of the metallographic examination of 
all the alloys in the range from 10 to 25 pct Ti are 
summarized in Table II. 


X-RAY DIFFRACTION RESULTS 


Metallographic observations were supplemented 
by X-ray diffraction analysis of selected samples. 
The purpose of the X-ray diffraction studies was 
twofold, first to establish the nature of the various 
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Fig. 8—Cobalt-25 
pet Ti alloy heated 
at 1150°C—100 hr 
+1000°C—70 hr- 
water-quenched— 
CrO3-H,SO, stain 
etch. X100. Re- 
duced approxi- 
mately 21 pct for 
reproduction. 


constituents and second, to correlate precision 
measurements of the lattice constants of the f cobalt 
solid solution and y phase at different compositions 
and with various heat-treatments so as to establish 
the slopes of the solid-solubility lines. Debye- 
Scherrer patterns were used for establishing the 
identity of the constituents, and back-reflection 
methods were employed for the parameter meas- 
urements. Unfiltered cobalt radiation was used in 
both instances. 

The results of the X-ray diffraction studies are 
given in Table III. A value for the lattice parameter 
of 8 cobalt taken from the literature” is included in 
the table for comparison purposes. 

The lattice constant of the y phase extracted from 
the 9pct Ti alloy overaged at 900°C has a value of 
3.604A (Alloy 3b, Table III). Since the titanium con- 
tent of this extracted material was about 17 pct, this 
probably represents a good value for the lattice 
parameter of the y phase saturated with cobalt at 
900°C, and this value compares quite well with the 
value of 3.609A for the single-phase y alloy con- 
taining 17.75 pct Ti (Alloy 10, Table III). With an 


increase in titanium content to 21.3 pct, which is 
slightly less than that of the titanium-saturated 
y phase, 21.7 pct Ti, the lattice parameter of y 
increases to 3.613A (Alloy 13, Table III). 

A comparison of the lattice parameters of the 
solution-treated 6 and 9 pct Ti alloys (Alloys 2 and 
3a, Table III) with those of the disproportionated 9 
and 15 pct Ti alloys (Alloys 3b and 9b, Table III) 
indicates that the solubility of titanium in cobalt at 
900° and 1000°C is about 5 and 7 pct, respectively. 
These data, in conjunction with the hardness data to 
be presented, suggest that the solid solubility of 
titanium in cobalt at temperatures below 900°C is 
appreciably less than had been previously reported. 

The as-cast 29.4 pct Ti alloy (No. 16, Table III) 
gave only the pattern for the hexagonal type, Co,Ti, 
and lattice parameters in close agreement with those 
reported previously. *~® 

Although the atomic scattering factors of cobalt 
and titanium would appear favorable for the detec- 
tion of superlattice lines, no indication of ordering 
in the y phase was observed. However, the close 
similarity in atomic arrangement between the pre- 
cipitating y phase and the parent solution in these 
alloys, as well as the almost identical lattice param- 
eter, should provide the conditions necessary for 
good coherency. 


HARDNESS CHANGES 


Samples for hardness studies were taken from the 
as-forged and rolled material. All samples were 
sealed in silica capsules as described previously, 
solution heat-treated for 2 hr at 1200°C, and water- 
quenched. Individual samples were aged in a salt 
bath for various time periods in the temperature 
range of 500° to 900°C and water-quenched from the 
aging temperature. The changes in Rockwell ‘‘A’’ 
hardness associated with aging the nominal 3, 6, and 
9 pct Ti-cobalt alloys are illustrated in Fig. 9. Each 


Table Ill. X-Ray Diffraction Results 


Alloy Pet Ti Heat-Treatment Phases Lattice Parameter, A 
BCo fec 3.554 

9a 14.8 1150°C-100 hr -W.Q. Y 3.603 

9b 14.8 1000°C-70 hr* B Co**, y 3.577, 3.604 
10 17.75 1150°C-100 hr-F.C. Y 3.609 
13 21.3 1100°C-100 hr -W.Q. + Y 3.613 

1000°C-70 hr -W.Q. 

2 5.67 1200°C-2 hr -W.Q. B Co** 3.573 

3a 8.98 1200°C-2 hr -W.Q. B Co** 3.582 

3b 8.98 1200°C-2 hr -W.Q. + B Co**, y (extracted 3.570, 3.604 

900°C-150 hr -W.Q. residue) 
16 29.4 As-cast Co,Ti (Hex. MgNi, type) a = 4,72 
c= 15.40 


*Preceded by treatment at 1150°C for 100 hr-water-quenched. 
**Solid solution of titanium in fcc cobalt. 
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Fig. 9—Change of hardness with aging time and tempera- 
ture for (a) 3 pct, (6) 6 pct, and (c) 9 pet Ti-Co alloy. 


plotted point is an average of at least five hardness 
determinations. 

At all compositions, the hardness curves are 
characterized by an initial rapid increase in hard- 
ness followed by a plateau. This is particularly 
observable at the lower aging temperatures of 500° 
and 600°C, and to some extent, at 700°C. A second 
stage of aging then occurs, and this begins sooner the 
higher the aging temperature. In the 6 and 9 pct Ti 
alloys, even after about 500 hr at 800°C, essentially 
no decrease in hardness is observed. This probably 
results from the very close crystallographic similar- 
larity between the precipitate and the matrix. 

In the 3 and 6 pct Ti alloys aged at 800°C, a rather 
sharp drop in the hardness occurs at about 0.3 and 
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0.02 hr, respectively. No explanation for this is 
available at present, but the behavior appears real 
as check specimens displayed identical results. 

In the 9 pct Ti alloy aged at 800°C, two plateaus 
are observed in the hardness curves after the origi- 
nal hardness increase. A tendency toward a second 
plateau can also be seen in the 600°C curve at about 
0.03 hr and in the 700°C curve at about 0.01 hr aging 
time, although not so well defined. 

The microstructural changes associated with the 
precipitation of the y phase are exemplified by the 
series of the 9 pct Ti alloy, Fig. 10. The only 
structural change observed after aging for 200 hr at 
600°C is the precipitation of a very fine lamellar 
structure along the grain boundary, Fig. 10(@). This 
lamellar structure, frequently referred to as dis- 
continuous precipitation, can be seen more clearly 
in the series of photomicrographs of specimens 
aged at 800°C, Figs. 10(b), 10(c), and 10(@). It does 
not appear that the lamellar structure has a signifi- 
cant effect on the hardness, contrary to the obser- 
vations in cobalt-tantalum alloys.” In Fig. 10(), a 
general precipitation within the grain is also ob- 
served, and it becomes more defined with increasing 
aging time, and after 200 hr, a crystallographic re- 
lationship between the general precipitate and the 
matrix is observed. As the aging time at 800°C is 
increased, the lamellae of the grain boundary pre- 
cipitate become very coarse, but the structure does 
not continue its growth into the matrix, as has been 
observed in other systems.” * Aging for about 150 
hr at 900°C, Fig. 10(), results in a coarse Widman- 
statten distribution of the precipitate within the 
grains, large particles at the grain boundaries, and 
a depleted zone adjacent to the boundary. No lamel- 
lar form of the precipitate is observed at this aging 
temperature, however. 


ELECTRICAL RESISTIVITY 


The changes in hardness as a result of precipita- 
tion are suggestive of at least two stages in the aging 
process. The first or rapid increase in hardness fol- 
lowed by the plateau appears to be of the type often 
referred to as cold hardening, * while the second is 
characteristic of a nucleation and growth process. 
To determine whether the observed differences in 
the shape of the hardness curves with aging time and 
temperature result from a change in the kinetics of 
precipitation, the decomposition of the 6 and 9 pct Ti 
alloys was followed by electrical resistivity meas- 
urements. Samples about 1/8 in. in diam and 3 in. 
long taken from the forged and rolled material were 
solution heat-treated in the same manner as the 
hardness samples. Aging was conducted in the tem- 
perature range of 600° to 800°C for increasing incre- 
ments of time and the resistance measured at room 
temperature (25°C) with a precision Kelvin bridge. 
The rate of change of resistivity, Ap/At, was found 
to increase initially to a maximum value and then 
decrease gradually with increasing aging time. 

The resistivity measurements were interpreted by 
assuming that a change in resistivity was propor- 
tional to a change in solute concentration of the 
supersaturated solid solution during precipitation, 
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(2) 200 hr at 600°C. 


(d) 750 hr at 800°C. 


Ap = K(AC). The degree of completion of the reac- 
tion, x, would be given by the ratio of the resistivity 
change at any time to the total resistivity change 
associated with completion of the precipitation re- 
action: 


Cy P, [1] 


where C, is the apparent concentration of solute re- 


x 


(c) 200 hr at 800°C. 


Fig. 10—Aging of solution-treated 9 pct 
Ti alloy HC1-CuCl, etch. X500 Reduced 
approximately 4 pct for reproduction. 


maining in solution at time ¢, and Cy the final value 
of C,, not necessarily identical with the equilibrium 
value. Similarly, p, is the resistivity measured after 
time ?, and p; is the final resistivity. 

Since it was found that the time for completion of 
the reaction was prohibitively long, the final resis- 
tivity, p,, was assumed to be equal to a value corre- 
sponding to the time at which the rate of resistivity 
change decreased to approximately 0.1 pct of the 
maximum rate. 


Table IV. Summary of Kinetic Data Obtained from Electrical Resistivity Measurements 


Alloy Temp., °C Time, Hr n Log 5 Time, Hr n Log 5 
5.67 pet Ti 600 < 0.035 2.7 3.6 > 0.035 0.21 0 
700 < 0.017 2.3 3.6 > 0.017 0.22 0.075 
800 < 0.01 - > 0.01 0.22 -0.5 
8.98 pet Ti 600 <0.3 1.8 0.5 > 0.3 0.24 -0.1 
700 < 0.2 0.8 0.1 >0.2 0.25 -0.2 
800 <0.1 0.5 0.2 >0.1 0.24 -0.25 
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Fig. 11—Dependence of log In 1/(1—x) vs log :—obtained 
from electrical resistivity measurements on (4) 6 and 
(5) 9 pet Ti-Co alloys aged at 600, 700, and 800°C, 


If the precipitation is controlled by a single nu- 
cleation and growth process, a plot of x against 
logarithm of aging time should result in a sigmoidal 
curve. When the data were plotted in this manner, a 
simple sigmoidal curve was not obtained. Rather, the 
data indicated the overlapping of two such curves. 

To determine the time dependence of the rejection 
of solute from solid solution, the values of ¥ ob- 
tained from Eq. [1] may be expressed by the empiri- 
cal relation: 


x = 1 [2] 


b and n being constants which are related to the 
mechanism of nucleation and growth.**™ If ap- 
plicable, a rearrangement of this equation predicts 
a linear relationship of the value of x plotted as log 
In 1/1 - x vs log?¢. Such a plot is shown in Fig. 11, 
and the values of » and log 0 obtained from the plot 
are given in Table IV. 

In the 6 pct Ti alloy aged at 600° and 700°C, there 
is a sharp change in the slope of lines at about 0.035 
and 0.017 hr, respectively. As it was possible to ob- 
tain only a few data points for the 6 pct Ti alloy at 
short aging times (less than about 0.05 hr), the de- 
rived values of 6 and n are only indicative of their 
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relative magnitude. The data for specimens aged at 
800°C also show this change in slope, but not so 
pronounced as at the lower temperature. The times 
at which these changes in slope occur, however, de- 
crease with increasing temperature as might be ex- 
pected. The displacement of the 800°C data relative 
to those obtained at 600° and 700°C probably reflects 
the proximity of the 6 pct Ti composition to the 
solubility limit at 800°C. 

The behavior observed in the 9 pct Ti alloy is 
similar to that of the 6 pct Ti alloy. Again, the data 
fall on two straight lines of different slopes, and the 
time at which the changes in slope occur decreases 
with increasing temperature. The time at which the 
change in slope occurs at a given aging temperature 
is longer for the 9 pct Ti alloy than for the 6 pct Ti 
alloy. Contrary to the above observation, it would be 
expected that this time would become less with in- 
creasing supersaturation. 

For aging times less than the break in the curves 
of Fig. 11, the value of m ranges from about 2.7 to 
2.3 and 1.8 to 0.5 with increasing temperature for 
the 6 and 9 pct Ti alloys, respectively, Table IV. 
For aging times greater than the break in the curves, 
n is fairly constant having values between about 0.21 
and 0.25 for both compositions at the temperatures 
investigated. 

The decreasing value of n for the first process 
with increasing temperature would indicate that this 
process of decomposition becomes less distinct with 
increasing temperature and tends to merge with the 
second, slower process. It is probable that at slightly 
higher aging temperatures, only the second process 
characterized by n = 0.20 to 0.25 would be observed. 
This trend is also evident from the hardness data. 

Although the values of the constant 0 are quite 
different for the 6 and 9 pct Ti alloys, there is little 
change in 6 with temperature, especially for the 
rapid process occurring at short aging time. Since 
b should be related to the activation energy of the 
process, the small temperature dependence ob- 
served may indicate a low activation for the rapid 
precipitation process. 

The results of the resistivity measurements ap- 
pear to correlate quite well with the changes in 
hardness. The times at which the break in the log 


VOLUME 215, DECEMBER 1959-1007 


Ane 
ps 
/ 
‘ 
4 
4 o/ 
& 
/ 
/ 6% Ti 
HOUR 
er 
| 


in 1/1 - x vs log ¢ curves occurs are in good agree- 
ment with the first inflection point in the hardness 
vs time curves after the original rapid hardness in- 
crease. The portion of the double log curve char- 
acterized by m = 0.21 to 0.25 appears to be associ- 
ated with the main hardening process which takes 
place more slowly. 

Wert” and Zener” have considered the modifica- 
tion of the kinetic relation, Eq. [2], which may result 
from precipitation of particles with shapes other 
than spherical. They concluded that will have 
values of 1.5, 2.0, or 2.5, for particles having the 
shapes of t spheres, rods, or plates, respectively. 
Turnbull” has pointed out that a low value of equal 
to about 0.5 could result if complete edgewise im- 
pingement of thin plates occurs during an early stage 
of precipitation. 

The large value of m measured in the first stage of 
aging suggests that the precipitate has the form of 
thin plates. The exponent m decreases at short times 
to a value of about 0.21 to 0.25. Although this value 
is lower than that suggested for early impingement of 
thin plates, it is believed to be in reasonable agree- 
ment. That the suggested impingement occurs ap- 
pears to be confirmed by observation of the electron 
micrograph of Fig. 12. Whether the precipitate 
formed during the rapid initial process, character- 
ized by the larger value of ”, has the composition 
and structure of the equilibrium y phase cannot be 
concluded from these data. 


SUMMARY AND CONC LUSIONS 


Cobalt-titanium alloys containing from 3 to 30 pct 
Ti have been investigated by metallographic, X-ray, 
hardness, and electrical resistivity measurements. 
As a result of these investigations, a modified cobalt- 
titanium equilibrium diagram has been constructed. 
The principal modifications are: 

1) The existence of a new intermediate phase, y, 
with a fcc crystal structure and ranging in compo- 
sition from about 17.0 to 21.7 pct Ti at temperatures 
below 1000°C. The lattice parameter of this phase 


varies from 3.604 to 3.613A with increasing titanium 


content. 

2) The formation of y by a peritectic reaction 
between 8 cobalt solid solution and liquid at about 
1200°C. The y phase at the peritectic temperature 
contains about 14 pct Ti. 

3) A eutectic between Co2Ti and the y phase rather 
than between CozTi and the 6 cobalt solid solution 
and a higher eutectic temperature than previously 
reported (~1170°C). 

4) Asolid solubility of less than 3 pct Ti in cobalt 
at temperatures below 700°C. 

The changes in hardness upon precipitation of the 
y phase in alloys containing 3, 6, and 9 pct Ti were 
found to be associated with an initial increase in 
hardness followed by a plateau and then a second, 
more pronounced hardness increase. This behavior 
was investigated by electrical resistivity measure- 
ments and is suggestive of two different kinetic 
processes. The first stage which takes place in very 
short time periods is characterized by a large value 
of the time exponent n, Eq. [2], suggesting that the 
precipitate has the form of very thin plates. With in- 
creasing aging time, the valué of m decreases almost 
discontinuously to about 0.21 to 0.25, suggestive of 
early impingement during the growth of the precipi- 
tate particles. 
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Sintering Investigations with Preagglomerated Burdens 


This paper deals with an experimental study in the use of a 
preagglomerated burden as a means of increasing the production 
of sinter. The effect of a wide range of sinter burden was studied, 


including concentrates produced by a flotation process. Some of 
the important characteristics of a sinter bed are discussed along 
with the strength and reducibility of the sintered product. 


In recent years the use of sinter in blast furnaces 
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has become increasingly important across the coun- 
try—largely because of the demand for more hot iron 
from existing plant capacity and the increasing 
amount of fines in the burden materials available to 
the blast-furnace operator. In many instances, un- 
fortunately, the demand for sinter has been so great 
that little time has been available to give the proper 
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Fig. 1—Photomicrograph of Humboldt Concentrate, show- 
ing ridged, flake-like structure, X500. Reduced approxi- 
mately 60 pct for reproduction, 


attention to the criteria defining a good sinter or to 
a proper investigation of the variables associated 
with a given installation with respect to sinter pro- 
duction rate and quality. 

It was decided, therefore, that an experimental 
study of one or more of the newer preagglomerating 
processes as well as the compositional variables 
which affect sinter production rate and quality be 
started at the Ford Motor Co. This study would 
utilize available raw materials and would be cor- 
related with the Dwight- Lloyd type sintering facil- 
ities available at Ford’s Rouge Plant. 

A specific problem was created by a desire to use 
a large percentage of Humboldt Concentrate, a 
specular hematite concentrate, to enrich the iron 
content of the sinter, see Fig. 1. These concentrates 
are produced by a flotation process in Michigan’s 
Upper Penninsula and analyze about 60 pct Fe on the 
dry basis. Some of the initial production problems 
in the sintering of Humboldt Concentrate have been 
reviewed by Cleveland’ and Hoffman.’ 


EXPERIMENTAL DESIGN 


The initial step in this investigation was to study 
factors that control the balling of a sinter burden, 
namely, disc angle of tilt, disc rotational velocity, 
solids feed rate, and moisture. 

Secondly, a study was undertaken in order to ob- 
tain a relationship between sintering rates in the 
batch equipment and Ford’s sinter plant. This com- 
parison was carried out on burdens pugged in the 
plant and then sintered in either the batch pot or the 
plant. It was necessary to assume a like compari- 
son would exist for preagglomerated burdens and 
that, within the limits studied, composition would 
exert a minimum influence on this comparison. 

The important point was that a comparison could be 
obtained between the performance of a given burden 
in a batch and continuous process. 

Two laboratory experiments were then designed 
to study the effects of certain constituents in pre- 
agglomerated burdens on sintering rate and sinter 
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Table |. Variables and Constants for the Factorial Experiments 


Wt Pct of Total Burden’ 


Ingredient 1st Experiment 2nd Experiment 
Carbon 3 and 4 4 
Water added to disc 2 and 3 2 and 3 
Hematite concentrates 12 and 32 19 and 24 
Return fines? 20 and 40 30 
Flue dust 5.2 5.3 
Filter cake* 3.8 2.6 and 5.3 
Mill scale 7.0 7.0 
Ore fines* Balance Balance 
Bentonite® 0 0 and 1 
Pre-mix moisture Varied, 5to7 6 


Notes: 

*Percentages used in the above data are percent of total burden, 
including return fines. 

*Return fines were all minus ¥ in. in the first experiment. In the 
second experiment they were minus 3/8 in., plus 8 mesh. 

*Filter Cake, which normally contains 25 pct moisture, was predried 
for ease of handling. Percentages given are based on the dry filter cake. 

“The minus ¥ in. direct-shipping ore was a mixture of Oliver and 
Belmont ores. 

‘The weight of minus 200 mesh Western Bentonite used was 1 pct of 
the weight of concentrate used, i.e., if the burden contained 24 pct 
concentrate, 0.24 pct bentonite was used. 


quality and also to determine the effect of adding a 
binder to replace the natural slime lost in the flota- 
tion process. A two-level factorial design experi- 
ment was chosen as it was believed that this design 
would render the desired results with predictable 
certainty. 

A disadvantage of a two-level experiment is that 
it only determines the difference in response at the 
two levels studied. A maximum, minimum, or in- 
flection point with regard to response can not be de- 
termined. To test for changes of this nature, special 
tests were run on the variables studied at levels 
other than those used in the factorial experiment. 

For a full discussion of statistical designed ex- 
periments and their evaluation, the reader is re- 
ferred to Davies® or any of the many other excel- 
lent texts on the subject. 

The variables and their levels that were studied 
in these two experiments are given in Table I, 
which also includes the levels of the constituents 
that made up the remainder of the burden. 

Previous plant experience plus a literature sur- 
vey led us to believe that the effects of carbon 
content, moisture addition,*~*concentrate level, 
and return fines level®~** were the major composi- 
tional variables in our sintering process and these 
items were studied in the first experiment. 

In the second experiment, minus 200-mesh wes- 
tern bentonite was studied as a binder in order to 
determine its effect in producing a more desirable 
pelletized product using concentrates. Similarly, 
filter cake, which exhibits collodial properties 
causing it to behave as a binder, was examined in 
detail and at levels realistic in terms of avail- 
ability and balling requirements. In addition, con- 
centrates and moisture content, were chosen for 
more extensive investigation. The levels of con- 
centrate studied were intermediate to those used 
in the first experiment and more realistic in terms 
of availability and sinter production rate. The ef- 
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Fig. 2—Experimental mixing drum and pelletizing disc. 


fect of moisture was studied with the premix mois- 
ture held constant so that the effect of both mois- 
ture addition and total moisture at two fixed levels 
could be studied. . 


EXPERIMENTAL EQUIPMENT AND PROCEDURE 


The experimental equipment consisted of a 3 cu- 
ft cement mixer for premixing the burden, a 3-ft- 
diam balling disc for preagglomerating the burden, 
and a 1 sq-ft down-draft sinter pot complete with 
accessory equipment. This equipment is shown in 
Figs. 2 and 3. 

In the conversion factor test, three samples 
were taken daily from the conveyer belt between 
the secondary pug mill and the swinging spout. Part 
of the sample was charged to the pot immediately 
with the 160° to 180°F preheat while the remainder 
of the sample was sealed and allowed to cool 24 hr 
before sintering cold. Moisture and carbon analyses 
were performed immediately prior to sintering the 
sample. The conversion factor for the day studied 
was obtained by averaging the three pot production 
rates and dividing the result into the daily plant 
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Fig. 4—Probability plot of green balls to determine aver- 
age ball size and ball size distribution. 
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Fig. 3—Igniting run in batch sinter pot. 


production rate. Separate overall conversion fac- 
tors for hot and cold burdens were obtained by 
averaging the individual conversion factors for the 
various days studied. 

For the factorial experiments, after premixing 
the burden and taking moisture samples, the burden 
was charged to the balling disc using predetermined 
disc operating characteristics. Metered moisture 
additions were made through spray nozzles and 
moisture determinations were made on the balled 
product. 

Average ball size and ball size standard devia- 
tion were determined for the balls by use of prob- 
ability graph paper. Cumulative percent material 
retained on each screen was plotted as the abscissa 
and the screen opening was plotted as the ordinate, 
where it was found that the square root of the screen 
opening yielded the best correlation. The use of 
probability paper is illustrated in Fig. 4. 

The balled burden was placed in the sinter pot and 
ignited with an air-propane burner. The pressure 
drop across the bed was then adjusted to 2.2 in Hg 
using a bleed valve and maintained at this level as 
long as possible throughout the run. Readings were 
made of air flow, pressure drop across the bed, 
and temperature and static pressure at the orifice 
plate at start-up and at 2-min intervals thereafter. 
The windbox temperature was recorded automatically. 
Sintering time was considered as the time interval 
from starting to peak temperature in the windbox. 
The operating constants for the balling and sintering 
steps are listed in Table II. 

The sinter was removed from the pot after air 
cooling and weighed. The weight of the sinter pro- 
duced was taken as the weighed product less the 


Table Il. Operating Constants for Balling and Sintering 


Constant Level Range Studied 
Disc speed 15 rpm 10-20 rpm 
Disc angle of tilt 55 deg from horizontal 40 to 65 deg 
Feed rate of solids (disc) 10 lb per min 5-20 lb per min 
Pot bed depth 15 in. 

Pot ignition time 2 min 1-2 min 
Pot Suction 30 in W. G. (2.2 in Hg) 
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return fines charged, thereby simulating a balanced 
recycling of return fines in a continuous process. 

The strength of the sinter produced was deter- 
mined using a standard ASTM Coke Tumble Test 
Drum where a representative 20-lb screened por- 
tion of the sintered product was tumbled for 200 
revolutions at 25 rpm. 

A reducibility test of the type similar to that de- 
scribed by the Bureau of Mines*’ was performed on 
representative samples from selected runs. Re- 
ducibility for any given sinter was considered to be 
an inverse function of the time necessary to reduce 
150 g of sinter to a constant weight at 1500°F using 
a hydrogen flow rate of 0.25 scfm. The criterion of 
evaluation was the time taken to remove 90 pct of 
the oxygen that could be removed under those con- 
ditions. 

Chemical analyses were made on each batch of 
raw materials used in these studies. Chemical 
analyses were also performed on the sintered 
product for metallic iron, ferrous iron, ferric iron, 
carbon, gangue, and, in several instances, MnO, 
CaO, and MgO. 


RESULTS AND DISCUSSION 


1) Disc Variables— The disc variables having the 
greatest effect on ball size, within the ranges in- 
vestigated, were disc angle of tilt and green ball 
moisture. Ball size appears to be only slightly de- 
pendent upon solids feed rate and disc rotational 
velocity. Generally speaking, ball size increases 
with decreasing disc tilt and increasing moisture. 

2) Effect of Moisture—The percent total moisture 
in the burden was found to be of major significance 
with respect to sintering rate. The effect of mois- 
ture added on the disc is of comparatively minor 
significance and appears to be most critical and ef- 
fective in obtaining good balling characteristics in 
the vicinity of the optimum total moisture. At the 
optimum total moisture stronger and more uniformly 
sized pellets are obtained around an optimum aver- 
age ball size. A 9.5 pct total moisture level was 
found to be optimum for the burdens investigated. 

3) Effect of Carbon Content— An optimum sintering 
rate was obtained at a 4 pct C level, as shown in 
Fig. 5. A 4 pct C level evidently supplies the right 
amount of heat at an optimum rate on burning con- 
sistent with the heat transfer and flame front move- 
ment through the sinter bed. 

A change in the carbon level from 3 to 4 pct had 
relatively little effect on sinter strength. However, a 
glassy sinter with low apparent porosity resulted 
with burdens containing 6 pct C. This structure is 
typical of an overburnt sinter, high in ferrous iron. 
This data substantiated the results of Myron, ef al*® 
concerning the effect of varying carbon content upon 
sinter strength. 

4) Effect of Return Fines— Thirty percent return 
fines was found to be optimum for the sinter burdens 
studied. At this level the optimum effect on sintering 
rate is obtained without an excessive recycling load 
that would tend to decrease net production rate. 

Fig. 6 is a plot of percent return fines (minus 1/2 
in.) vs sinter production rate. 
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Fig. 5—Effect of carbon content on sinter production rate. 


5) Effect of Hematite Concentrates— Adding con- 
centrates to the burden had a very significant and 
adverse effect on sintering rate. The thin, flake-like, 
ridged structure, deslimed condition, and size range 
(40 to 45 pct minus 325 mesh) of the concentrates 
make it a particularly difficult material to sinter. 

Fig. 7 demonstrates the effect on sinter production 
rate when concentrates are varied between 12 to 32 
pct of the total burden. The drop off in sintering rate 
as the concentrate level is raised was found to be 
nonlinear, with the sintering rate being the least sen- 
sitive to concentrate addition in the 12 to 22 pct range. 

6) Effect of Filter Cake—Increasing the filter cake 
content up to 10.5 pct in an otherwise constant burden 
had little effect on sintering rate, as Fig. 8 shows. 
However, when filter cake and concentrate levels 
were raised, an interaction did occur at the higher 
moisture levels to form large, weak pellets which 
are detrimental to the sintering process. 

Drying the filter cake inhibited its usefulness as a 
binder and appeared to have decreased the effective- 
ness of the bentonite. 
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. 6—Effect of return fines on sinter production rate. 
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Fig. 7—Effect of concentrates on sinter production rate. 


7) Effect of Bentonite— The addition of 1 pct minus 
200-mesh western bentonite had a large and bene- 
ficial effect on the bed permeability and, hence, sin- 
ter rate. Apparently the collodial and bining proper- 
ties of the bentonite rendered a more stable pellet 
which did not break down readily during the drying, 
induration, and fusion stages of the sintering proc- 
ess. Bentonite was most beneficial when used with 
concentrates, where any natural binding constituents 
had been removed during a flotation process. 

As will be noted in Fig. 9, bentonite had its opti- 
mum effect at the 1 pct level, with a moderate de- 
crease in sintering rate occuring on going to 2 pct 
bentonite. 

8) Effect of Pressure Drop Across the Bed, Bed 
Permeability and Air Flow Rate—Permeability, the 
property of a sinter bed that indicates the degree 
of freedom of air flow through the bed, is a most 
important property of a sinter bed. The faster the 
air can be drawn through the sinter bed, 7.e., high 
permeability, with good gas-solids contact and heat 
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Fig. 9—Effect of bentonite on sinter production rate. 
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Fig. 8—Effect of filter cake on sinter production rate. 


transfer, the faster the sintering rate. Voice, et al.’® 
have developed a formula to calculate permeability 
in a sinter bed and the resulting values are desig- 
nated British Permeability Units, or Bpu’s. 

Fig. 10 shows air flow, pressure drop across the 
bed, and bed permeability plotted as a function of 
time for a typical run. By comparing curves, it can 
be seen that the bed permeability and air flow follow 
the same pattern, except for the latter portion of the 
run. Here the bed permeability increases and thus 
permits more air to flow through the bed. However, 
the volumetric capacity of the fan was limited, re- 
sulting in a decrease in the pressure drop across the 
bed. 

Initial (green bed), trough (lowest value obtained), 
and average permeabilities, as well as the total wind 
drawn, were plotted as a function of sintering rate. 
Little correlation was found to exist between sinter- 
ing rate and initial permeability and total wind 
drawn. However, a plot of sintering rate vs trough or 
average permeability showed a marked correlation. 

Average permeability and trough permeability in- 


AIR FLOW, AP ACROSS BED, and BED PERMEABILITY 


vs 
ELAPSED TIME 
SINTER POT RUN 60 


2160 Note: (i) Time to peak temp. = 18.5 min. 

Ss (2) Stopped run = 24 min. 

a 5 

240Fr F120 
> al 
200 .,!00 AP Across Bed 
= 
160+ 3 80 
row 
& 60 
2 
ao} “ 20 Bed Permeability 


4 8 12 16 20 24 
ELAPSED TIME-MIN. 


Fig. 10—Plot showing relation of air flow rate, pressure 
drop across the bed, and bed permeability for a typical 
run, 
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dicate the same properties of a sinter bed, 7.e., its 
ability to permit air to pass through during sintering. 
The average permeability is perhaps the more ac- 
curate in determining the over-all permeability of a 
sinter bed, but, since the trough permeability would 
be a measurable property of the bed over a particu- 
lar windbox, it could be used more readily as a 
quality control feature. Fig. 11 demonstrates the 
relationship of sintering rate to trough permeability. 
It will be noted that the best correlation exists for 
the second experiment, where premix moisture 
levels were held constant and total moisture levels 
were closer together and nearer the optimum. 

9) Effect of Pellet Size upon Bed Permeability and 
Sinter Production Rate— Poor sintering rates were 
obtained when the average ball size was 3/8 in. or 
greater. However, no minimum average pellet size 
was established with respect to sintering rate. Ev- 
idence from the wide range of sinter burdens studied 
showed that an average ball size of 0.2 in. gave a 
good bed permeability and a maximum sintering rate. 
This situation usually resulted when the composi- 
tional variables in the burden were so balanced as to 
give a maximum pellet uniformity around this ball 
size. 

Pellet uniformity is an important factor in estab- 
lishing a bed of maximum permeability. The maxi- 
mum percent void space, and hence permeability, 
for any bed occurs when all pellets are perfect 
spheres of uniform size. After ignition, additional 
factors which enter into the continuation of good bed 
permeability are the rate of induration, rate of 
collapse of the green and dried pellets, degree of 
combustion, degree of partial reduction as it affects 
bed density, and the amount of flooding that occurs 
above the grate bars. 

The smaller ball sizes give maximum gas-solids 
contact and, hence, efficient air utilization. However, 
the resulting restricted air flow, because of exces- 
sive friction losses, gives a low bed permeability and 
sintering rate. The larger ball sizes give a high bed 
permeability, but less efficient air utilization. 

The carbon and air are not in intimate contact in 
larger balls, and the solid-solid reactions thus take 
on a more important role in ball sizes over 0.2 in. 
The larger pellets have a tendency to become hot, 
with solid-solid reactions initiated, before appreci- 
able air has permeated the pellet. This tendency for 
oxygen diffusion to lag heat transfer thus becomes of 
considerable importance in determining sintering 
rate in larger pellets. In a single pellet the conduc- 
tive heat transfer initiates the chemical reactions. 
Convective heat transfer becomes the controlling 
mechanism as the flame-front progresses, and the 
bed permeability increases. In a bed of large pellets 
a high permeability may be attained, but the rates of 
oxygen diffusion and overall heat transfer are so 
low that low air utilization, and hence, a low sinter- 
ing rate, is obtained. 

At an optimum pellet size, these two extremes are 
balanced and the fastest possible sintering rate will 
result; providing, of course, that the pellets are suf- 
ficiently strong to resist excessive degradation dur- 
ing sintering. 

10) Conversion Factor Experiment— Eleven tests 
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Fig. 11—Plot showing relationship of trough premeability 
and sinter production rate. Two points of first experiment 
apparently off scale to right are result of wide moisture 
and compositional limits used in this experiment, 


were made on cold burdens from the plant and a con- 
version factor of 1.7 was obtained (1.7 X batch pot 
rate = plant production rate, ton per sq ft-day). In 
five tests on hot burdens from the plant, a conver- 
sion factor of 1.1 was obtained. 

The conversion factor for the cold burdens may be 
applied, with caution, to the pelletized experimental 
burdens, in order to predict the sinter production 
rate in the plant. A comparison of the hot and cold 
conversion factors indicates what portion of the cold- 
burden conversion factor could be directly attributed 
to the 160° to 180°F preheating in the plant. The re- 
mainder of the difference is probably attributable to 
wall effects in the pot. 

Using the conversion factor of 1.7 and the best 
sinter production rate obtained in the pot using a 
preagglomerated burden, 4.1 tons per sq ft-day, 

7 tons per sq. ft-day is obtained as a production 

rate to be expected using this burden in the sinter 
plant. It is obvious, of course, that this high produc- 
tion rate could be achieved only if the sinter plant 
operators have access to fully adequate instrumenta- 
tion and exercise complete control over the preag- 
glomeration and sintering operations. 

11) Chemical Analysis and Reducibility of Sinter— 
Chemical analyses were performed on the sinters 
produced in this investigation and the range of con- 
stituents is given in Table III. 

The wide variation in chemical analyses for these 


Table Ili 
Range, Pct Remarks 
Pct Fe,0, 0-48.3 
Pct Fe,O, 38.4-84.6 —Calculated Stoichiome- 
trically 

Pct FeO present 0-20 —Only 8 out of 47 sinters 
as Wiistite and other contained any exces- 
complexes sive ferrous iron 
Percent Gangue 8.6-16.4 
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sinters was due to the wide variation of composition 
studied, especially with respect to the range of car- 
bon contents and variety and levels of the iron bear- 
ing constituents. This wide variation in chemical 
analyses of the sinter resulted in a wide variation 
in reducibility. 

A general summation of sinter reducibility by 
most investigators is that the greater the prosity and 
oxidation of the sinter, the more reducible itis. A 
typical sinter high in Fe,0, was reduced in 44 min 
while a sinter with a high ferrous iron content took 
58 min. Generally, as the ferrous iron in the sinter 
rose, the time for reduction became greater. 

On occasion, it was found that sinters close in fer- 
rous iron content, but different in physical structure, 
had widely different reducibility times. It was thus 
concluded that physical factors, as well as the 
variety and degree of complex iron-silicon-calcium 
oxide compounds formed, will affect sinter reducibil- 


ity. 


CONC LUSIONS 


1) In a preagglomerated sinter burden, the total 
moisture is of major significance in controlling 
sintering rate. For the burdens considered in this 
investigation, a total moisture of 9.5 pct was found 
to be optimum. 

2) Sinter strength is a direct function of the carbon 
content in the original burden. Optimum sinter pro- 
duction rates resulted when the burden contained 4 
pct total carbon. Carbon contents higher than these 
yielded ‘‘overburnt’’ sinter that had very poor re- 
ducibility. 

3) Sinter production rate is an inverse function of 
percent concentrates in the burden. However, con- 
centrate levels as high as 22 pct of the total burden 
could be used with a minimum loss in sinter produc- 
tion rate. 

4) Minus 200-mesh western bentonite added to the 
sinter burden is of major significance in increasing 
sinter production rate. One percent bentonite was 
optimum for the burdens investigated. 

5) A major factor in operational control during 
sintering is to obtain a ‘‘trough permeability’’ with 
as high a value as possible, and as soon as possible 
after sintering is initiated. 

6) A pellet size that was almost ideally uniform 
and of 0.2 in. average diameter gave the highest pro- 


duction rates. 
7) A proposed mechanism active in the control of 


sintering rate is the rate with which oxygen diffusion 
lags heat transfer. This mechanism appears to be- 
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come more controlling as pellet size increases. 

8) The Ford sinter plant produces sinter at a rate 
1.7 times greater than the experimental batch sinter 
pot, when operating on identical sinter burdens. 

9) Reducibility tests on sinter generally showed a 
direct relationship to ferrous iron content, but cer- 
tain physical and chemical sinter characteristics 
may occasionally be of greater significance than 
ferrous iron content in determining sinter reducibil- 
ity. 
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Boundary Migration of High-Purity Lead 


During Creep and Grain Growth 


Mean boundary migration depended linearly upon creep ex- 
tension under various conditions. Prolonged annealing or air- 
casting increased the proportion of immobile boundaries at a 
given stage of tests. Grain growth during annealing followed a 
power law. The linking of migration and sliding in creep and 
models for migration are examined; activation energies are 


calculated from these models. Segregation of oxygen to bound- 


aries appears to be a controlling factor. 


Tue idea that boundary migration and boundary 
sliding during creep are linked has often been sug- 
gested,’~° especially when evidence has been ob- 
tained for an alternation between the two processes. 
In simple bicrystals sliding can occur without any 
migration® but in more complex bicrystals’ it is ob- 
served. McLean® and Couling and Roberts® made 
measurements of both sliding and migration; 
McLean concluded that there was no linking of the 
two processes whereas Couling and Roberts sup- 
ported the idea. McLean® also developed a model 
for migration during creep and annealing. 

The present work was initiated as part of a study 
of the recrystallization of lead during creep® but 
has been extended to examine some aspects of the 
mechanism of migration. 


MATERIALS AND METHODS 
Specially refined high-purity lead* was used; the 


*The material and analysis kindly supplied by Broken Hill Asso- 
ciated Smelters Ltd. 
total of impurities, excluding oxygen, was 0.0008 
wt pct. Oxygen was removed as far as possible by 
melting in vacuo, treating at 550° to 600°C with 
hydrogen and then casting at 450°C under a vacuum 
of 10°* mm Hg; the oxygen was then believed to be 
0.00005 wt pct.° Specimens were made from ex- 
truded strip and then annealed at the required tem- 
perature in an air oven, controlled to 11°C. They 
were then polished in a mixture of acetic acid and 
hydrogen peroxide. 

At this stage some specimens were etched to give 
grain contrast and their grain sizes determined by 
the intercept method. 

Migration of boundaries during creep was meas- 
ured on the surface of polished (not etched) speci- 
mens, directly loaded at room temperature (22°C) 
or 50°C (+2°C) to initial stresses of 300 to 700 lb 
per sq in. Twenty six vacuum-cast hydrogen- 
reduced specimens were used and, in addition, two 
specimens were from material air cast after hy- 
drogen reduction (‘‘partial’’ air cast) and two from 
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air-cast material not treated with hydrogen (‘‘full’’ 
air cast). Duplicates were made in the majority 
of tests. 

At intervals through the creep tests, specimens 
were unloaded and the migration measured, normal 
to the direction of migration at the point of meas- 
urement, for each boundary along standard trav- 
erses. Usually between 110 to 180 boundaries were 
measured at each of some twelve stages of the tests. 
Migration was measured on the projected image 
(X100) using prism illumination. Fig. 1 illustrates 
the method of measurement and shows the kind of 
variation of migration found from boundary to 
boundary and along particular boundaries. Fig. 2 
gives an example of more extensive migration. The 
mean value of distance migrated was generally re- 
producible to +10 pct but occasional points gave a 
scatter of +20 pct. 

The correction applied by McLean* to allow for 
the contribution sliding makes to the apparent dis- 
tance of migration could not be used, for the sliding 
at most boundaries was too small to measure with 
the equipment available. There were two reasons 
for supposing the correction unnecessary in the 
present work; 


purity lead; the arrows indicate how measurements of 
migration were made along a standard line of traverse. 
400 lb per sq in. X150. Reduced approximately 12 pct for 
reproduction. 
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Fig. 2—Example of extensive migration of boundary during 
creep of high-purity lead; oblique illumination. 400 lb per 
sq in. X150. Reduced approximately 12 pct for reproduc- 
tion. 


i) The distance of sliding was measured for some 
of the largest steps, using multiple-beam interfer- 
ometry; it was less than 3 pct of the distance of 
migration and any correction therefore well below 
3 pet. 

ii) There was evidence (see RESULTS, section a) 
that boundaries tended, on loading, to move to posi- 
tions nearly normal to the surface, so that the pro- 
jection of the distance slid was very small. 


RESULTS 


a) Migration of Boundaries during Creep—All the 
experiments were limited to observations during 


MEAN MIGRATION (fix 10cm.) 


re) 2 
EXTENSION ‘/, 


Fig. 4—Relation of mean boundary migration to creep ex- 
tension for specimens of high-purity lead at various 
stresses and annealed for various durations at 100°C. 
Experimental points shown for only one line. A, B, and C; 
specimens annealed 1/2, 1, and 90 hr at 100°C, respec- 
tively, 400 lb per sq in. D and E, specimens annealed 2 hr 
at 100°C, 300 and 700 lb per sq in., respectively. 
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Fig. 3—Comparison of creep curve and curve of mean 


boundary migration against time for high-purity lead; 400 . 


lb per sq in. 


the first 3 to 4 pct extension, for recrystallization 
then occurred. As with aluminum® the mean dis- 
tance of migration, m, when plotted against time 
gave a curve similar to the corresponding creep 
curve (see Fig. 3). 

Migration on Loading—There was some migration 
immediately on loading, but the value of m at this 
stage did not appear to be related to such factors as 
the initial creep extension or the stress. It is pos- 
sible that this initial migration can be attributed to 
the movement of boundaries to meet the surface as 
near to normal as possible, after the stable posi- 
tions acquired during annealing had been removed 
by polishing. It was found that a specimen polished 
after annealing, then loaded for creep and immedi- 
ately unloaded had a similar distribution of angles 
of boundaries to the surface as an annealed speci- 
men; 60 pct of boundaries made an angle of 80 to 
90 deg with the surface and the angle was greater 
than 50 deg for all boundaries. It is possible that 
either the polishing or etching of the creep speci- 
mens caused the observed boundary distribution; 
difficulties of preparation without local working or 
annealing prevented this being checked by examina- 
tion of a true ‘‘as-cut’’ surface, where the boundary 
distribution would be expected to be normal. 
Farmer” has observed migration which he attrib- 
uted to the same cause, so it is reasonable to sup- 
pose that this accounts for the initial, roughly con- 
stant, amounts of migration observed with lead. 

Relation of Mean Migration to Extension—As 
would be expected from Fig. 3, mean migration 
plotted against total extension, E, always resulted 
in a straight line which passed close to the origin, 
Fig. 4. The lines A to C in Fig. 4 relate to three 
specimens of a batch annealed for various durations 
at 100°C. The slope of the lines was found to de- 
crease with increased duration of anneal until 6 to 
10 hr, when it remained constant. This effect of 
duration of annealing appears to be related to the 
recrystallization during creep which occurs and 
this aspect has been reported and discussed else- 
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Fig. 5—Percentage of immobile boundaries at various 
times during creep at 400 lb per sq in. Experimental 
points shown for only one curve. Curves A, B, and F; 
specimens annealed 1/2, 1, and 17 hr at 100°C, respec- 
tively. 


where.°® With air-cast specimens the slope was 
similar to that for the longer durations of annealing 
of hydrogen-treated specimens; annealing at 100°C 
had no effect on the slope for air-cast specimens. 

Immobile Boundaries—The main difference in the 
migration of boundaries of specimens annealed for 
different periods at 100°C was that longer annealing 
increased the proportion of immobile boundaries at 
a given extension or time. There was no obvious 
difference in the frequency distribution of the mobile 
boundaries; in particular, duration of anneal did not 
appear to affect the number and mobility of the 
boundaries migrating the greatest distances. The 
effect of annealing was noted in plots of percentage 
of immobile boundaries against creep extension, but 
was more clearly shown in plots against time, as in 
Fig. 5. 

It was observed that boundaries which did not 
migrate showed no steps due to sliding, but that on 
migration each new boundary trace was associated 
with a step. Boundaries migrated both towards and 
away from their apparent centers of curvature or 
even when they were macroscopically straight. Re- 
crystallization appeared to begin soon after the 
proportion of immobile boundaries had dropped to 
below 2 to 3 pct; probably, that is, when all bound- 
aries had become mobile. 


Effect of Stress—Specimens stressed at 300 to 
700 lb per sq in. initially, showed a similar linear 
relation of m to E; the slope decreased with in- 
creased stress—see lines D, B, and E in Fig. 4 
which relate to specimens at 300, 400, and 700 lb 
per sq in., respectively. 

Effect of Temperature—Similar results were ob- 
tained at 50°C, but the scatter of points was greater 
because of the cycles of heating and cooling when 
specimens were unloaded and removed from the 
furnace. The relation of m to E was similar to line 
D in Fig. 4. 
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Table |. Activation Energies for Processes in Lead 


Activation 
Energy Kcal 
Phenomenon per Mole Notes 
Body self-diffusion Q, 28 Best value from literature’? 
25.7 Air-cast? Unaffected by 
additional impurities’® 
Boundary self- 13.0 0.46 x Q;° 
diffusion Qp 


15.7 Calculated from Q;, results" 
19.8 0.7 x 


Boundary migration 6.7 Zone-refined Pb.** 
(Grain growth) ra Direct plot Ln rate vs 1/7, 
(common grain size) 
present results. 
11.5- 14.5 See Table IIb present results 
20.0- 25.0 See Table IIb present results 
Boundary migration 
(during creep) 24.5 Direct plot, Ln rate vs 1/T, 


present results. 


Creep 19.0 99.997 and 99.9998 pct Pb’? 


22.5 Present results 99.9992 pct 
Pb (@—o correlation)" 


23.0 99.92 pet Pb’? 

24.8 Single crystals; “high-purity””* 
26.0 Polycrystals; “high-purity”” 
26.4 99.99 pct Pb** 


26.5 Present results, 99.9992 pct 
Pb, (Z —o correlation)"? 


Rates of Migration—A plot of minimum creep 
rate against the analogous minimum rate of migra- 
tion gave points scattered about a line of unit slope, 
although from Fig. 4 and reasons which will emerge 
in the DISCUSSION an assumption of a linear rela- 
tion between the two is not tenable. Typical rates 
of migration for various conditions of specimens 
and tests are given in Table [la. 

Activation Energy for Migration during Creep— 
The results for the tests at 50°C showed reasonable 
reproducibility for the rates of migration and can 
be used to obtain a tentative activation energy for 
migration of 24,500 cal per mol; it is estimated that 
this value could be as low as 20,000 or as high as 
27,500, taking account of the scatter in values for 
rates of migration. This activation energy is com- 
pared with those for other processes for lead in 
Table I. 

More extensive measurements of migration dur- 
ing creep at other temperatures would be desirable, 
but these would be difficult to make. Recovery and 
recrystallization occur readily at higher tempera- 
tures and below 20°C the temperatures are difficult 
to maintain for months, condensation occurs and 
tarnishes the specimens and it is difficult to make 
the measurements without causing recovery. 

b) Migration of Boundaries during Annealing— 
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Table II. Rates of Grain Boundary Migration and Activation Energies 


(a) During Creep 
Specimen and Anneal Stress Lb per Minimum Creep Rate Rate of Migration 
(Tests at 22°C) Sq In. 10~ Day 10~*° Cm per Sec 
H) 2 hr, 100°C 700 720 625 
H) 2 hr, 100°C 600 240 149 
H) 2hr, 100°C 500 38 19 
H) 2hr, 100°C 400 a3 3.5 
H) 2 hr, 100°C 300 1.4 2.3 
H) % hr, 100°C 400 13 12.5 
H) 1hr, 100°C 400 7 9 
H) 4hr, 100°C 400 5 5.1 
H) 17 hr, 100°C 400 6 6.9 
H) 90 hr, 100°C 400 5 5.6 
A) Partial. 1 hr, 100°C 400 3 2:3 
A)—Full. 3 days, 120°C 400 3.9 a7 
“H) 2hr, 100°C (Test at 50°C) 400 200 130 
H = Hydrogen treated and vacuum cast. 
A = Air cast. 
(b) During Grain Growth 
Activation Energy for Migration, 
Kcal per Mole 
Grain Size Rate of Migration 
Temp. °C Duration Hr 107? Cm 10~*° Cm per Sec By Eqs. [4] and [11] By Eqs. [5] and [16] 
a 100 %-16 (2.67) 4,600 13 23 
b 100 % 2.38 10,500 12.5 22.5 
c 100 16 3.33 450 14.5 25 
d 47 1-7 (2.30) 2,200 11.5 20.5 
e 47 1 2.00 6,100 11.0 20. 
f 47 7 2.47 1,100 12.0 21 
g* 100 %-16 (1.95) 1,400 14.0 24.5 


*“Partial” air-cast. 


The rate of migration was deduced from measure- 
ments of the mean grain diameter of specimens an- 
nealed in groups for various periods at 47° and 
100°C. Some typical results are shown in Fig. 6 
in which grain diameter is plotted against duration 
of anneal on a double-logarithmic scale. Grain 
growth followed a power law, the index for both 
hydrogen-reduced and air-cast lead being about 0.1; 
the theoretical value of the index is usually taken as 
0.5. Bolling and Winegard” have found a value of 
0.4 for zone-refined lead annealed at higher tem- 
peratures; both purity and elevated temperature 
are likely to favor a tendency towards the theoret- 
ical value. 

Rates of Migration during Annealing—These were 


calculated from the results in Fig. 6 by two methods. 


A mean rate of migration was found by taking the 
extreme results and assuming a constant rate 
throughout annealing. Instantaneous rates at the 
commencement and end of annealing were also cal- 


culated. Some typical values are shown in Table Ib. 


It will be seen that there is about two orders differ- 
ence between extreme values for a given annealing 
experiment. 

Comparison with Table Ila shows that the rates of 
migration during annealing and creep form a con- 
tinuous series, in contrast to the large difference 
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found by McLean for aluminum;® in both aluminum 
and lead the rates under stress are the smaller. 


DISCUSSION 


a) The Linking of Migration and Sliding during 
Creep—Mc Lean® rejected this concept for three 
main reasons. The most important of these was 
the apparent difference in activation energies 
(9,800 cal per mole) which he deduced from his 
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Fig. 6—Dependence of grain size on duration of anneal, 
high-purity lead. (Log-log scale). A—vacuum-cast after 
hydrogen reduction. Annealed 100°C. O—vacuum-cast 
after hydrogen reduction. Annealed 47°C. O—air-cast after 
hydrogen reduction. Annealed 100°C. 
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results. This value is reduced if the correction 

for sliding is not applied to the migration meas- 
urements; in view of what has been said in the 
section MATERIALS AND METHODS it would ap- 
pear to be inapplicable in McLean’s experiments. 
The difference in activation energies is also re- 
duced because the results contain a contribution 
from changed stress. The value may also be modi- 
fied by the slopes assigned to the curves in McLean’s 
Figs. 4 and 8 where the experimental errors in both 
parameters are quite large and thus preclude the 
use of a fitting by least squares; (+20 pct for m *® 
and +10 pct for v, the mean sliding).* Thus it must 
be concluded that it has not been shown that the 
activation energies for migration and sliding in 
creep differ significantly. 

The second reason is that one batch of aluminum 
gave a linear dependence of m upon v, but the others 
a nonlinear dependence. The experimental errors 
and comparatively small number of readings make 
it difficult to be sure such a difference is real. This 
is illustrated by the fact that a straight line is shown 
in both McLean’s Figs. 4 and 5 for one batch of alu- 
minum at 300°C, although the point on the extreme 
right is plotted erroneously so that its values for v 
differ by 30 pct. 

The third reason was based on the suggestion*’ 
that grain-boundary migration during annealing, and 
therefore probably during creep, was controlled by 
boundary self-diffusion; body self-diffusion is gen- 
erally thought to control creep.’” McLean developed 
an expression for the rate of migration during an- 
nealing (see Eq. [4]) from an earlier expression, ** 
and assumed the activation energy to be that for 
boundary self-diffusion. He set this as 0.46 times 
the activation energy for body self-diffusion, * and 


*Other workers have used factors 0.6 or 0.7.'” '* 


thus calculated rates of migration to compare with 
those reported in the literature. Five of the ten re- 
sults were within an order of magnitude of the ob- 
served ones, three of these being for aluminum of 
99.96 to 99.99 pct purity. The model did not, there- 
fore, appear to account for differences in behavior 
of the batches used in McLean’s work, as they com- 
prised much smaller changes in purity. The agree- 
ment, although promising, depends particularly on 
the uncertain conversion of activation energies for 
body to boundary self-diffusion and also on the 
method of assessing ‘‘observed’’ rates of migra- 
tion; as shown in Table IIb this can readily give 
differences of an order of magnitude. 

It must be concluded that McLean’s arguments do 
not constitute a clear case for rejecting the hypoth- 
esis that migration and sliding are linked, particu- 
larly as others, e.g., Couling and Roberts’ have 
concluded in favor of a link. On the other hand, it 
must be admitted, Couling and Roberts’ evidence is 
circumstantial. It also follows that McLean’s 
model, based on self-diffusion at the boundary may 
not be completely satisfactory. The following sec- 
tions attempt a reexamination of this problem. 

b) Present Results—General Comments—The 
main results of the present work are summarized 
below. During creep: 
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i) m (mean boundary migration) is linearly re- 
lated to E (creep extension)—a relation reminiscent 
of the dependence of sliding on extension.*® 

ii) The slope of this line is progressively reduced 
by increased duration of annealing in air, but after 
6 to 10 hr at 100°C it ceases to change. 

iii) The slope for air-cast specimens is about 
that for the longer durations of annealing, even when 
the exposure to air during casting is very short 
after hydrogen reduction. Annealing at 100°C does 
not affect the migration of air-cast specimens. 

iv) With vacuum-cast specimens, longer periods 
of annealing in air at 100°C increase the proportion 
of immobile boundaries at a given stage of the tests. 
Boundaries begin to migrate one by one until all 
have moved and then recrystallization during creep 
occurs. 

v) Absence of migration is associated with ab- 
sence of sliding. 

vi) Migration is both towards and away from 
centers of curvature of boundaries. 

vii) Factors, such as stress or temperature, 
which increase the rate of creep increase the rate 
of migration, although the amount of migration for 
a given extension is less at high stresses (i.e., the 
slope of the m/E line is reduced). 

viii) The tentative activation energy for migra- 
tion is similar to that for creep and body self- 
diffusion. (see Table I). During annealing: 

ix) With the particular conditions used, rates of 
migration are greater than during creep, but vary 
with grain size. Grain size depends on duration of 
anneal through a power law whose exponent is much 
lower than the theoretical one. The exponent is not 
affected by air casting although the grain size for a 
given annealing treatment is reduced. 


Of the above points those concerning the effect of 
duration of anneal and air casting appear to be par- 
ticularly interesting. The ‘‘anchoring’’ of bound- 
aries (point iv) might have resulted from the tend- 
ency for boundaries to move to positions of low 
energy during annealing,” although equilibrium ap- 
pears to have been reached in a comparatively short 
time. Such boundaries are more readily crossed by 
slip and might be expected to experience less pres- 
sure or tension from dislocations held at them”~* 
and thus not migrate. Such boundaries might also 
slide less readily™ and thus give agreement with 
point v. It is also possible that annealing changes 
the dislocation network” but this does not imme- 
diately account for the equivalence of annealing to 
air-casting (points ii and iii). 

The facts seem best explained by supposing that 
the controlling mechanism involves oxygen atoms 
segregated to the grain boundaries. Oxygen re- 
maining after hydrogen treatment may be pro- 
gressively segregated during annealing; calcula- 
tions in the next sections show this to be reasonable. 
Alternatively during annealing oxygen might be ad- 
sorbed preferentially along grain boundaries. In 
either case a critical concentration must be postu- 
lated to account for the effects noted in points ii 
to iv. 

In the next sections these ideas will be elaborated 
with the treatment of boundary migration due to 
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Licke and Detert”’ as a basis for calculations; these 
will be compared with the alternative approach pro- 
posed by McLean.® 

c) Model for Boundary Migration—During Creep— 
From point vi above it is concluded that energy 
within the grains provides the driving force;* this 

*Table IIb shows that stress markedly affects the rate of migration, 
so boundary tension alone would not suffice. Use of Eq. [5](developed 


later) suggests that boundary tension might possible assist internal 
energy significantly only at the lowest creep stresses. 


could be either the tension, 7, of dislocations end- 
ing on the boundaries” or the pressure, P, of dis- 
locations held at boundaries.” If the difference in 
the number of dislocations per sq cm at the bound- 
ary of typical grains I and J is A, 


P=TaA [1] 
From Like and Detert, Eq. [9], 
T = AGb? [2] 


where G is the shear modulus and b) the Burgers 
vector. In transferring one atom from grain I to J 
the work done is 


W = AGD® [3] 


McLean’s expression for the rate of migration 
can now be used to estimate A for a typical rate of 
migration, v. He set 


y= exp [4] 


Here v = 3.5 x cm per sec (from Table Ila). 
v = the frequency of atomic vibration, 
= sec™’. 
b = 3.5 cm. 
From Eq. [3], AF =AGb°. 
G = 0.56 x10!! dyne per sq cm. T = 295°K. 
k = 1.4 x10-* erg per deg. 
Q = 24,500 cal per mole (from Table I) 
R = 2 cal per deg mole. 
Hence A = 10” dislocations per sq cm. 


This is too large, as lead has been found to recrys- 
tallize at room temperature when the dislocation 
density rises to 10°.” The value of A can be re- 
duced to ~ 10° if the value of Q is assumed, follow- 
ing McLean, to be about half that for body self- 
diffusion, but this procedure appears to depart too 
much from the experimental value. 

The alternative suggestion is to allow for the drag 
of impurity atoms, in this case oxygen, and use the 
expression derived by Lticke and Detert: 


Do) _ (Qa + V) 
(RT. 4V2C) kT [5] 


The symbols have the meanings above, with the ad- 
ditions: 

a is the lattice constant = 4.94 x 107° cm. 

Do is the diffusion constant for oxygen in lead; its 
value is not known, but it probably lies between 1 
and 107? sq cm per sec; the Dushman- Langmuir 
equation gives a value of 107’, which we will use. 

C is the concentration of the impurity, oxygen. It 
has been estimated from thermodynamic data as 
~ 107° for the present material hydrogen reduced 


1020-VOLUME 215, DECEMBER 1959 


and vacuum cast,(6 x 107° for “‘partial’’ air cast).° 
Q, is the activation energy for diffusion of oxy- 
gen in lead. 
V is the energy gained by moving an oxygen atom 
from the grain interior to the boundary. We set 


Qi+V)_ 

RT 
Eq. [5] with appropriate values as in Eq. [4] yields 
A=5x 10°. 


If Dy is taken as 1, this value becomes 5 x 10°, 
or if Q is reduced to 20,000 retaining D, = 107’, 
then A = 3x 10°. Thus the effect of allowing for 
the impurity is to reduce the dislocation differ- 
ence which provides the driving force for migra- 
tion to less than ~ 10° dislocations per sq cm. If 
the annealed metal contains 10° and the cold- 
worked 10” dislocations per sq cm, this is a 
plausible difference to arise during creep. 

Relation of m to E—By making rate of migra- 
tion proportional to A the dislocation difference 
between grains as in Eqs. [4] and [5], it follows 
that m is proportional to E, as observed, Fig.4. 
v= Gm aA or maA [6] 
Most slip dislocations will reach the boundaries 
during creep, as lead does not polygonize and there 
are few impurities to form internal barriers. Thus 


Aa | Esi Es; | [7] 


E,; and E,; being the extensions due to slip in ad- 
jacent grains J andJ. McLean has shown that 


E = Egb + Es [3] 


where Egb is the extension due to boundary sliding 
and E that due to slip. He also found E varied 
linearly with E,,, so Eq. [8] becomes 


EaE, [9] 


If the amounts of slip in all grains are distributed 
normally, 


E,a |E,; -—E,;| | [10] 
and combining Eq. [6] to [10] 
maE, as observed. 


During Annealing—Here the two theories can be 
used to obtain activation energies assuming the 
driving force for migration to be grain-boundary 
tension, and allowing for the reduction in grain- 
boundary free energy caused by impurity segrega- 
tion. 

For Eq. [4] the appropriate value of AF is (see 
Appendix) 


[11] 


where A is the grain-boundary free energy, and R, 
is the mean radius of grains. 

With values of A and V calculated in the Appen- 
dix a) and b), Eq. [4] now yields the activation en- 
ergies shown in the next to last column of Table Ib. 
These are about half the activation energy for body 
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AF = 


oO 


i- 


self-diffusion, in agreement with McLean’s identi- 
fication. 

* On the other hand, if Eq. [5] is modified similarly, 
instead of a driving force of dislocation tension AGb? 
we use grain-boundary tension 2(b7\ — V)/b?R, from 
Eq. [15] of the Appendix. The values for activation 
energy given in the last column of Table IIb were 
obtained from Eq. [5] in this way and in this case 
they are similar to the activation energies for body 
self-diffusion and migration during creep. 

Yet another activation energy can be obtained 
from the results at 47° and 100°C by calculating 
the instantaneous rate of migration for the same 
grain size at each temperature and plotting the 
logarithm of these rates against the reciprocal of 
temperature. This yields a value of 7,500 cal per 
mole (for a grain size of 0.25 mm) which is similar 
to the one obtained by Bolling and Winegard” for 
zone-refined lead. Bolling and Winegard” suggested 
that such a low value for the activation energy could 
be taken as evidence against either body or boundary 
self-diffusion being involved in grain boundary mi- 
gration. 

Critical Concentration of Oxygen—The critical 
concentration of oxygen, C*, above which no addi- 
tional restraint is imposed on migrating boundaries 
is given by Lticke and Detert as 


Aa? G(2r)° V 

C* = [Aa®* G(2r)"] e 

(4V2V) 

With A = 10° and V = 1.13 x 107** we obtain 
C*=6x 1077. 


i.e., a critical concentration about equal to the es- 
timated concentration of oxygen in the hydrogen- 
treated lead. The effects of annealing this material 
might therefore be expected to be as observed, 
either because of the oxygen already present being 
segregated fully to boundaries after 6 to 10 hr an- 
nealing or because of contamination during this 
period. The effect of a small addition of oxygen 

by air casting hydrogen-treated material would also 
raise segregation to the critical level and fully air 
casting would not therefore have any additional ef- 
fect (unless discrete oxide particles were important). 


[12] 


GENERAL CONCLUSIONS 


The linear dependence of mean migration upon 
creep extension implies a close link between the 
processes leading to migration and to extension. 
Since there is a similar dependence of sliding upon 
creep extension in other metals, it appears that 
migration and sliding may be linked directly or, 
at one remove, each linked similarly to the general 
creep mechanism. These links follow from the 
idea of migration being caused by the dislocation 
tensions or pressures, especially if sliding is 
caused by prior movements of these dislocations, 
as seems probable.’*”»*® Migration could then 
occur when sliding ceases, but all the migration 
(or even most of it) might not be necessary to pro- 
mote sufficient recovery for renewed sliding. 

The ideas of Liicke and Detert concerning the role 
of impurity atoms segregated to the grain bound- 
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aries provide the basis for an understanding of the 
effect of annealing and air casting on the rates and 
manner of migration during creep. Modification of 
their formulae gives a plausible dislocation density 
for the driving force for migration and a critical 
concentration of oxygen which agrees with the ex- 
perimental results. Again, for the grain-growth 
experiments, their concepts can be used to give 
activation energies which are similar to that found 
for migration during creep. Migration during both 
creep and grain growth can thus be treated on the 
basis of the same model, allowing for the difference 
in source of driving force. 
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APPENDIX 


a) Calculation of V—The misfit 7 for oxygen in 
lead is taken as” 
n= [13] 
where + is the radius of the octahedral site in Pb, 
= 0.719 x cm. is the “‘metallic’’ radius of 
oxygen (C.N. = 6), from Barrer” = 0.803 x 107° cm. 
V can now be calculated from either of two expres- 
sions quoted by Lticke and Detert.”* With 7 calcu- 
lated from Eq. [13] as 0.117, these expressions give 
V = 1.02 or 1.24 x 10" erg. We use the mean, 

1.13 x erg. 

b) Value of \—The surface tension for solid lead, 
from McLachlan,*° can be set as 675 dyne per cm. 
The boundary free energy is probably about one- 
third of this, i.e., X = 225 dyne per cm (= erg per 
sq cm). 

c) Derivation of Eq. [11]—From McLean® 


3 
AF= 2.6 [14] 


and Eq. [3] gives W= AGDb°. 

The energy per atom due to the tension A is b7A 
erg and due to the tension reduced by impurity seg- 
regation \, is b*\,;. Although expressions have been 
derived to give the dependence of A upon tempera- 
ture and impurities, not enough is known of the pa- 
rameters involved, so we take as an approximation 
the lowering of b*\ by V erg per atom; i.e., b?A; 
= 67x — V so that 


[2(67a —V)b*] _ 27a [14] 
b* Ro Ro 

Similarly, we can replace AGb* by AF in Eq. [3], 

so that 2(b7A — V)b*/b?R, = AGD°, or 

2(b7 — V) 

15 


AF = 


AGb? = 
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The Effect of Striation-Type Substructure on the 


Deformation of Aluminum Single Crystals 


Tensile tests on aluminum single crystals, grown from the 
melt, revealed that the yield stress of these crystals was raised 
as the amount of striation substructure was increased. The num- 


ber of striation-type boundaries was varied by changing the rate J. T. McGrath 
of growth of the crystals. The results are interpreted in terms ‘ 
of a blockage of dislocation movement by striation boundaries. G.B. Craig 


IMPERFECTIONS are known to have a large effect 
on the mechanical properties of metals. Teghtsoonian 
and Chalmers’ studied a block or striation-type sub- 
structure in tin and found that the formation of the 
striations depended upon rate of crystal growth and 
orientation. They found that the angular misorienta- 
tion between neighboring striations varied between 
15 min and 5 deg. Atwater and Chalmers? investi- 
gated striations in tin and lead, and found that purity 
was another factor which influenced their formation. 
There was a limiting purity above which the stria- 
tions were straight and regular. 

There is little information in the literature con- 
cerning how substructures in melt-grown crystals 
affect strength. Washburn® introduced small-angle 
boundaries into zinc by a shear process and found a 
subsequent increase in yield stress which he at- 
tributed to the presence of these boundaries. 
Lauriente and Pond‘ found the critical resolved shear 
stress in aluminium crystals grown from the melt, 
to increase with etch pit density. The etch pits were 
used as an indication of growth imperfections. In 
Hibbard’s® work on lineage structure in copper 
crystals grown from the melt, he tested one crystal 
containing interlineage boundaries, and found a 50 
pct increase in the critical resolved shear stress. 
Fleischer and Chalmers’, in a recent paper, mention 
briefly that, in the production of aluminium crystals 
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from the melt when the growth rate was raised from 
1.2 to 18 cm per hr, the yield stress increased 50 
pet. They felt that the increase in yield stress with 
rate of growth might be attributed to a higher con- 
centration of impurities in the gage length and also 
might be affected by the increased number of small- 
angle boundaries (striations). 

The present investigation was undertaken to de- 
termine the effect of the striation substructure on 
the strength of aluminum single crystals. 


EXPERIMENTAL PROCEDURE 


Aluminum single crystals of 99.9992 purity were 
grown from the melt using a technique described by 
Chalmers.’ The growth rate was varied from 0.6 to 
20 mm per min, thus producing crystals with varying 
numbers of striation boundaries. 

To avoid prior deformation, the crystals were 
chemically cut to the desired length with a saturated 
solution of cupric chloride. They were then annealed 
at 580°C for 24 hr and allowed to cool slowly in the 
furnace. Finally, the specimens were electropolished 
using an electrolyte of 5 parts ethyl alcohol and 1 
part perchloric acid. Each specimen was approxi- 
mately 5 in. in length and 0.125 sq in. in cross sec- 
tion. 

The average orientations of the 5 series of crys- 
tals studied are shown on the stereographic pro- 
jection of Fig. 1. 

The crystals were strained approximately 2 pct in 
a soft tensile machine. The strain sensitivity was 
3.6 X 10°* cm over a 5-cm gage length. 
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Fig. 1—Average 
orientations of 
aluminium crys- 
tals. 


The striations in a specimen were counted after 
etching with Tucker’s reagent. A typical striation 
pattern is shown in Fig. 2. X-ray diffraction tech- 
niques were also used to estimate the number of 
striations. The splitting of Laue spots on a back- 
reflection X-ray film after a traverse of the width of 
a specimen indicated the number of striations. A 
modified version of a technique described by Schulz® 
was also used for detecting striations. Each line on a 
Schulz pattern corresponded to a striation on the 
surface of the crystal. The etching and X-ray 
methods gave similar results when the number of 
striations on the surface was about seven or less. 
However, with the presence of ten or more stria- 
tions, interpretation of the X-ray patterns became 
difficult due to overlapping of the spots or lines on 
the film. 


RESULTS 


The results of the investigation are tabulated in 
Table I. It is apparent that the number of striations 
increased as the rate of growth increased for all 
orientations. However, at extremely high rates of 
growth (20 to 35 mm per min) a reduction in number 
of striations is often observed. This decrease is 
affected by purity, orientation, and rate of growth 
and will be discussed in more detail in a later pub- 
lication. As shown in column 6 of Table I, the aver- 
age striation width decreased as the rate of growth 
increased. The total misorientation across the 
width of a crystal was also greater at higher rates 
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Fig. 3—Typical stress-strain curves for Series A crystals. 
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of growth. The orientation difference between 
neighboring striations, seen in column eight, was 
estimated by dividing the number of striation boun- 
daries on the surface into the total misorientation 
measured from Laue X-ray patterns. 

The striations were not just a surface phenome- 
non,* since they could be seen by etching, after re- 
moval of the surface layer. Since the average stria- 
tion width on all four surfaces of a crystal was ap- 
proximately the same, it was assumed that the stri- 
ations were square in cross section. On this as- 
sumption, the total number of striations in the 
volume was calculated, and is shown in column three 
of Table I. 

Typical stress strain curves are shown in Figs. 3 
and 4. The yield stress was taken as the value of the 
stress after an elongation of 0.007 pct. Other inves- 
tigators® have taken the yield stress as that value of 
the stress obtained by extrapolating the flat or easy 
glide portion of the curve back to zero strain. The 
former method was found to be more satisfactory for 
stress-strain curves exhibiting no easy glide region, 
as shown in Fig. 4. From the curves in Fig. 3, it is 
apparent that an increase in striation boundaries re- 
sulted in a raising of the stress-strain curve. In 
Fig. 5, the graph of yield stress plotted against num- 
ber of striations for the series A crystals indicates 
a linear increase in yield stress with striations un- 
til the range of 50 to 100 striations, where the effect 
appears to level off. By plotting the critical re- 
solved shear stresses of all the crystals of different 
orientations against the number of striations, a 
similar effect is observed. The leveling off of the 
curve is again in the range of 50 to 100 striations. 
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Fig. 4—Typical stress-strain curves for Series E crystals. 
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Fig. 5—Variation of yield stress with striations for Series 
A crystals. 


DISCUSSION 


Since the striation boundaries can be considered as 
arrays of dislocations running parallel to the speci- 
men axis, yielding would not occur until dislocations 
were forced through these boundaries. According to 
Cottrell,® when dislocations pile up against an ob- 
stacle, the stress acting on the lead dislocation is 


no [1] 


where nv is the number of dislocations that can be 
packed in a length L of slip plane and o is the ap- 
plied stress. The value of m can be found from the 
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NUMBER OF STRIATIONS 
Fig. 6—Variation of critical resolved shear stress with 
striations for all crystal orientations. 


where yp is the shear modulus and b the Burgers 
vector. 

Considering a striation boundary as an obstacle, 
larger dislocation pile-ups could occur more 
readily in specimens containing only a few stria- 
tions; thus, creating a high stress concentration at 
the boundary. Then a lower applied stress would be 
necessary to force these dislocations through the 
boundary. This is similar to the argument put forth 
by Cottrell*° to explain the effect of grain size on 
yield point. In Figs. 5 and 6 it was shown that the 
yield stress did not change appreciably when there 
were more than sixty striations. The manner in 
which the number of dislocations in a pile-up varies 


equation 
2Lo 9 with number of striations provides an explanation for 
n= an [2] the levelling-off of yield strength when approximately 
60 striations are present. Thus, initially increasing 
Table |. Summary of Results 
Critical Resolved Maximum Crys- Orientation Differ- 
Rate of Growth Total Yield Stress, Shear Stress, Striation tal Misorienta- ence Between 
Specimen Mm per Min Striations G per Sq mm Per Sq Mm Width, Mm tion Degrees Striations, Min 
Al 0.6 2 117 48.8 6.1 0.5 30 
A2 0.6 2 93 38.8 6.1 0.5 30 
A3 0.6 0 105 43.8 - - - 
A4 0.6 3 107 44.7 4.0 1 20 
AS 0.6 0 85 35.4 - 
A6 0.6 2 100 41.7 6.1 1 60 
A7 0.6 2 106 44.2 6.1 0.5 30 
A8 3.0 16 122 50.9 7 3 26 
A9 3.0 22 125 52.6 1.5 2 15 
A10 7.2 47 157 65.5 0.99 5 27 
All 66 169 70.5 1.0 6 33 
A12 7.2 88 164 68.4 0.87 11 44 
Bl 0.6 6 94 36.9 3.0 2 40 
B2 0.6 2 116 46.1 6.1 0.5 30 
B3 7.2 100 159 63.1 0.68 7 26 
Cl 3.0 24 130 $7.2 1.9 6 60 
C2 10 46 170 74.8 0.75 7 47 
c3 20 43 180 79.2 0.68 8 60 
D1 3.0 $2 157 773 0.91 5 33 
D2 10 73 149 73.1 0.79 5 27 
D3 20 98 157 77.1 0.75 6 28 
D4 35 41 13% 66.8 0.40 5 38 
El 3.0 62 163 68.5 p Oe | 4 24 
E2 10 118 156 65.5 0.58 6 26 
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Fig. 7—Intersection of slip lines with a striation boundary 
on the surface of crystal E2. X90. Reduced approximately 
16 pet for reproduction. 


the number of striations from 0 to 60 causes a 
marked decrease in the number of dislocations in a 
pile-up. Further decreases in the number of dislo- 
cations in a pile-up can only be effected by an enor- 
mous increase in the number of striations. In the 
range of 60 to 120 striations studied in this investi- 
gation, there is no significant change in the number 
of dislocations in a pileup, and hence no significant 
change in yield strength. Direct metallographic 
evidence of the interference of striation type boun- 
daries with the slip process is presented in Fig. 7. 
This is a photomicrograph, at X90, after the speci- 
men had been deformed approximately 1 pct. About 
2/3 of the slip bands pass through the boundary, 
while 1/3 are either stopped completely or penetrate 
only a short distance into the adjacent striation. 
Gilman and Johnston”’ have shown the interaction 

of glide dislocations with substructure in lithium 
fluoride. Fig. 8 shows edge dislocations piled up at 
subboundaries. 

Fleischer and Chalmers’® speculate that the in- 
crease in yield stress may also be related to the 
distribution of solute atoms. They claim that the 
redistribution of solute, being less efficient at high 
growth rates, results in a greater impurity concen- 
tration in the gage section. This problem is now 
being investigated. In the preliminary work, attempts 
have been made to produce crystals, with and without 
striations, while keeping the rate of growth constant. 
By growing crystals with an inclined solid-liquid 
interface, it was possible to produce crystals almost 
devoid of substructure, even at growth rates in the 
order of 20 mm per min. Tensile tests on these 
crystals have given values of yield stress which 
were almost 50 pct lower than those for striated 
crystals grown at the same rate with a normal 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 8—Edge dislocation being blocked by a subboundary 
in a LiF crystal (see Ref. 11, Gilman and Johnston). En- 
larged approximately 6 pct for reproduction. 


interface(i.e.), solid-liquid interface perpendicular 
to specimen axis). 


CONCLUSIONS 


The following conclusions are drawn from the 
experimental results: 

1. The presence of striation boundaries 
strengthens aluminum single crystals by raising the 
yield stress. 

2. As the rate of growth increases, the number of 
striations found in any one specimen also increases. 

3. Specimens containing a large number of stria- 
tions exhibit a wider range of misorientations than 
those containing a few striations. 
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Aging of Nickel Base Aluminum Alloys 


It is shown that Ni,Al precipitates homogeneously from 
nickel-rich aluminum alloys as plates on the (100) planes. Prior 
to actual precipitation a process occurs which is believed to be 
one of increasing short-range order. After precipitating the 
Ni;Al plates enlarge through competitive growth. Discontinuous 
precipitation can occur simultaneously with the above processes. 


Recent ideas of the origin of precipitation strengthening appear 


adequate to explain the hardness changes. 


RemarKABLY little appears to be known about the 
precipitation process in Ni-Al alloys in spite of their 
technical importance. This investigation originated 
to supply additional information about precipitation in 
general, this system in particular. Information on 
the structures and kinetics have been obtained 
through the use of hardness, X-rays, microscopy, 
calorimetry, and resistivity on high-purity alloys. 


PROCEDURES 


Six alloys, Table I, were prepared by melting 
carbonyl nickel and high-purity aluminum in alumina 
crucibles in vacuum and casting into l-in. graphite 
molds. All rods were homogenized at least once at 
1300°C for 24 hr prior to swaging and this was re- 
peated on the first three alloys after 75 pct reduc- 
tion. Alloy 4 could be reduced only 10 pct at 
1000°C (probably in two-phase field) prior to frac- 
ture but 1/4-in. samples quenched from 1100°C were 
readily reduced cold. Alloy 5 was reduced 15 pct 
cold but failed on the next pass while alloy 6 of es- 

_ sentially the same aluminum content failed inter- 
granularly without apparent flow up to 1000°C. 

The alloys were heated in hydrogen at the elevated 
temperatures and formed thin, coherent aluminum 
oxide coatings which provided excellent oxidation re- 
sistance at lower temperatures. However, freshly 
prepared surfaces showed considerably less re- 
sistance at 500° to 700°C in air and apparently re- 
sulted in internal oxidation. As a consequence, low- 
temperature agings were carried out in evacuated 
tubes. 


RESULTS 


The isothermal hardening behavior of these alloys 
at 500° and 565°C is given in Figs. 1 and 2. These 
’ results were obtained from samples cold worked 75 
pet, recrystallized at 1000°C (1100°C for the 7.8 pct 
Al) and quenched in water. This recrystallization 
was used to give smaller grain sizes so as to obtain 
more uniform hardness values and the points repre- 
sent an average of five readings. 

The electrical resistivity was measured on 1/16- 
in. wires quenched from 1000°C during aging at 
495°C to give Fig. 3. 
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The energy release and its rate are given in Fig. 4 
for the 6.9 pct Al alloy during aging around 500°C. 
Inasmuch as this was a single run, its accuracy is 
not known but certainly the general shape and mag- 
nitudes are correct. The method used to obtain 
these results is described elsewhere.* 

Data for the aging at 600°, 700°, and 800°C of these 
alloys cold worked 50 pct are given in Fig. 5. Sup- 
plementary information from microscopy and X-ray 
diffraction have been included to indicate recrys- 
tallization, discontinuous precipitation and the ap- 
pearance of superlattice lines from the Ni,Al. The 
hardness of these alloys as annealed, aged, cold 
worked, and cold worked and aged is given vs com- 
position in Fig. 6. 

Those samples which were isothermally aged, 
Figs. 1 and 2, were reaged at 532°C and at succes- 
sively higher temperatures for the indicated times 
to give the data of Fig. 7. These results as well 
as certain others, support the idea that the level of 
hardness reached for temperatures above 600°C 
are equilibrium values more or less independent of 
path. This being the case, the breaks in the curves 
would be the complete solution of the Ni,Al. 

The electrical resistivity versus temperatures for 
some of these alloys, both aged and unaged, is given 
in Fig. 8 along with those data from heating slowly 
(10 deg per day) to high temperatures. Interesting 
points include the lowering of the Curie tempera- 
ture (the change in slope), the lack of any indica- 
tions of a solubility limit and the large temperature 
coefficient for the Ni,Al. A slight break for Ni,Al 
around 100°C shows up but this is not a Curie tem- 
perature as Ni,Al is not ferromagnetic down to 
190°C. 

Metallographically both the nickel-rich solid 
solution and the Ni,Al appear very much like pure 
nickel. Profuse twin boundaries are present both 


Table |. Composition of Nickel-Aluminum Alloys 


Nominal Analysis 
Composition 
Alloy No. Wt Pct Al Wt. Pct At Pct 
1 4.0 3.8 7.9 
2 5.5 5.4 11.0 
3 7 6.9 13.9 
a 8 7.8 15.5 
5 14.2 13.5 25.4 
6 13.3 25 
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Fig. 1—Hardness of nickel-aluminum alloys aged at 500°C. 


as cast and as recrystallized. Deformation occurs 
in a markedly hetergeneous fashion as illustrated 
by Fig. 9 for the 7.8 pct alloy rolled 50 pct. These 
highly strained regions containing large misorien- 
tations lead to rapid nucleation of the discontinuous 
reaction as shown in Fig. 10. Fig. 11 shows this 
reaction at a higher temperature where the indi- 
vidual colonies can be seen to consist of plates of 
Ni,Al perpendicular to the advancing interface. 
That deformation is not necessary for this reac- 
tion is shown in Fig. 12 where the reaction has 
started at a grain boundary in a recrystallized 
sample. This sample contains less aluminum and 


495°C 


640 


3 
620 
= 
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6 
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462 1 l l l l 1 
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TIME , HOURS , LOG (t +1) SCALE 
Fig. 3—Electrical resistivity changes of nickel-aluminum 
alloys aged at 495°C. 
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Fig. 2—Hardness of nickel-aluminum alloys aged at 565° C. 


had been aged at a much lower temperature to 
give these finer particles which appear almost 
round. The hardness of this sample, see Fig. 1, 
indicates that general precipitation has occurred 
within the grains but apparently is of a size too 
small to be resolved apart from the slight roughness 
shown. The particles can be much larger for higher 
aluminum contents as shown in Fig. 13 although even 
here they are not clearly resolved. A sample, as 
Fig. 14 will show fewer, larger particles when 
heated to a relatively high temperature as a result 
of competitive growth between the particles. It 
would appear that strain or some other factor was 
operating during this stage to cause the high fre- 
quency of adjacent, parallel plates shown in this 
figure. Some of the alloys seemed to have a thin 
foreign layer at the grain boundaries as shown in 
Fig. 13 and such a layer would have a strong in- 
fluence on the nucleation of the discontinuous re- 
action. This layer might be a carbide. 

In this system, as in many others, the precipitate 


1.0 


RATE, READ TO LEFT 
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TO RIGHT 


W9/ 1V3H 


RATE OF ENERGY RELEASE, CAL/GM/MIN 


5 10 20 50 100 500 1000 


TIME, MINUTES, LOG (t +1) SCALE 
Fig. 4—Energy release of a 6.9 pet Al-Ni alloy aged 
around 500°C. 
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Fig. 5—Hardness of cold-worked nickel-aluminum alloys 

isothermally aged at 600°, 700°, and 800°C. 


particles are often too small to be detected satis- 
factorily by electron microscopy so that most of 
the structural information for the precipitation 
process comes from X-ray diffraction and the 
principle results are outlined here. Considerable 
work was done on samples aged at 500 and 565°C 
and to a lesser extent on those heated to a higher 
temperature. The samples were small electro- 
polished needles containing only a few grains in 
the beam. Thus, while the orientation of the grains 
was not necessarily known, the data nevertheless 
are from single crystals. Careful study of patterns 
from stationary, oscillating and rotating samples 
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T T T T T 
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° 
500 600 700 800 900 1000 
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Fig. 7—Hardness of nickel-aluminum alloys annealed at 
successively higher temperatures. 
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Fig. 6—Hardness of nickel-aluminum alloys before and 
after a 50 pct cold reduction and after aging. 


have established the following features of the homo- 
geneous precipitation process. The precipitate takes 
the form of plates of Ni,Al which are coherent on the 
(100) habit plane as illustrated in Fig. 15. Coherency 
on this plane forces the two phases to have the same 
lattice parameter within this plane and hence the 
phases must be strained in opposite directions as 
indicated. Since the stresses normal to the plate are 
essentially zero the strains in this direction can be 
calculated from elasticity theory and are found to be 
similar in magnitude but opposite in direction to 
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Fig. 8—Electrical resistivity of nickel-aluminum alloys 

vs temperature. 
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Fig. 9—Ni 7.8 pet Al alloys as cold- 
rolled 50 pct. Electrolytic etch with 
HF, H,O, and glycerine. X250. Re- 
duced approximately 43 pct for re- 


production. 
tion. 


those required in the coherency plane. This results 
in one having essentially two tetragonal structures 
with common axes where the matrix has a c/a ratio 
less than unity while the Ni,Al has a ratio greater 
than unity. Since all the (100) planes are active this 
duplex structure appears with its axes in all three 
of the original <100> directions. This state of 
coherency can be represented by the reciprocal 
lattice in Fig. 16 which shows how the reciprocal 
lattice points split up because of coherent precipita- 
tion. The condition represented would correspond 
to approximately equal volumes of precipitate and 
matrix although for clarity the splitting is shown 
some four times that observed. 

As one examines samples of smaller and smaller 
particle size the X-ray diffraction effects change 
from that indicated in Fig. 16 over to that character- 
ized by diffuse effects arising both from the small- 
ness of the plates and the variation of lattice param- 
eters due to coherency. Such a condition is illus- 
trated in Fig. 17. The essential difference is that 
now all the diffuse regions are a constant distance 
from the reciprocal lattice points but the intensity 
varies with the direction and distance from the ori- 
gin. What one sees is first a structure like Fig. 17 
which continuously transforms over into Fig. 16 as 
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Fig. 12—Ni 5.4 pct Al alloy es 1550 hr at 500°C. HNOs, 
acetic, HCl, and H,O etch, Cr shadow at 20 deg. X40,000. 
Reduced approximately 35 pct for reproduction. 
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Fig. 10—Ni 7. & pet Al alloy 50 pct 
cold-rolled and annealed 25 hr at 
700°C. Electrolytic etch with HF, 
H,O, and glycerine. X250. Reduced 
approximately-43 pct for reproduc- 


Fig. i— Ni 7.8 pet Al alloy 50 pot 
cold-rolled and annealed 25 hr at 
800°C. Electrolytic etch with HF, 
H,O, and glycerine. X250. Reduced 
approximately 43 pct for reproduc- 
tion. 


the particles become larger. This transformation 
would take place approximately as the inverse of 
the particle size and particles under 100A would 
show the characteristics of Fig. 17. Most of the 
data pertaining to the small spacings, Fig. 17, 
came from the 6.9 pct alloy aged at 500°C while 

a number of samples and treatments gave splitting, 
Fig. 16. 

The microstructure in Fig. 12 establishes that 
the discontinuous precipitation occurs according to 
the idea of Smith;” and this was further demonstrated 
by X-ray diffraction. One pattern, from the 7.8 pct 
alloy aged 3100 hr at 500°C, showed that the matrix 
left behind by the discontinuous precipitation was 
relatively imperfect and exhibited an angular range 
of 10 deg from the parent grain although the boun- 
dary had moved less than 0.002 in. Since the orien- 
tation of neither grain was determined the direction 
of reorientation was not shown. Insofar as it could 
be ascertained, the discontinuous precipitate was 
always incoherent. 

X-ray patterns from filings of Ni,Al showed al- 
most no superlattice lines presumably because of 
straining and perhaps disordering. One hour at 
300°C produced considerable sharpening of the lines 
and a great increase in intensity of the superlattice 


Fig. 13—Ni 7.9 pes Al alloy at 1150 hr at 567°C. HNOg, 
acetic, HCl, and H,O etch, Cr shadow at 20 deg. X40,000. 
Reduced approximately 35 pct for reproduction. 
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Fig. 14—Ni 7.8 pct Al alloy aged 500 hr at 570°C, and then 
4 hr at 1000°C. HNO; and acetic etch. X1000. Reduced 
approximately 43 pct for reproduction. 


lines while 1 hr at 600°C produced recrystallization 
and hence very sharp lines. Thus, while the hardness 
of the Ni,Al is slightly greater than that of the 3.8 pct 
alloy which would not age its recovery and recrys- 
tallization temperature are less. All measurements 
of the lattice parameter of this phase gave values 
close to 3.568A in agreement with Taylor and Floyd,° 
and no explanation of the higher results of Bradley 
and Taylor* was found. 

Dilatometry was carried out on the 3.8, 5.4, and 
6.9 pct alloys during aging at 500°C but no strains 
greater than 3 X 10°° were found. This was not un- 
expected since the lattice parameters of Bradley and 
Taylor‘ indicated that little or no volume change 
would be expected. In order to see if the coherency 
strains were temperature sensitive the thermal ex- 
pansion of nickel and the first three alloys was de- 
termined to 1000°C. No significant differences were 
found and the results are expressible as 


= L,(1+12.3 7T+3.8x 10° 


where T is in Centigrade and L, is the length at 0°C 
(nickel of course departs from this expression be- 
tween 300° and 500°C because of the Curie point). 
The expansion of NisAl is very similar according to 
Taylor and Floyd® and thus the coherency strains 
appear insensitive to temperature. 

It was observed that prolonged aging would in- 
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Fig. 16—Tetragonality of the reciprocal lattice points re- 
sulting from plates of Ni;Al coherent on (100) planes for 
nickel aluminum alloys. 
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Fig. 15—Stress and strain representation of the coherent 
precipitate and the adjacent matrix. 


crease the Curie temperature just as expected but no 
quantitative measurements were made. 


DISCUSSION 


The solubility of Ni,Al at 500°C can be deter- 
mined from Fig. 12 while the solubility limits for 
the 5.4 and 6.9 pct alloys are given by Fig. 7. For 
still higher temperatures and compositions micro- 
structures were used. These results are plotted in 
Fig. 18 and are adequately represented by X = 32 
exp (—1900/RT) where X i is in at. pct Al. The data 
of Taylor and Floyd® are also shown and are in 
fairly good agreement. The slight difference may be 
just experimental error or due to somewhat different 
purity, perhaps cobalt. On the basis of this ex- 
ponential relation one would consider this a normal 
solubility in contrast to the conclusion from earlier 
work.*> However, this exponential relation gives a 
curve which is concave upward (in regular coordi- 
nates) above 300°C in contrast to what is often con- 
sidered normal but is in fair agreement with the 
earlier work.° 


(420) 


4 


Fig. 17—Diffuse effects found on aging nickel-aluminum 
alloys characteristic of thin plates. 
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Fig. 18—Solubility of Ni;Al in nickel (In X vs 1/7). 


It was found that X-ray patterns from samples 
containing relatively large, coherent particles were 
consistent with the splitting calculated by means of 
the model, the solubility, the bulk elastic constants 
and known lattice parameters. This resulting 
tetragonality is illustrated in Fig. 16. The micro- 
structure indicate also that the (100) is the habit 
plane. Superlattice lines from the Ni,Al would have 
given a better check but were too weak to be useful. 

The diffuse scattering which is to be expected 
when the particles are thin has been calculated on 
the basis of Daniel and Lipson’s® and Hargreaves” 
work and are represented in Fig. 17. The experi- 
mental results are consistent with this picture. 

The hardness, resistivity, and energy data for 
isothermal aging suggest that there are two distinct 
processes. The first, indicated by small increases 
in hardness, resistivity, and energy release, and 
characterized by a very high initial rate, is believed 
to be due to changing atomic configuration, pre- 
sumably increasing short range order, required by 
the temperature decrease. Presumably aging in 
the two phase field is not a prerequisite and the 3.8 
pct alloy supports this. 

The second process is significantly slower and 
would appear to be a normal nucleation and growth 
*process and can be approximated by Y = 1 — exp 
(—kt") where n has a value between 1 and 2. The 
X-ray diffraction and microscopy indicate that this 
process is actual precipitation of Ni,Al in that both 
detected particles only after this process was par- 
tially complete. It is most likely that the hardness 
values will reach a plateau eventually in that Fig. 7 
and X-ray diffraction demonstrate that the particles 
can redesolve prior to loss of coherency. 
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Fig. 19—Comparison of experimental hardnesses and cal- 
culated strengths for aged nickel-aluminum alloys. 


The discontinuous precipitation process occurs 
more or less independently of the above process and 
does not proceed far enough in annealed samples to 
affect the results. However, the process takes place 
much more rapidly in cold-worked samples due to 
enhanced nucleation. It is considered significant that 
while the process proceeds as suggested by Smith? 


it produces relatively imperfect material similar to 
deformation. 

A quasi-chemical approach to the interfacial 
energies using the indicated solubility gives a value 
of 29 ergs per sq cm for the (100) face between 
Ni,Al and the matrix and 164 ergs per sq cm for an 
(111) antiphase boundary in Ni,Al. By using bulk 
elastic data, known lattice parameters and the indi- 
cated strain model the elastic coherency energy is 
16 cal per mol of Ni,Al. Had the strains been 
isotropic (as for round particles) a maximum energy 
of 42 cal per mol of Ni,Al is obtained, both values 
being for the 6.9 pct composition. 

The supersaturation ratio required to give 
homogeneous precipitation, following classical lines,® 
has been calculated to be 1.55 for isotropic strains 
and 1.36 for plates. A value of 1.3 was observed to 
give maximum rate of hardening. The X-ray dif- 
fraction and microscopy strongly support homo- 
geneous nucleation in agreement with the above cal- 
culations. 

Calculations based on existing theory® and data*® 
for this system indicated particle sizes six times 
larger than deduced from X-ray data. The smallest 
particle size detected was from the 5.4 pct alloy 
aged 31,000 hr at 500°C and was only 20A thick. 
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It is expected that there would be two mechanisms 
by which the particles strengthen these alloys: 
mechanical interaction between the strains of the 
particle and matrix and the dislocations, the simplest 
case of spherical particles having been derived™ and, 
secondly, the passage of single dislocations would 
create antiphase boundaries” in the Ni,Al having an 
energy of 164 ergs persqcm. The calculated 
strengths have been plotted in Fig. 19 for these two 
mechanisms, the mechanical strengthening being 
taken as half that for spherical particles. The data of 
Fig. 7.can also be transformed into hardness vs 
composition using data of Fig. 6 to correct for the 
solid solution strength. The agreement between 
theory and the data is considered good in that the 
hardness exceeds the sum of the calculated strengths 
(yield strengths) by a factor of three. 

The data for 7.8 pct alloy appears consistently low 
and this may be due to the particles becoming too 
large such that looping by dislocations or loss of 
coherency takes place. However, the agreement 
between the other two alloys is rather conclusive 
evidence that the Ni,Al can go back into solution 
without losing coherency as indicated by X-ray dif- 
fraction and hence the use of this data to determine 
solubility limits is justified. 


SUMMARY AND CONCLUSIONS 


1) The aging of nickel-rich aluminum alloys is 
caused by the precipitation of Ni,Al in the form of 
coherent plates on the (100) planes. The strains 
necessary to provide this coherency are 0.7 pct or 
less. 

2) The isothermal aging suggests that there are 
two consecutive processes. The first is believed to 
be a change of atomic configuration, presumably 
increasing short-range order, which the second is 
the actual precipitation Ni,Al. For times greater 
than used here or at higher temperatures the par- 
ticles will undergo competitive growth. 

3) Discontinuous precipitation has also been ob- 
served and is shown to follow the idea of Smith in 
starting by the motion of existing grain boundaries. 
Nucleation inside the grains takes place when de- 
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formation has preceded the aging. It is believed that 
the precipitate which forms as a result of this 
process is always incoherent. 

4) With the possible exception of the higher 
aluminum contents, precipitate particles do not 
lose coherency for those treatments used here. 
This included the resolution of the particles by 
raising the temperature. In agreement with this 
was the observation that the alloys did not overage 
in terms of hardness. 

5) The experimental observations prove beyond 
reasonable doubt that the general precipitation was 
homogeneous. Calculations based on nucleation 
theory are in fair agreement. Additionally, there 
appears no problem in accounting for the particle 
size based on existing methods and data. 

6) The application of the order-hardening theory, 
supplemented by a rough application of the theory of 
mechanical interaction appears adequate to explain 
the observed strengths (as hardness). 
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Precipitation Phenomena in Cobalt-Tantalum Alloys 


The precipitation phenomena occurring in cobalt-tantalum 
alloys have been investigated in the temperature range from 500° 
to 1050°C by correlating the results of metallographic, X-ray, 
micro-and macrohardness, and electrical resistivity studies. 
The property changes were found to depend on 1) general pre- 
cipitation, and 2) lamellar precipitation. Two new intermetallic 
phases have been identified: 1) a Co,Ta, a metastable ordered 


face-centered-cubic compound, and 2) a stable 8 Co3Ta phase of 
hexagonal structure. In addition, the previously reported Co,Ta 
phase was found to exist in two allotropic modifications: the 


M. Korchynsky 
R. W. Fountain 


hexagonal MgZnz-type and the cubic MgCuz-type Laves phases. 


Since a large variety of structures can result as a 
consequence of the decomposition of a solid solution, 
predictions on the nature of property changes are 
difficult, if not impossible, to make. For any rational 
attempt to correlate properties and structures of a 
precipitation-hardenable alloy, a detailed under- 
standing of the kinetics of decomposition and morph- 
ology of phase separation, as well as knowledge of 
phase relationships, appears to be prerequisite. In- 
formation of this type has been accumulated in the 
past for many alloy systems, both of theoretical and 
practical importance.”* Although the presence of 
intermetallic compounds has been reported in cobalt- 
base alloys,° the amount of published information on 
precipitation-hardenable cobalt-base systems is very 
limited. 

A survey of the binary phase diagrams of cobalt* 
indicates that cobalt-tantalum alloys might be of 
interest as typical of other cobalt-base systems in 
which Laves phases of the A,B type can be precip- 
itated from solid solution. The present work has 
been undertaken, therefore, to study the kinetics and 
morphology of the precipitation reaction in this sys- 
tem and to establish a base for a correlation between 
the structural aspects and properties in this class of 
alloys. 


PREVIOUS WORK 


The only available phase diagram of the cobalt- 
tantalum system is based on the work of Koster and 
Mulfinger.* According to these authors, the maxi- 
mum solubility of tantalum in cobalt is about 13 pct 
(at 1275°C) and less than 7 pct at room temperature. 
Tantalum additions lower the temperature of allo- 
tropic transformation of cobalt (about 420°C), and at 
7 pct Ta, the high-temperature face-centered-cubic 
modification (8 cobalt) is retained at room tempera- 
ture. The precipitating phase was originally desig- 
nated as Co,Ta, compound (55.2 pct Ta, about 1550°C 
melting point), but subsequent investigations by 
Wallbaum”’® identified this constituent as the A, B- 
type Laves phase. Wallbaum’s data indicate that 
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there are two modifications of this intermetallic 
compound: one richer in cobalt (Coz,2Tao,,) of the 
hexagonal MgNi, type; and another of a higher tanta- 
lum content (Co,Ta) of the cubic MgCu, type. 

On the other hand, Elliott’ found that the cobalt- 
rich alloy (Co2.:9Tao,g1) Was predominantly the cubic 
MgCu, type at 800°C and a mixture of both the MgCuz 
and the hexagonal MgZnz2-type Laves phases at 
1000°C. At 1200°C, Elliott found only the MgZn, type 
while at 1400°C, he observed only the MgCu, type. At 
the stoichiometric composition, Co,Ta, Elliott re- 
ported only the cubic MgCu,-type Laves phase in the 
temperature range of 600° to 1600°C. 

The precipitation of the cobalt-tantalum inter- 
metallic compound is accompanied by a marked in- 
crease in hardness. According to Késter’s* data, the 
Brinell hardness of an 8 pct Ta-Co alloy increases 
from 230 to 340 upon short-time aging at 800°C. 


EXPERIMENTAL PROCEDURE 


The binary cobalt-tantalum alloys investigated 
contained 5, 10, and 15 pct Ta. The range of tanta- 
lum additions was thus slightly broader than the re- 
ported minimum and maximum solid solubility limits 
of tantalum in cobalt (7 and 13 pct, respectively).* 
The alloys were vacuum-induction melted in a mag- 
nesia crucible using cobalt rondelles and technically 
pure tantalum sheet as raw materials. Deoxidation 
of the melt was accomplished with carbon, and the 
chemical analysis of the alloys is given in Table I. 

The effect of isothermal aging treatments on the 
progress of precipitation was studied on samples cut 
from cast ingots. These samples were solution 
treated for 2 hr at 1250°C and water-quenched. 
Aging was conducted in the temperature range from 
500° to 1050°C for periods between 15 min and 1000 
hr and followed by water-quenching. To prevent con- 
tamination from the atmosphere, all samples were 
sealed in evacuated Vycor or quartz tubes for heat- 
treatments. For solution treatment, argon at 0.2 
atmospheric pressure was introduced prior to seal- 
ing of the capsule to prevent collapse at high tem- 
perature, and titanium sponge was placed at one end 
of the capsule to act as a getter. 


MACROHARDNESS 
The effect of aging on Vickers hardness (Dph) of 
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Table 1. Chemical Analysis of Experimental Cobalt-Tantalum Alloys 


Composition, Pct 
Location 
Type Ta C oO of Sample Remarks 
5 pet Ta 3.85 0.008 0.014 Head 13-lb vacuum-melted heat 
4.35 0.008 0.013 Toe (cobalt rondelles) 
10 pet Ta 9.66 0.005 0.036 Head 13-lb vacuum-melted heat 
9.91 0.007 0.031 Toe (cobalt rondelles) 
15 pet Ta 14.51 0.010 0.032 Head 13-lb vacuum-melted heat 
14.97 0.007 0.018 Toe (cobalt rondelles) 
35 pet Ta 35.47 Head 2-lb heat, made under argon 
36.90 Toe blanket from vacuum-refined 
34.06 0.073 0.12 Random cobalt 
60 pet Ta 60.06 Random 60-g arc-melted button made from “high- 
purity” cobalt powder (A. D. Mackay, Inc.) 


the solution-treated samples of the 5, 10, and 15 pct 
tantalum-cobalt alloys is shown in Fig. 1. Since the 
hardness values frequently scattered within a band of 
20 to 30 Dph units, at least ten determinations were 
made and averaged to give each plotted point. 

The change in hardness with time and temperature 
is typical of that generally observed in precipitation- 
hardening systems. The effect of the degree of 
supersaturation on the rate of aging is evidenced 
clearly by the 900°C data. At this temperature, the 
peak hardness is observed after about 10 hr, 1 hr, 
and 15 min for the 5, 10, and 15 pct Ta alloys, re- 
spectively, the rate of hardness decrease being 
higher with higher tantalum content. The moderate 
but noticeable hardness increase of the 5 pct Ta 
alloy after aging at 900°C suggests that at this tem- 
perature, the solid solubility of tantalum in cobalt 
is only slightly below 5 pct. 


PHASE DIAGRAM 


Based on the results of the metallographic and 
X-ray studies to be presented, the modified cobalt- 
tantalum equilibrium diagram is shown in Fig. 2, 
and the X-ray data pertaining to the intermetallic 
compounds are given in Table V. The modified 
diagram shows the existence of a peritectoid re- 
action between the 8 cobalt solid solution and the 


compound, Co, ,Ta,., (this cobalt-rich Laves phase 
will be referred to as yCo,Ta), at about 990°C to 
form $Co3Ta, and suggests a lower solubility limit 
of tantanlum in cobalt than that reported by Koster 
and Mulfinger.* In higher tantalum content alloys 
(60 pct tantalum), a hexagonal awCo,Ta compound 

of the MgZn,-type Laves phase is found at tempera- 
tures below about 1100°C. On heating above 1100°C, 
the aCo,Ta transforms to the cubic fCo,Ta, a 
MgCuz2-type Laves phase, identified earlier by 
Wallbaum”*as Co,Ta. 


MICROSTRUCTURE 


As cast, the alloys exhibit small areas of eutectic. 
After solution treatment, however, the structure of 
the 5 and 10 pct Ta alloys consists only of a solid 
solution of tantalum in cobalt. In the 15 pct Ta alloy, 
solution treating about 25°C below the eutectic tem- 
perature does not dissolve all the intermetallic 
phase, confirming that the maximum solid solubility 
of tantalum in cobalt is somewhat below 15 pct. 

The effects of aging on the microstructure were 
studied primarily on the 10 pct Ta-Co alloy. For 
revealing the structure, the specimens were etched 
electrolytically in a solution of 3 pct HCl in alcohol. 
In alloys aged at 500°C for times up to 1000 hr, 
indications of a very fine general precipitate are 


%Ta Ta 
Fig. 1—The effect of tantalum content on 
400 y, 400 Vickers macrohardness (Dph) of cobalt- 
a / , \ \ tantalum alloys aged in the temperature 
ees 2 range of 500° to 950°C. Each point rep- 
2 ° ws resents an average of ten measurements. 
200 r00 200 
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Table Il. The Effect of Aging Temperature and Time on the Volume Fraction of the Lamellar Precipitate 


tons Pct Lamellar Precipitate for Indicated Aging Time —Hr 
Alloy ture, °C Ye Y 1 4 10 30 50 100 500 1000 
10 pet Ta 650 0.13 1.4 1.93 4.6 
10 pet Ta 700 0.1 0.5 0.7 5.3 6.8 70.0 
10 pet Ta 750 0.83 9.5 30.9 
10 pet Ta 800 0.4 1.7 2.3 7.4 22.9 - 78.9 « 87.8 
10 pet Ta 850 2.05 8.8 19.8 - - - 
10 pet Ta 900 2.9 10.3 pa 60.7 78.7 - 
10 pet Ta 950 1.4 0.0 - 
15 pet Ta 800 19.2 - 67.6 100.0 


detectable only by electron microscopy. In addition 


to the general precipitation, the beginning of a 
‘‘lamellar’’ or ‘‘discontinuous’’ precipitation can be 
observed after 100 hr at 600°C and, more clearly, 
after 100 hr at 700°C, Fig. 3(a). This mode of pre- 
cipitation consists of the nucleation of a lamellar 
constituent along the grain boundaries which grows 
into the hardened matrix, Fig. 3(b). With progress- 
ing time, this lamellar structure sweeps over al- 
most the entire volume of the alloy. By analogy 
with other alloy systems exhibiting a similar type 
of precipitation,’ the lamellar aggregate should 
consist of platelets of the saturated solid solution 
and the cobalt-tantalum intermetallic compound. 

The nucleation and growth of the lamellar pre- 
cipitate are markedly dependent on the alloy con- 
tent. The 15 pct Ta alloy exhibits an appreciably 
higher rate of growth of the lamellar aggregate 
than the 10 pct Ta alloy, Table II. In the 5 pct Ta 
alloy, this reaction appears to be absent even after 
aging for 1000 hr in the temperature range of 
500° to 900°C. 

The isolated regions, which do not transform by 
lamellar precipitation at aging temperatures of 
800° and 900°C show coarsening of the general 
precipitate. This precipitate has a definite orien- 
tation relationship with the matrix, Fig. 3(c). In 
addition to the general and lamellar precipitation, 
an almost continuous grain boundary precipitate 
is formed in this temperature range, leaving on 
both sides a depleted band of solid solution, Fig. 
3(d). 

The lamellar arrangement of the microcon- 
stituents in the 10 pct Ta-Co alloy changes on 
prolonged aging at or about 900°C. Aging for 100 
hr results in a gradual dissolution of the lamellar 
arrangement of the intermetallic phase and repre- 
cipitation in a Widmanstatten pattern, Fig. 3(e). It 
will be shown in the discussion of the X-ray data 
that this change in morphology is not accompanied 
by a change in the precipitated phase. Apparently, 
a similar process takes place in the area not af- 
fected by the lamellar precipitation, since after 
1000 hr at 900°C, the microstructure exhibits ex- 
clusively a Widmanstatten arrangement of the pre- 
cipitated phase. 

The final structural change observed at about 
900°C consists of a gradual coalescence of the 
Widmanstatten platelets to form globules as shown 
in Fig. 3(/). 

The lamellar type of precipitation is limited 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


primarily to a temperature range from 700° to 
900°C, and at higher temperatures the general pre- 
cipitation is predominant. After 5 hr at 975°C, the 
precipitate in the 10 pct Ta-Co alloy consists of 
thin, long platelets having a definite crystallographic 
orientation, Fig. 3(g), whereas after aging at 1025°C, 
Fig. 3(), short, random particles are precipitated 
which tend to agglomerate into globules. The transi- 
tion between these two conditions is evident from the 
structure obtained after aging at 1000°C, Fig. 3(h). 
As will be shown in the section on phase identifica- 
tion, this change in morphology is associated with a 
change in the crystal structure of the precipitate, 
which occurs by a peritectoid reaction between 975° 


and 1000°C. 


MICROHARDNESS 


The aging time associated with the formation of the 
lamellar constituent in quantities exceeding about 
10 pct was found to coincide with the time at which 
a marked drop in Vickers hardness occurs. To de- 
termine the contribution of the individual structural 
constituents to the overall hardness, the microhard- 
ness of the lamellar aggregate and of the matrix 
hardened by general precipitation were determined 


' 
' 
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20 30 40 50 
WEIGHT PERCENT TANTALUM 
Fig. 2—The cobalt-tantalum equilibrium diagram. Data by 
Koster and Mulfinger* and Wallbaum®"* are supplemented 
by the results of the present investigations (heavy lines), 
showing (2) a peritectoid reaction, (b) the existence of a 
new phase, BCo3Ta, (c) two allotropic modifications of 
Co,Ta phase, and (d) a lower solubility of tantalum in 
cobalt. 
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3(¢) One hundred hr at 700°C. Lamellar 3(6) Ten hr at 800°C. The growing 
agglomerate, nucleated along grain lamellar agglomerate fills, initially, 
boundaries, advances into grain inte- the region between grain boundary 
rior. X500. (left) and twin boundary (right) prior 


to penetrating into the neighboring 
twin (right) or the second grain (left). 


3(d) One thousand hr at 800°C. Almost 3(e) One hundred hr at 900°C. The 
continuous grain boundary precipitate lamellar structure in the process of 
and the depleted zone adjacent to areas’ dissolution. The intermetallic com- 
of lamellar and general precipitation. pound is reprecipitated as platelets 
X2000. on, preferred atomic planes ina 

Widmanstatten arrangement. X2000. 


3(g) Five hr at 975°C. Intermetallic 
compound precipitated as thin, long formed during heating to the aging 
platelets. X2000. temperature transform above the peri- 
tectoid temperature into globules of a 
new compound. 


Fig. 3—Microstructures of 10 pct Ta-Co alloy after various aging treatments. 
Reduced approximately 14 pct for reproduction. 


as a function of aging time, Fig. 4. At 500° and 
600°C, in the absence of the lamellar structure, the 
micro- and macrohardness of the matrix follow the 
same trend. Since the lamellar aggregate is ap- 
preciably softer than the hardened matrix, the pres- 
ence of an appreciable volume fraction of the lamel- 
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lar structure results in a pronounced drop in the matrix softens markedly. The period of time at 
macrohardness, first evident at 700°C. On prolonged which this softening of the matrix begins, however, 
aging at 800° or 900°C, the lamellar aggregate shows is appreciably longer than that corresponding to the 
only a slight decrease in hardness, whereas the peak in the macrohardness. It may be concluded that 
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3(c) Ten hr at 900°C. Lamellar ag- 
glomerate grows into grain showing 
definite orientation relationship be- 
tween matrix and general precipitate. 
X45,000. (carbon replica). 


platelets of the Widmanstatten struc- 
ture tend to coalesce to form globules 
of lowest energy. X2000. 


Intermetallic 
compound present in the form of glob- 
ules, 
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- SOA One thousand hr at 900°C. The 
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~500°C 800°C 


NUMERALS REPRESENT % OF 
THE LAMELLAR STRUCTURE 
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Fig. 4—Comparison between the Vickers macrohardness of the aged 10 pct Ta-Co alloy and the microhardness of the 
structural constituents: @) the matrix hardened by general precipitation, and (+) the lamellar aggregate. 


the initial decrease in Vickers hardness is more in- 
dicative of the growth of the lamellar precipitate than 
of the overaging phenomena which take place at ap- 
preciably later stages of aging. For aging times in 
excess of 100 hr at 900°C, an additional factor in 
decreasing the macrohardness is the formation of 
the coarse Widmanst&tten structure and its eventual 
coalescence into globules, Fig. 3(/). 


PHASE IDENTIFIC ATION 


To identify the phases present as a result of pre- 
cipitation, Debye-Scherrer patterns were taken 
using cobalt Ka X-radiation. The X-ray data were 
obtained predominantly on samples of the 10 pct 
Ta-Co alloy and supplemented in certain instances 
with data for the 5 and 15 pct Ta alloys, Table III. 
In addition to these alloys, samples containing either 
about 35 pct Ta, slightly in excess of the eutectic 
composition, or 60 pct Ta, corresponding to the 
composition of the Co,Ta compound, were examined, 
Table IV. The ‘‘stick’’ diagrams of the X-ray dif- 
fraction pattern observed in these alloys are shown 
in Fig. 5, the height of the line specifying the rela- 
tive integrated intensity of that diffraction peak.* 

*Details on the identification of these compounds by X-ray diffrac- 


tion are given in a paper by R. D. Dragsdorf and W. D. Forgeng, sub- 
mitted to Acta Crystallographica. 


After aging the 10 pct Ta alloy for 1000 hr at 500° 
or 600°C, the only indication of the progressing 
aging reaction, clearly evident from hardness 
changes, is a broadening of the diffraction lines. In 
the more advanced stages of aging, 1000 hr at 700°C, 
two intermetallic phases have been detected by 
X-rays, both differing from the BCoz2Ta and yCo,Ta 
(Coz,2Ta,,,) Laves phases reported by Wallbaum” 
or Elliott .? The first intermetallic phase to appear 
in the aged alloys is a face-centered-cubic ordered 
structure in which the tantalum atoms are positioned 
at the cube corners, giving a composition of Co,Ta. 
The lattice parameter of this phase, designated 
aCo,Ta, is 3.647 + 0. 004A, about 2.7 pct larger than 
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that of the Co-10 pct Ta solid solution. This phase 
was present in samples aged for 1000 hr at 700°C, 
10 hr at 800°C, or 1/4 hr at 900°C and 1 hr at 950°C. 
Since the microstructure of the last two samples 
contains relatively small amounts of the lamellar 
constituent, it appears reasonable to assume that the 
aCo;Ta phase is rejected from the supersaturated 
solid solution in the form of a general precipitate. 
The ordered aCo,Ta phase is metastable, and on 
continued aging is replaced by another compound 
designated as BCo3;Ta. This compound, which has a 
hexagonal structure, persists for the longest aging 


Table Ill. Results of X-Ray Diffraction Analysis of Cobalt-Tantalum 
Alloys Containing 5, 10, 15 Pet Ta 


Aging Aging 


Alloy Type Temp.,°C Time, Hr Phases Present 


5 pet Ta As-cast or S.H.T.* BCo,**, «Co,* 
900 100 BCos, aCog 


10 pet Ta S.H.T. BCog 
1/4,1,10,100 BCo, 
BCog, «Co3Ta, 8 Co3Ta 
BCo,, «Co3Ta, 8 Co3Ta 
B Cog, BCo3Ta 
BCo,, «Co3Ta 
BCogs, BCo3Ta 
B Cos, aCo3Ta 
BCog, «Co3Ta, 8 Co3Ta 
BCo,, BCo3Ta 
BCog, «Co3Ta, 8 Co3Ta 
BCog, yCo2Ta 
BCos, yCozTa 
B Cog, yCogTa 
B Co, 


B Cos 

BCos, «Co3Ta 
B Cos, BCo3Ta 
B Cog, yCo2Ta 


*S.H.T. — Solution heat-treated 2 hr at 1250°C., W.Q. 


**B Cos — Solid solution of tantalum in B Co. 
*aCo, —Solid solution of tantalum in «Co. 
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times employed (1000 hr) at temperatures some- 
what below 1000°C and, therefore, appears to be 

the equilibrium phase. This observation is particu- 
larly interesting in view of the structural changes 
taking place most clearly at 900°C. At this tem- 
perature, a change in the morphology of the precipi- 
tated phase has been observed, consisting in gradual 
solution of the lamellar constituent and reprecipi- 
tation of the intermetallic compound according to the 
Widmanstatten arrangement. These structural trans- 
formations are not accompanied by a change in the 
nature of the precipitate. 

The range of stability of the 8Co;Ta is found to be 
limited to temperatures below 1000°C, as shown in 
Table III. Samples of a 10 pct Ta-Co alloy aged 
between 950° and 1050°C exhibited a change in the 
precipitated phase from fCo,Ta to yCo,Ta ata 
temperature between 975° and 1000°C. As pointed 
out earlier, this change in precipitated phase is 
accompanied by a change in morphology, Fig. 3(g-z). 

To determine more thoroughly conditions con- 
trolling the formation of BCo,;Ta and yCo2Ta, ad- 
ditional studies were conducted on the nominal 35 pct 
(actual 36.9 pct) Ta alloy, Table IV. The micro- 
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structure of this alloy in the as-cast condition is 
shown in Fig. 6(a). The structure consists of prim- 
ary crystals of yCo,Ta (white) and eutectic. 

The areas of yCo,Ta, which are white under or- 
dinary light, show a very weak optical anisotropy and 
appear uniformly dark under polarized light with 
crossed Nicols, Fig. 6(0). On prolonged heating at 
800° or 900°C, this compound transforms gradually, 
forming needles of a highly anisotropic modification, 
Fig. 6(c) identical with the 6Co,Ta phase observed 
previously. This transformation is accompanied by a 
decrease in microhardness (34-g load) from over 
1000 kg per sq mm to about 600 kg per sq mm. In 
addition, with progressing transformation of the 
yCozTa into BCo,Ta at 900°C, the volume of the 
cobalt solid solution (8) decreases from 43.6 to 
33.5 pet, as determined by lineal analysis.® At this 
temperature of aging (900°C), the microstructure 
of the 5 pct Ta alloy contained only small amounts of 
the second phase, suggesting the solubility of 
tantalum in cobalt to be about 4 pct. Assuming this 
value, the calculated composition of the BCo;Ta 
phase in the 36.9 pct Ta alloy is very close to that 
of the aCo,;Ta phase, 51.3 and 50.6 wt pct Ta re- 
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Table IV. Effect of Heat-Treatment on the Transformations in Cobalt-Tantalum Intermetallic Compounds 


Linear Analysis Microhardness* 


Heat-Treatment, Hr at Temperature, °C X-Ray Analysist 
CooTat+ of yConTa + 
Alloy Type 800 900 1000 1050 1100 1250 yCo2Ta BCo3Ta BCo Co3Ta BCo {Co3Ta Aggregate 
35 pet Ta None, as-cast 70 ~ 30 56.4 43.6 1070 
96 30 40 30 57.9 42.1 
166 59.4 40.6 780 
248 30 40 30 
90 30 30 40 57.9 42.1 740 
166 + 64 10 60 30 66.5 33.5 610 
166 + 64 + 16.5 20 40 40 61 39 645 
66 (100)** ~ 1010 
64 (100)** 
24 60 = 40 1030 
90 + 24 60 = 40 57 43 
166 + 64 + 16.5 + 24 60 - 40 1010 
90 + 3 (100)** 1010 
3 1030 
BCo2Ta aCoTa 
900 1100 1200 (MgCuz) (MgZn2) BCo 
60 pct Ta None, as-cast 90 10 
258 100 
66 80 20 


29 ++ 100 100 


*Kg per sq mm; 34-g load; Reichert microhardness tester. 
**X-ray analysis of extracted residue, after dissolving the cobalt-tantalum solid solution (8Co) in 10 pct HCl aqueous solution. 
tThe percentage composite is a visual estimate of the relative amounts of the various phases present. These should not be relied on too 
strongly. 


spectively. The reverse transformation, 8Co,Ta into KINETICS OF LAMELLAR PRECIPITATION 
yCo2Ta plus cobalt solid solution (8), takes place 


quite sluggishly at 1000°C, and it appears that the The course of growth of the lamellar precipitate 
temperature of this peritectoid reaction is only formed isothermally in the temperature range from 
slightly below 1000°C. 600° to 950°C was determined by means of lineal 
X-ray examination of the 60 pct Ta-cobalt alloy analysis.* The results for the 10 pct Ta-Co alloy for 
confirmed the existence of the cubic Laves-type time periods up to 1000 hr are summarized in 
phase, BCo,Ta (3-layer MgCu, type), Table III. This Table II. 
phase was obtained, however, only after prolonged The time dependence of the amount of lamellar 
heating at 1100°C. In the as-cast condition, or after structure formed at a constant temperature may be 
holding for over 250 hr at 900°C, the intermetallic expressed by the usual empirical relation: 
compound has the structure of the hexagonal 2-layer gare (—bt”) 1 
Laves phase of the MgZnz type (@Co2Ta), not pre- [1] 
viously reported for this cobalt-tantalum composi- 6 and n being constants which are related to the 
tion. mechanism of nucleation and growth.°~” This de- 


f 
> a> 


6(2) As-cast; primary crystals of 6(4) As-cast; in polarized light the 6(c) Aged 96 hr at 800°C. The forma- 


y Co,Ta compound (white) and eutectic. | yCo,Ta compound exhibits only slight tion of needles of BCo3Ta by the peri- 
X100. optical anisotropy. X2000. tectoid reaction between y Co,Ta and 


B cobalt solid solution is clearly visible 
in polarized light. X2000. 


Fig. 6—Microstructures of the 35 pct Ta-Co alloy. Reduced approximately 14 pct for reproduction. 
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Table V. Intermetallic Phases Identified in the Binary Cobalt-Tantalum System 


Nominal Description 


Molecules Calculated 


Type Pct Ta of Structure Cell Dimensions Per Cell Density G per Cc Reference 
aCosTa 50.6 Ordered fcc Gy = 3.647 + 0.004A 1 12.25 + 0.040 . 
BCo3Te 50.6 Hexagonal a = 9,411 + 0.0334 32 11.99 + 0.128 * 

=15.50 +0.057A 
c/a= 1.647 
yCo,Ta 52.7 Hexagonal a = 4,722 +0.01A 8 Wallbaum? 
(Coz 2Tao, s) four-layer e = 15.39 +0.01A 
Laves phase, c/a= 3.26 
MgNi2 type 
@ = 4.700 + 0.017A 12.36 + 0.149 * 
e = 15.42 +0.07 
c/a= 3,281 
BCo2Ta 60.5 Cubic, three- 6.733—6.714 + 8 Wallbaum? 
layer Laves 0.006A 
phase, MgCu2 type ° 
6.729 + 0.014A 13.18 + 0.082 
aCo,Ta 60.5 Hexagonal, a = 4.797 + 0,006A 4 12.73 + 0.048 . 
two-layer ¢ = 7,827 +0.010A 
Laves phase, c/a= 1,632 
MgZn2 type 


*Present investigations. 


pendence results in a linear relationship when the 
experimental data points are plotted as log ln 
1/(1—x) vs log t. Using such a plot, the values of n 
and b were derived. The vah 2 of the exponent 
at temperatures from 650° to 950°C was found to 
range from 0.9 to 1.0, Table VI. 

Cahn™ has shown that an exponent of unity may be 
expected for reactions in which nucleation occurs at 
the grain boundaries, and is virtually completed at 
the beginning of the reaction because of saturation of 
nucleation sites. The metallographic studies re- 
ported previously suggest that these conditions are 
satisfied, Fig. 3(@). Cahn’s analysis also shows that 
for this case, the constant 6 in Eq. [1] should be 
proportional to the linear rate of growth, G, of the 
interface bouhding the lamellar structure, as given 
by the relation: 


b = 2SG [2] 


where S, the grain boundary area per unit volume, is 
~ proportional to the grain diameter (S = 3.35 
d~). 

Zener*‘ and Turnbull’”*® have analyzed the depen- 
dence of the growth rate of lamellar structures and 
found it to be proportional to either volume diffusion 
(Zener) or grain (cell) boundary diffusion (Turnbull). 
Therefore, because of the linear relation between 
b and G, the slope of the plot of log 6 vs 1/T should 
yield the activation energy for the diffusion process 
involved. These data are shown in Fig. 7 and Table 
VI. From the slope of the curve of Fig. 7, the acti- 
vation energy is found to be 60,600 cal per mol. This 
value is close to the activation energy for self-dif- 
fusion of cobalt reported by Ruder and Birchenall’® 
as 61,900 + 3,500 cal per mol and by Nix and 
Jaumot, Jr." as 67,000 cal per mol. It is also close 
to the activation energy for bulk diffusion of chromi- 
um in cobalt, 63,000 cal per mol., determined by 
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Weeton.” The activation energy for grain boundary 
diffusion is approximately one-half of that for volume 
diffusion.” Therefore, the similarity between the ex- 
perimental value of the activation energy derived 
from lineal analysis and that for self-diffusion of 
cobalt and the diffusion of chromium in cobalt ap- 
pears to indicate that the rate-controlling process of 


TEMPERATURE , °C 
990 800 700 


é 


Q = 60,600 cal /mol 


-3 


0.8 0.9 


1.0 

Fig. 7—Plot of log 6 (Eq. [1]) vs 1/T obtained from lineal 


analysis of the growth of the lamellar precipitate in the 
10 pet Ta-Co alloy. 
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Table Vi. Comparison of the Calculated Diffusion Coefficient of Tantalum in Cobalt With the Experimentally Determined Coefficients of 
Diffusion of Chromium in Cobalt and Cobalt Self-Diffusion 


Temperature 
b G Dira-Co Dicr-c °) Co-Co) 

Cc K n Hr-l Gm Cm2 Sec Cm2 Sec! 17 Cm2Sec-! 15,16 
650 923 0.9 2.4+1074 1-10"10 7-10" 16 4-10°16 8-10717 
700 973 1.0 1.0-10°3 4.210710 3.4+10715 2.5+10715 5-10-16 
750 1023 1.0 9.6+10°3 4-10°9 10-14 1.3-10714 2.5+ 10715 
800 1073 1.0 2.2+10-2 9.1-10°9 9.5+10-14 5-10-14 1-10-14 
850 1123 0.9 7.5+10-2 3.1-10°8 3.7+10713 2-10713 4.5+ 10°14 

900 1173 0.9 1.1-107! 4.6-10°8 1. 1-10-12 8-10-13 1.5-10-13 


lamellar precipitation in this case is volume diffu- 
sion. 

Additional support for this conclusion may be ob- 
tained by comparing the values of the diffusion co- 
efficient derived directly from diffusion measure- 
ments with those calculated from the linear rate of 
growth of the interface bounding the lamellar struc- 
ture. The dependence of the linear rate of growth of 
the lamellar structure on volume diffusion given by 
Zener‘ is 


where X, and X, are the atom fractions of solute in 
the supersaturated and equilibrium solid solution, D 
is the volume diffusion coefficient of the solute, and 
l is the interlamellar spacing. The grain diameter 

and approximate atom fractions of solute for the 

10 pet Ta-Co alloy are d = 1X 10°* cm, X, * 0.035* 

*The value of X, is considered to be the same as the supersaturated 
alloy free of general precipitation. The metallographic studies appear 
to indicate that the general precipitate goes into solution ahead of the 
growing lamellae and reprecipitates on the lamellae, Fig. 3(c). 
and Xe © 0.013, respectively. The interlamellar 
spacing, / , determined from measurements on elec- 
tron photomicrographs was found to vary from ,2P- 
proximately 1.0 x 10° cm at 700°C, 1.3 x 10°° cm at 
800°C, to 3.0 x 107° cm at 900°C. Values of G and D 
obtained from Eqs. [2] and [3] for the above condi- 
tions are presented in Table VI. 

According to the assumptions made, the diffusion 
coefficient thus calculated corresponds to the dif- 
fusion of tantalum in cobalt. It is close to the diffu- 
sion of chromium in cobalt and slightly higher than 
the self-diffusion coefficient of cobalt, supporting the 
conclusion that the rate-controlling process of 
lamellar precipitation in cobalt-tantalum alloys is 
volume diffusion. This behavior is in contrast with 
that of lead-tin alloys in which the diffusion in the 
growing interface was found to be the rate-limiting 
step in the growth of the lamellar aggregate. © 


ELECTRICAL RESISTIVITY 


The structural changes accompanying aging of the 
10 pct Ta-Co alloy at 600° and 800°C are quite dif- 
ferent, as indicated by the hardness and metallo- 
graphic studies. The hardness changes occurring at 
600°C are associated principally with general pre- 
cipitation, while at 800°C, the lamellar precipitate 
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is predominant, Table II. To determine whether the 
observed difference in morphology of precipitation 
results in a change in the kinetics, the decomposi- 
tion of the 10 pct Ta-Co alloys was followed by 
electrical resistivity measurements. Solution- 
treated samples (about 1/4 in. in diam and 3 in. in 
length) were aged at 600° and 800°C for increasing 
increments of time. Electrical resistance was meas- 
ured at room temperature (25°C) with a precision 
Kelvin bridge. It was found that resistivity decreases 
continuously with time and tends to approach a limit- 
ing value typical of the equilibrium condition. The 
rate of resistivity change Ap/At, however, increases 
initially to a maximum value and then decreases 
gradually with aging time. 

To interpret the changes in resistivity, it is as- 
sumed that the difference between the initial re- 
sistivity (p,) and the equilibrium resistivity (p,) 
is proportional to the amount ¢ of solute (AX) re- 
jected from solid solution.*°-™ Since the approach 
to equilibrium may be extremely slow, a first ap- 
proximation of the equilibrium resistivity is used, 
Pr; which is defined as the resistivity obtained after 
some aging time (¢t) for which the rate of resistivity 
change (Ap /Af) drops below a certain arbitrarily 
selected value (e.g., about 0.1 pct of the maximum 
rate). The fraction of solute (X) precipitated from 
solid solution in time (¢) is then: 


[4] 
Xo Xf Po Pr 
where X; is the apparent concentration of solute 
remaining in solution at time ¢, and Xy is the final 
value of X;, not necessarily identical with the 
equilibrium value, X,. Similarly, p, is the re- 
sistivity measured after time ¢, and P, is the final 
resistivity as defined above. 

Values of the fraction of solute rejected (X), cal- 
culated from Eq. [4], do not result in sigmoidal 
curves when plotted against the logarithm of aging 
time which would be expected if the progress of 
precipitation is controlled by a single nucleation 
and growth process.” 

The data obtained from the resistivity measure- 
ments have been interpreted in terms of Eqs. [1] 
and [4] and plotted in Fig. 8. For both temperatures, 
600 and 800°C, the values of log In (1/1 —~x) fall on 
two straight lines of different slopes, about 1.8 and 
0.3, respectively. Since the slopes of these lines are 
equal to the exponent 7 in Eq. [1], these results are 
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Fig. 8—Dependence of log In 1/1—z) on log: (Eqs. [1] and 
[4]), obtained from electrical resistivity measurements 
on 10 pet Ta-Co alloy aged at 600° and 800°C. 


indicative of two different processes controlling the 
kinetics of the decomposition of the solid solution. 
The first process is very rapid and occurs for 
aging times less than 15 min at 600°C or less than 
1 min at 800°C, while the second process (n ~ 0.3) 
is much slower. 

The exact nature of the first stage of the pre- 
cipitation process (mn ~ 1.8), revealed by a rapid 
decrease in resistivity, is obscure. It may, how- 
ever, be related to local rearrangement of solute 
atoms typical of a preprecipitation stage. 


The kinetic law derived from the resistivity data 
for the second, slower reaction appears to have the 
same exponent, m = 0.3, whether the lamellar pre- 
cipitation is practically absent (600°C) or predomi- 
nant (800°C). This value of is similar to that re- 
ported by Roberts, Averbach, and Cohen™ for the 
first stage of tempering of steel, 7.e., the decompo- 
sition of high-carbon martensite into low-carbon 
martensite and a transition € carbide. Their model 
to explain the observed low values of (0.3) postu- 
lates that the growth of the € carbide and low-carbon 
martensite aggregate depends on the flux of carbon 
atoms through a carbon-impoverished zone. Since 
the diffusion distance for the carbon atoms, corre- 
sponding to the width of the depleted zone, is pro- 
portional to (Dt)’/*, (D—diffusion coefficient of car- 
bon, t—time), the exponent » becomes equal to 0.5 
which is believed to be in reasonable agreement 
with the experimental values of 0.3. However, 
Turnbull” has pointed out that a low value of n 
equal to 0.5 could also result if complete edgewise 
impingement of thin plates occurs during an early 
stage of precipitation. 

It should be noted that the kinetic processes fol- 
lowed by electrical resistivity measurements or by 
lineal analysis are not comparable as indicated by 
the different value of the exponent » equal 0.3 or 
1.0, respectively. Electrical resistivity measure- 
ments are assumed to reflect the change in the de- 
gree of supersaturation of the cobalt-tantalum solid 
solution. The lineal analysis measurements, how- 
ever, provide data on the growth of the lamellar 
aggregate which takes place practically without com- 
positional change. 
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SUMMARY 


1) Based on the results of metallographic and 
X-ray studies of 5 to 60 pct Ta-Co alloys, the 
phase diagram, Fig. 2, has been modified to include: 
a) A peritectoid reaction at about 990°C yield- 
ing a new hexagonal intermediate phase, BCo,Ta 
b) An allotropic modification of the stoichio- 
metric compound Co,Ta from the cubic MgCu,- 
type to the hexagonal MgZn,-type Laves phase 

c) A lower limit of solid solubility of tantalum 
in cobalt 

2) Below the peritectoid temperature, the decom- 
position of supersaturated solid solution takes place 
by two, often concurrent, modes: a) general precip- 
itation and b) lamellar precipitation. In the early 
stages of the general precipitation, a metastable, 
ordered face-centered-cubic phase (a@Co,Ta) has 
been identified. With progressing aging time, this 
phase transforms into stable BCo;Ta, having a 
definite crystallographic relationship with the 
matrix. The lamellar arrangement of the con- 
stituents is not stable and dissolves on prolonged 
aging to be replaced first by the reprecipitation of 
BCo,;Ta in a Widmanstatten pattern, and then by 
coalescence of the same compound into globules. 
Above the peritectoid temperature, only a general 
precipitation of yCo,Ta is observed. 

3) After a short initial aging period, the ex- 
ponent m in the equation describing the kinetics of 
precipitation, derived from changes in electrical 
resistivity, was found to be equal to about 0.3 for 
both the general or lamellar mode of precipitation. 

4) Evaluation of the kinetics of lamellar precipi- 
tation from the lineal analysis data indicates that 
volume and not interface diffusion of tantalum in 
cobalt is the rate-controlling process in the growth 
of the lamellar aggregate. 
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~Grain Growth in Silicon Iron 


Isothermal salt bath annealing of 0.014-in. thick 3 pct Si-Fe 
sheet was conducted at temperatures ranging from 927° to 1260°C 
in order to investigate the grain-growth behavior. Within the tem- 
perature range studied normal grain growth did not take place; in- 
stead nucleated grain growth prevailed. The nucleation frequency 
was found to increase with the annealing temperature, with cor- 
responding decrease in grain diameter of ultimate secondaries 
after long-time annealing. Large secondaries grown by low- 
temperature isothermal annealing are essentially of (110)[001] 
orientation, and the (110)[001] texture is strong. The relatively 
small secondaries grown by high-temperature isothermal anneal- 
ing also have orientations near (110)[001] as an average but widely 
scattered; thus the amount of (110)[001] texture is found to de- 
crease with isothermal annealing temperature. Grain growth and 


texture development at various annealing temperatures can be 
described by families of sigmoidal curves with the time axis. 


Tue cube-on-edge (110)[001] texture and predom- 
inating large secondaries in fully annealed 3 pct 
Si-Fe are customarily produced by a 1100°C an- 
nealing of a primary recrystallized sheet. On 
annealing the primary recrystallized sheet above 
the temperature at which secondary recrystalliza- 
tion starts May and Turnbull’ have demonstrated 
that secondary grains decrease in size as the tem- 
perature is increased. The phenomenon was at- 
tributed to a decrease in the (G/N) ratio where G 
is the growth rate of secondary grains and N is 
their nucleation frequency. In addition, the growth 
of grains in orientations rather far from (110) [001] 
occurred. The present investigation is devoted to 
detailed rate studies of the same phenomenon. Mi- 
crostructure, magnetic anisotropy, and texture data 
were obtained on strips of 3 pct Si- Fe isothermally 
annealed for various lengths of time in a BaCl, salt 
bath at temperatures ranging from 927° to 1260°C. 
The texture results are reported elsewhere.” 


EXPERIMENTAL PROCEDURE 


Commercial 0.014-in. cold-rolled silicon-iron 
strip (3.16 pct Si), prepared by two stages of cold 
rolling with an intermediate short anneal, was given 


P. K. Koh 


graphic studies indicated complete recrystallization. 
In order to provide a protective atmosphere and to 
obtain a rapid rise to an elevated temperature, a 
BaCl, and NaCl fused salt bath was used to heat 
samples isothermally at temperatures from 927° 

to 1260°C for various lengths of time. 

Torque magnetometer measurements were made 
on 1-in.-diam disc specimens before and after an- 
nealing, since magnetic torque curves supply in- 
formation on textures and texture changes. 

Surface layers of the strip samples were polished 
and etched to reveal the grain structure. The di- 
ameters of grains were measured from micrographs 
at X100. The average value of diameters of matrix 
grains was established. Individual grains in the 
micrograph were cut out separately along grain 


boundaries. These grains were classified either as 


matrix grains or growth grains. The percent weight 


of growth grains in the cut-out patterns was reported 
as percent growth. 


Many of the individual grains in the annealed sam- 


ples were large enough to be X-rayed with a 5-mil 
beam for Lauegrams. 


Complete {110} pole figures were obtained for the 


primary recrystallized structure and short-time 


annealed structure with CoK, radiation at 30 kv in 


a decarburizing 3-min anneal at 800°C. Metallo- the back-reflection range, such as {220} for {110} 
P. K. KOH, Member AIME, is associated with Research and Develop» poles, as described recently by Newkirk and Bruce.* 
ment Laboratories, Allegheny Ludlum Steel Corp., Brackenridge, Pa. Both the X-ray optics and the technique for pole fig- 
5, 1999. ure differed slightly from those adapted previously .* 
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Fig. 1—Primary 
recrystallized 
grain structure. 
Nital etch. X25. 
Reduced approxi- 
mately 49 pct for 
reproduction. 


The X-ray results are described elsewhere.” 


EXPERIMENTAL RESULTS 


Grain Growth and Low- and High-Frequency 
Nucleation—The primary recrystallized 0.014-in. 
thick sheet used as the starting stock for the pres- 
ent grain-growth study had small equiaxed individual 
grains averaging around 0.01 mm in diam as shown 
in Fig. 1. 

Fig. 2 shows that only a few nuclei grew at 982°C 
to very large sizes at the expense of small matrix 
grains. 

The {100} stereogram of 30 secondaries in a sam- 
ple annealed for 1000 sec at 982°C, Fig. 3, shows 
that the (110) [001]-type orientation is favorable for 
selective growth at that temperature. 

At higher temperature the number of growth 
nuclei per unit volume increased, and as a conse- 
quence the maximum dimensions of secondaries de- 
creased accordingly. At 1260°C (2300°F), for ex- 
ample, after 10 sec, Fig. 4, the growth nuclei were 
barely discernible. These nuclei became distinct 
after 14 sec, Fig. 5. The ratio of the diameter of 
growth nuclei to the diameter of matrix grain de- 
creased as grains of both kinds gained in their over- 


Fig. 3—{ 100} stereogram of 30 secondaries in a sample 
1000 sec at 982°C. 
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Fig. 2—10,000 sec at 982°C. Nital etch. X10. Enlarged 
approximately 7 pct for reproduction. 


all dimensions, Fig. 6, after 50 sec. At the com- 
pletion of the secondary growth after 1000 sec, 

Fig. 7, the secondaries reached their ultimate sizes 
and became stabilized with respect to the neighbors. 
The difference between dimensions of stabilized 
secondaries was less than the difference between 
growing secondaries and matrix grains, Figs. 7 vs 5. 

It is evident from the {100} stereograms of 1260°C 
annealed secondaries after 12 sec, Fig. 8, and after 
1000 sec, Fig. 9, that the growth nuclei developed at 
higher temperatures while having orientations near 
(110)[001] as an average, were much more widely 
scattered from the (110)[001]-type nuclei developed 
at 982°C, Fig. 3. 

Magnetic Torque— Fig. 10 shows the superimposed 
magnetic torque curves of discs after primary re- 
crystallization; after 100, 500, and 10,000 sec at 
982°C; and of a (110)[001] single crystal. 

Fig. 11 shows the magnetic torque curves of a 
series of discs annealed for 5, 10, 16, 20, 30, 50, 
100, 1000, and 5000 sec at 1260°C. 

Fig. 12 shows a plot of amplitude of magnetic 
torque after long anneals at various temperatures 
ranging from 927° to 1260°C. 


DISCUSSION OF RESULTS 


When a 3 pct 0.014-in. thick Si steel sheet is an- 
nealed at 800°C, primary recrystallization occurs 
and a fairly stable equiaxed fine-grained matrix of 
about 0.01-mm diam grain size results, Fig. 1. The 
primary recrystallization texture developed in such 
a manner is of multicomponents, preferred oriented, 
but weak. Detert® concurred that no evidence exists 
for a clearly defined (110)[001] component in good 
sheet of 3 pct Si- Fe recrystallized at temperatures 
as high as 850°C. The primary recrystallized tex- 
ture of samples for the present investigation as re- 
ported elsewhere’ can be described as consisting of 
four (112)[681]-type components and two (111)[112]- 
type components, but no pole concentrations for a 
(110)[001] component. Therefore, the material at 
this stage does not have the strong (110)[001] orien- 
tation which accounts, by magnetic anisotropy tests, 
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Fig. 4—10 sec at 1260°C, Nital etch. 
X25. Reduced approximately 35 pct 
for reproduction. 


for 90 pct of the texture in a fully annealed com- 
mercial sheet. Figs. 10 and 11 show that the mag- 
netic torque curve of the primary recrystallized 
sample differs from that of a (110)[001] single crys- 
tal, and besides, its torque amplitude is roughly only 
one-fifth of that of the (110)[001] single crystal. 

As the temperature is raised gradually to the final 
annealing temperature of 1100°C, relatively large 
grains appear amidst the more numerous and fine 
matrix grains, and they grow at the expense of the 
small matrix grains, until these large secondaries, 
which are essentially of the (110)[001] orientation, 
attain sizes many times the sheet thickness, and 
completely dominate the grain structure. 

Fig. 13 describes the rate of total change from 
small to large grains on isothermal annealing at 
temperatures varying from 927° to 1260°C. The 
incubation period decreases as the annealing tem- 
perature is raised. For relatively short annealing 
time the pct of small grains grown into large grains 
increases with the annealing temperature. The ul- 
timate grain size of secondaries also decreases 
more or less asymptotically with the annealing tem- 
perature within the temperature range investigated. 

Fig. 14 describes, on the basis of a change in tex- 
ture causing a change in magnetic torque, the value 
of ‘‘fraction recrystallized’’ as a function of anneal- 
ing time at temperatures from 927° to 1260°C, 
where 


Fraction Recrystallized = 


Fig. 7—1000 sec 
' at 1260°C, Nital 
etch, X25, Re- 
duced approxi- 
mately 35 pct for 
reproduction, 


i+ 
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Fig. 5—14 sec at 1260°C, Nital etch. 
X25. Reduced approximately 35 pct 
for reproduction. 


Fig. 6—50 sec at 1260°C, Nital etch. 
X25. Reduced approximately 35 pct 
for reproduction. 


In this equation T; is the maximum magnetic torque 
developed at the annealing temperature after the 
longest heating time when the magnetic torque ap- 
proaches the limiting value asymptotically; T, is 
the average value of magnetic torque from several 
primary recrystallized samples; and T is the nu- 
merical magnetic torque taken as the peak torque 
in dynes-cm per cm®* from the magnetometer re- 
cording of a sample after a certain time in the salt 
bath held at a definite temperature. These plots of 
fraction recrystallized, Fig. 14, closely resemble 
Fig. 13, representing percent change from small to 
large grains. So the use of torque data, Fig. 12, 
seems justified on the basis of convenience. Both 
kinds of curves show that the fraction recrystallized 
at any one temperature increases rapidly after an 
incubation period, and then approaches a limiting 
value asymptotically with increasing lengths of time 
in the salt bath. 

Confirming the microstructure shown in Fig. 2 


Fig. 8—{ 100} stereogram of 50 secondaries in a sample 
12 sec at 1260°C. 
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Fig. 9—{ 100} stereogram of 100 secondaries in a sample 
1000 sec at 1260°C. 


and the {100} stereogram of secondaries shown in 
Fig. 3, the magnetic torque developed after 10,000 
sec at 982°C, as shown in Fig. 10, has an amplitude 
of approximately 80 pct of that of single crystal, and 
also the shape of the curve is similar to that of the 
(110)[001] single crystal. 

To obtain complete secondary recrystallization, 
the primary matrix grains must be stabilized so 
that they remain small relative to the secondaries 
which eventually consume them. May and Turnbull’ 
demonstrated convincingly the inhibition of normal 
growth of the primary matrix grains by the exist- 
ence of second phase inclusions or impurity in- 
hibition. Dunn’® has discussed in detail the inhi- 
bition of normal growth of primary matrix grains 
by preferred primary recrystallization textures. 

Dunn’ has stated that the orientation dependence 
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Fig. 11—Magnetic torque vs annealing time at 1260°C. 
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Fig. 10—Magnetic torque vs annealing time at 982°C. 


of the rate of secondary grain growth is not strong 
enough in commercial silicon iron to account for 
the secondary recrystallization texture. He, there- 
fore, proposed an oriented nucleation-growth se- 
lectivity theory® to account for the sharp secondary 
texture. According to his theory, secondary re- 
crystallization nuclei are large primary grains of 

a very weak component in the primary recrystallized 
matrix. If this is true, there would be large primary 
grains in the (110)[001] orientation, and these would 
grow at the expense of other primary grains largely 
in other orientations. 

The above theory of secondary grain growth, while 
it accounts well for the strong (110)[001] texture in 
the commercial 1100°C annealed 3 pct Si-Fe strip 
and the grain-growth behavior of samples in the 
present investigation during 982°C annealing, cannot 
be used to explain the grain growth phenomena of 
silicon iron on rapid heating at high annealing tem- 
peratures. May and Turnbull’ found that annealing 
near 1200°C produces a smaller grain size than 
annealing at about 950°C and that a much weaker 
(110)[001] texture results. They attributed this be- 
havior to a decrease in the G/N ratio caused by im- 
purities dissolving at a sufficient rate to allow either 
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Fig. 12—Amplitude of magnetic torque vs annealing time 
at 927° to 1260°C. 
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Fig. 13—Pct grain growth vs annealing time at 927° to 
1260°C. 


normal grain growth to occur in the untransformed 
regions or discontinuous growth of other than (110) 
[001] oriented grains. Detert® stated that very rapid 
heating of 3 pct Si- Fe at temperatures higher than 
900° to 950°C prevents the secondary grain growth; 
instead a grain growth behavior similar to normal 
grain growth takes place. 

Figs. 7, 11, 12, and 14 strongly suggest that nor- 
mal grain growth did not take place on 1260°C iso- 
thermal heating in salt bath. Within the annealing 
temperature range of 927° to 1260°C nucleated grain 
growth takes place. The G/N ratio decreases with 
the increasing isothermal annealing temperature, 
with corresponding decreases in incubation pe- 
riod, and in ultimate grain size of secondaries after 
long-time annealing. The above evidence does not 
bear out the observation of Detert® on normal grain 
growth under similar conditions. 

Figs. 8, 9, 11, 12, and 14 show that the second- 
aries formed by high-temperature isothermal an- 
nealing have orientations deviating widely from 
(110)[001]. It seems that at high temperature, in 
contrast with low-temperature isothermal annealing, 
the growth inhibition for grains other than (110)[001] 
orientation becomes less effective. For example, in 
Fig. 11 only approximately 50 pct (110)[001] texture 
was attained after 5,000 sec at temperature. The 
magnetic torques developed after various short-time 
1260°C annealing also show a distinctly different 
shape compared with that of the (110)[001] single 
crystal. 

Except for the decrease in torque with tempera- 
ture of annealing Fig. 13 is similar to Fig. 12. On 
raising the annealing temperature the incubation 
period decreases. The maximum magnetic torque 
attained at lower temperatures is higher than its 
equivalent at higher temperatures because the sec- 
ondaries developed at lower annealing temperatures 
are closer to the (110)[001] orientation than those 
developed at higher annealing temperatures. 

Decker and Harker ® derived activation energy 
values on a set of sigmoidal curves similar to 
Figs. 12 and 13 according to the following equations: 
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Fig. 14—Fraction of sample recrystallized vs annealing 

time at 927° to 1260°C. 


where Q = activation energy 
R = gas constant 
T = degrees in Kelvin 
A and A’ = constants 
T = time for a given amount of recrystalliza- 
tion to take place at T 
then 


d(1/T) _R 
d 


When In (time in seconds for 50 pct change in 
amplitude of magnetic torque) was plotted against 
1/T°K from data in Fig. 12, a value of 10 kcal per 
mol for activation energy with 95 pct confidence 
was deduced. Similarly, for Fig. 13, a value of 
15 kcal per mol for activation energy with less than 
90 pct confidence was deduced. However, because 
of the orientation difference in individual grains of 
secondaries as well as in matrix, the physical 
meaning of the above activation energies cannot 
be too certain. 


SUMMARY AND CONCLUSIONS 


1) Isothermal salt-bath annealing of 0.014-in. 
thick 3 pct Si- Fe sheet was conducted at tempera- 
tures ranging from 927° to 1260°C in order to in- 
vestigate the grain-growth behavior. Within the 
temperature range studied normal grain growth 
did not take place; instead nucleated grain growth 
prevailed. With increasing isothermal annealing 
temperature the incubation period decreases, as 
well as ultimate grain diameter of secondaries 
after long-time annealing. 

2) Large secondaries grown by low-temperature 
isothermal annealing are essentially of (110)[001] 
orientation. 

3) Relatively small secondaries grown by high- 
temperature isothermal annealing also have ori- 
entations near (110)[001] as an average, but widely 
scattered. Thus the amount of (110)[001] texture 
is found to decrease with increase in isothermal 
annealing temperature. 

4) The rate of change of small to large grains 
and the rate of change of amplitude of magnetic 
torque vs annealing time at various isothermal an- 
nealing temperatures can be described by families 
of sigmoidal curves with the time axis. 
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Discontinous Crack Growth 


The kinetics of crack propagation in a hydrogenated high- 


REFERENCES 


4J. E. May and D. Turnbull: Report No. 57-RL-1845, General Electric Re- 
search Laboratory, December, 1957. 

oo a Koh and C. G. Dunn: A Texture Study in Silicon Iron, submitted to 
the AIME. 

5}. B. Newkirk and L. Bruce: J. fags. Phys., 1958, vol. 29, p. 151. 

‘C. G. Dunn and P. K. Koh: AIME Trans., 1958, vol. 212, p. 80. 

5K. Detert: Metall, 1958, vol. 12, p. 817. 

6C. G. Dunn: Acta Met., 1954, vol. 2, p. 173. 

™. G. Dunn: Cold ss Metals, Cleveland ASM, 113, 1949. 

*B. F. Decker and D. Harker: AJME Trans., 1950, vol. 188, p. 887. 


in Hydrogenated Steel 


strength steel at subzero temperatures indicated that cracking 
progressed in a discontinuous fashion. The delayed failure 
process thus involves a series of crack initiations rather than 
the continuous growth of a single crack. The incubation time 
required for the initiation of delayed failure was controlled by 


the diffusion of hydrogen. The activation energy for the process 
was 9120 cal per g-atom. As the test temperature was lowered 
the incubation time constituted a greater percentage of the total 
time to fracture, and at —50°F the incubation and fracture times 
were essentially coincident resulting in instantaneous, cata- 


strophic fracture. 


A unique feature of hydrogen embrittlement is the 
delayed failure process in which the material fails 
under the action of a sustained load even though it is 
capable of supporting a higher load for a finite pe- 
riod of time.’ Delayed failure of steel and titanium 
is characterized by an incubation time, preceding 
the initiation of a crack in a highly localized region, 
and the subsequent growth of the crack to ultimate 
failure.*-® The kinetics of crack growth in hydro- 
genated high-strength steels have been studied 
through the use of resistance measurements and 
have an important bearing on the mechanism of 
delayed failure. 

Delayed failure is believed to be merely a facet 
of hydrogen embrittlement in which sufficient time 
is allowed during a test for hydrogen diffusion. The 
current theories employed to explain hydrogen em- 
brittlement can be grouped into two types. One®® 
explains the embrittlement on the basis of the pres- 
sure exerted by molecular hydrogen in lattice voids 
or defects while the other®*” attributes the em- 
brittlement to the influence of hydrogen in the 
lattice. 

The mechanism used to explain the nature of the 
crack kinetics in delayed failure is based on the 
stress-induced diffusion of hydrogen to the area of 
maximum triaxiality.* When the hydrogen concen- 
tration in this region reaches a critical value, a 
crack is nucleated. This initial crack propagates 
instantaneously until stopped by the higher fracture 
stress of the adjacent material of lower hydrogen 


E. A. STEIGERWALD, Junior Member AIME, and F. W. SCHALLER 
are research assistants, and A. R. TROIANO, Member AIME, is Pro- 
fessor and Head, Department of Metallurgical Engineering, Case Insti- 
tute of Technology, Cleveland, Ohio. 

Manuscript submitted January 23, 1959. IMD 


1048-VOL UME 215, DECEMBER 1959 


E. A. Steigerwald 
F. W. Schaller 


A. R. Troiano 


content. The continuation of cracking must then 
await the further diffusion of hydrogen to the new 
region of triaxiality near the base of the crack 
where another initiation will occur. From this 
mechanism it follows that crack propagation is 
nothing more or less than a series of initiations 
with limited fracture. 

The purpose of this investigation was to examine 
the kinetics of crack growth in an effort to deter- 
mine whether or not the process was discontinuous. 
Studies of crack propagation were conducted at low 
temperatures to retard the diffusion of hydrogen 
which is presumed to be the rate controlling proc- 
ess in delayed failure. 


MATERIALS AND PROCEDURE 


Specimen Preparation—A commercial heat of air- 
craft quality SAE-AISI 4340 steel, designated as 
Heat G, was furnished by the Republic Steel Co. in 
the form of 7%s-in. hot-rolled bars. The material 
had the following chemical analysis: 


Composition of 4340 Steel—G Heat 
© Mn Si Ni Cr Mo 


0.395pct 0.82pct 0.29pct 1.76pct 0.85pct 0.25pct 


Notched tensile specimens with less than a 0.001 in. 
radius, Fig. 1, were used throughout the inves- 
tigation. The specimens were heat treated to a 
230,000 psi strength level according to the following 
sequence: 

a) Normalize bar stock at 1650°F for 1 hr, 

b) Stress relieve at 1200°F for 4 hr and furnace 
cool, 
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Fig. 1—Specimen type used in this investigation. 


c) Rough machine specimen blanks (no notch) 
0.030 in. oversize, 

d) Austenitize blanks at 1550°F for 45 minina 
neutral salt bath and oil quench, 

e) Temper 1 hr at 750°F in an air furnace and 
water quench and 

f) Finish machine. 

Hydrogen Charging—The charging conditions re- 
mained constant throughout the investigation. The 
notched specimens were degreased in carbon 
tetrachloride and then cathodically charged for 
5 min in a 4 pet sulfuric acid solution at a current 
density of 0.02 amp per sq in. Immediately after 
charging the specimens were rinsed with water and 
cadmium plated in a sodium cyanide-cadmium oxide 
bath’? for 15 min with a current density of 20 amp 
per sq ft. 

The hydrogen which is concentrated on the sur- 
face layers of the specimen after charging was 
homogenized by baking at 300°F in an air furnace 
for 3hr. Previous work® has shown that this treat- 
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Fig. 3—Static fatigue curves for hydrogenated high-strength 
steel specimens tested at —25° and —50°F. 
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Fig. 2—Static fatigue curves for hydrogenated high-strength 
steel specimens tested at 80° and 0°F. 


ment produces a hydrogen concentration which 
is uniform throughout the cross section of the 
specimen. 

Testing Methods—Static fatigue and tensile tests 
were performed with concentrically aligned fix- 
tures which insured an eccentricity in uniaxial load- 
ing of less than 0.001 in. The tensile tests were 
conducted at a constant cross-head speed of 0.05 in. 
per min. The static fatigue tests were performed 
on a constant load, lever-arm, stress-rupture 
machine. The refrigeration system used for the 
low-temperature tests as well as the resistance 
apparatus employed for the study of the crack ki- 
netics have been previously described.* Tests 
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Fig. 4—Static fatigue curves for hydrogenated high-strength 
steel specimens tested at —95°F. 
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18 20 22 24 


conducted at 180°F indicated that the incubation 
time was less than 30 sec, however complete de- 
layed failure and crack growth curves were not 
determined at this temperature. 


RESULTS AND DISCUSSION 


Static Fatigue Curves—The results of delayed 
failure tests at 80°, 0°, —25°, —50°, and -—95°F are 
presented in Figs. 2 to 4. The room-temperature 
behavior of the hydrogenated steel was comparable 
to previously reported data.* The material ex- 
hibited the characteristic upper and lower critical 
stresses as well as the intermediate range of de- 
layed failure. The incubation time appeared to be 
insensitive to the magnitude of the applied stress. 

The same general trend was found at lower tem- 
peratures, however the upper and lower critical 
stresses were displaced to slightly lower values 
and both incubation and fracture times were pro- 
longed. The insensitivity of the incubation time to 
applied stress was also apparent. At —50° and 
— 95°F the incubation time was coincident with the 
fracture time, that is, once a crack was initiated, 
it immediately propagated through the specimen. 
At —50°F with applied stresses less than 140,000 
psi, a very small difference between incubation and 
fracture time was observed in a few cases, indi- 
cating that the stress was not quite sufficient to 
cause immediate failure after the initial incubation. 

Discontinuous Crack Growth—The basic nature of 
the crack growth at room temperature is shown in 
Fig. 5. The curve exhibits three stages of growth 
consisting of an incubation period, where the re- 
sistance remains constant, a period of crack growth 
where the resistance increases with time, and ulti- 
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mate failure of the specimen. These results at 
room temperature show no indication of discontinu- 
ous growth. However, the resistance data obtained 


at O°F, Fig. 6, and —25°F, Fig. 7, do support this 
hypothesis. It is apparent from the abrupt resist- 
ance increases that the crack propagates in a dis- 
continuous manner. After each stage of instantane- 
ous growth a plateau of constant resistance is 
present. This implies that further propagation must 
await hydrogen diffusion and the initiation of another 
crack at the new area of maximum triaxiality. The 
plateaus of constant resistance are then the ‘‘sec- 
ondary”’ incubation periods. At —50°F, Fig. 8, the 
fracture time is coincident with the incubation time 
and the ultimate in discontinuous growth has been 
attained, that is, the first crack which is initiated, 
propagates instantaneously through the specimen. 
The absence of discontinuous growth at room tem- 
perature is probably associated with two factors: 
a) very short ‘‘secondary”’ incubation periods and 
b) smaller resistance increases associated with 
individual initiations. The smaller resistance in- 


~ creases would be caused by a smaller ‘‘instantane- 


ous’”’ crack propagation associated with an initia- 
tion. The secondary incubation periods (plateaus) 
and the distance of instantaneous growth (vertical 
discontinuities) decrease with increasing tempera- 
ture as indicated in Figs. 6 to 8. This implies that 
at room temperature the individual incubations are 
very small resulting in a growth curve which ap- 
pears continuous. ; 

Incubation Period—Cottrell and Bilby’® in their 
analysis of the stress-induced diffusion of carbon 
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and nitrogen to dislocations employ the relation: 
D 
v= [1] 


where v = steady drift velocity of the interstitial, 

F = attracting force (negative of the gradient 

strain energy field), 

D = diffusion coefficient, 

K = Boltzmann constant and 

T = absolute temperature. 
The diffusion coefficient is dependent upon tempera- 
ture according to the following relation: 


D=Doe [ 2] 


with Q being the activation energy, R the gas con- 
stant, and D, a material constant. 

Since the delayed failure of high-strength steel 
is believed to be controlled by the interaction of 
interstitial hydrogen with the stress field of the 
notch, Eq. [1] should apply. If the local initiation 
of a crack at a given applied stress is only depend- 
ent on the diffusion of hydrogen then the influence 
of temperature on the incubation time should be 
predictable on the basis of the above equations. The 
logarithm of the ratio of the incubation time to the 
absolute temperature should vary linearly with the 
reciprocal of the absolute temperature. The results 
shown in Fig. 9 indicate that such a relationship 
does exist. The activation energy of 9120 cal per 
g-atom is in excellent agreement with previously 
reported values for hydrogen embrittlement’® and 
in good agreement with reported values for the dif- 
fusion of hydrogen in iron for the particular tem- 
perature range employed.**’*® * 

*The activation energy for hydrogen diffusion in iron exibits two 
values which have been attributed to variations in the diffusion mech- 
anism. '*!® At high temperatures the activation energy is approximately 
3000 cal per g-atom © while in the room-temperature range values from 
6000 to 9200 have been reported. '**© 
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The incubation period is therefore principally de- 
pendent on the diffusion of hydrogen. The retarda- 
tion of the incubation time which occurs at lower 
temperatures is due to the slower diffusion of hy- 
drogen and the basic relationship between hydrogen 
and stress necessary to initiate a crack was not ap- 
preciably altered over the temperature range 
examined. 
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Fig. 9—Ratio of incubation time to absolute temperature 
as a function of reciprocal absolute temperature for an 
applied stress of 150,000 psi. 
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The data in Figs. 2 to 4 indicate that as the tem- 
perature is lowered the time required to initiate a 
crack occupies a greater percentage of the total 
failure time. The ultimate is attained at — 50°F 
where the two values are coincident. These results 
indicate that an Arrhenius plot of time to fracture 

as a function of inverse absolute temperature would 
not be linear since the actual fracture time is de- 
pendent not only on the diffusion of hydrogen but also 
on other factors, such as temperature, which govern 
the magnitude of the individual crack propagations. 


CONCLUSIONS 


The incubation time and the crack-growth kinetics 
leading to delayed failure were investigated as a 
function of temperature in a high-strength steel with 
an initially uniform hydrogen concentration. 

The nature of the resistance changes accompany- 
ing delayed failure at temperatures below ambient 
indicate that the propagation of the crack occurs in 
a discontinuous manner. 

As the test temperature was lowered, the incuba- 
tion time occupied a greater percentage of the total 
time to fracture and at — 50°F the incubation and 
fracture times were essentially coincident. The 
time to fracture is therefore controlled by the tend- 
ency of the hydrogen to initiate a crack and the 
ability of the material to arrest the crack. Once 
the crack is stopped a new crack must be initiated. 

Both the time required to initiate a crack and the 
fracture time were prolonged as the test tempera- 
ture was decreased. The logarithm of the incuba- 
tion time-absolute temperature ratio exhibited a 
linear relationship as a function of reciprocal 
absolute temperature. The activation energy de- 
termined for the incubation time was in agreement 
with the published values for the diffusion of hy- 


the purpose of determining whether chromium in sufficient 
amounts would cause the cementite phase in cast irons to be- 
come thermodynamically stable with respect to graphite and 
austenite at 1750°F. The implications of the results to some 
current theories on graphitization mechanisms are discussed. 


The literature abounds with evidence that chro- 
mium retards the decomposition of cementite to 
graphite and austenite or ferrite, for example dur- 
ing first-stage and second-stage graphitization in 
malleabilizing white cast irons and the subcritical 
graphitization of steels. Efforts to explain this 
retarding action of chromium have been conjectural, 
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The Effect of Chromium on the Stability of Cementite 


A simple diffusion-couple experiment was carried out for 


drogen in iron. This result indicates that the incu- 
bation time is principally controlled by the stress- 
induced diffusion of hydrogen. 
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however, because the mechanisms controlling graph- 
itization kinetics in the absence of chromium have 
never been clearly established. Concerning rate 
control, there are basically two schools of thought: 
1) that graphitization rates are limited by diffusion 
potential (the stability of cementite relative to 
graphite),’~* and 2) that graphitization rates are 
limited by diffusivity of Fe, C, Si, vacancies, and 

so forth.*-*° Chromium then, is thought either to 
increase the stability of cementite or to retard 

some critical diffusion process. 
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Table |. Chemical Composition of Cast Irons 


Ce, Ce 
Heat No. c Si Mn s P Average Cementite* 
L-36-A 2.20 0.89 0.13 0.03 0.006 0.06 - 
L-48-A 2.10 1.00 0.14 0.02 - 0.60 2.3 
L-48-D 2.10 0.90 0.14 0.02 - 4.70 16.6 


*Values obtained on specimens quenched after 15 min at 1650°F. 


This paper is an account of some experiments 
undertaken to test a logical extension of the cemen- 
tite stability theory: that sufficient amounts of 
chromium might make the cementite in cast irons 
and steels thermodynamically stable. The possible 
significance of the results of the experiments to 
some related areas is also considered. 


EXPERIMENTAL APPROACH 


The concept of stable cementite (with respect to 
graphite and austenite) in chromium-bearing cast 
irons requires that any graphite initially present in 
such cast irons should tend to dissolve and form 
more cementite, i.e., that the reverse of the ordi- 
nary first-stage graphitization reaction* should 

*The term first-stage graphitization is used to indicate the reaction 
cementite + graphite + austenite which occurs during the malleabiliza- 
tion of white cast iron. 
occur. It follows that in a diffusion couple consist- 
ing of a fully graphitized cast iron and a high- 
chromium cast iron containing stable cementite, 
the free graphite should tend to dissolve, diffuse 
across the junction, and form additional cementite 
in the high-chromium cast iron. The direction of 
diffusion of carbon between a low-chromium cast 
iron containing graphite and high-chromium cast 
iron containing cementite would serve as a test for 
thermodynamic stability, and accordingly this cri- 
terion was used as a basis for design of the ex- 
periment. 


MATERIALS 


Cast irons were selected for the construction of 
diffusion couples having essentially identical base 
compositions but containing three levels of chro- 
mium, in the highest of which the chromium in the 
cementite approached the solubility limit (15 to 20 
pet). The cast irons were chosen from among a 
series prepared for another investigation wherein 
the partitioning of chromium between cementite and 
austenite during graphitization at 1650°F was de- 
termined.’ Details of the melting procedure and 
carbide extraction technique are given in Ref. 11. 

Table I gives the compositions of the cast irons 
and also the chromium content of the cementite ex- 
tracted from the two chromium bearing cast irons. 
X-ray powder patterns of carbide residues chemi- 
cally extracted from the highest-chromium cast 
iron (L-48-D) confirmed that orthorhombic cemen- 
tite was the only carbide present. 

Before being welded into diffusion couples, the 
0.06 and 0.60 pct chromium cast irons (L-36-A 
and L-48-A) were annealed in helium at 1650°F for 
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Fig. 1—Trans- 
verse section 
through weld of 
diffusion couple 
X50. Reduced 
approximately 
39 pet for re- 
production, 


25 hr, in which time graphitization of the eutectic 
cementite was complete in the 0.06 pct Cr cast iron 
and about 25 pct complete in the 0.6 pct Cr cast iron. 
No attempt was made to anneal the 4.7 pct Cr cast 
iron (L-48-D) because of previous experience in- 
dicating that the cementite in this cast iron would 
not even commence to decompose, at least in any 
reasonable time. 


PROCEDURE 


The diffusion couples were made by spot-welding 
together slices of the cast irons about 1 cm sq and 
2mm thick. Fig. 1 shows a cross section through 
the spot weld of one of the couples. (The spot weld 
itself was in the center of the large face and was 
about 2 mm in diam.) 

Several of each of two types of couples were 
welded, namely, 1) the 0.06 and 4.7 pct Cr cast 
irons, and 2) the 0.60 and 4.7 pct Cr cast irons. 
These couvles were sealed in quartz tubes in vacuo 
(= 5x 107° mm), heated to 1750°F for either 540 or 
1448 hr, and air-cooled. Carbon transfer was meas- 
ured by microscopic examination of transverse sec- 
tions and by analysis for total carbon of each half of 
individual couples (after they were split at the weld). 
The electron probe microanalyzer was used in one 
case to check the chromium distribution. 


RESULTS 


Figs. 2 and 3 give the results of analyses for total 
carbon of each side of the two types of couples as a 
function of time at 1750°F. It is seen that the car- 
bon content of the low-chromium side of both types 
of couples decreases with time at 1750°F while the 
carbon content of the high-chromium side increases 
in each case. That no carbon was lost to the reac- 
tion chamber was indicated by material balance cal- 
culations; for example, one diffusion couple showed 
(from initial and final carbon analyses of each half) 
that the low-chromium side lost a total of 0.008 g of 
carbon while the high-chromium side gained 0.009 g. 
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Fig, 2—Effect of time at 1750° F on the total carbon con- 
tent of each side of diffusion couples made of 0.6 pct Cr 
and 4,7 pet Cr cast irons, 


The transfer of carbon across the interface also 
caused pronounced microstructural changes. Fig. 4 
shows the microstructure in the vicinity of the junc- 
tion of one of the couples before annealing and after 
the 1448-hr anneal at 1750°F, illustrating the in- 
crease in amount of cementite on the high-chromium 
side (right) and loss of graphite on the low-chro- 
mium side. It is of interest that although the in- 
crease of cementite on the high-chromium side was 
greatest near the weld, some increase was evident 
throughout the section. Fig. 5 shows this increase 
with time at 1750°F in a region 1 mm from the weld. 


a 


Fig, 4—Microstructure near the weld of a couple made of 
0.06 pet Cr and 4,7 pct Cr cast irons before (top) and after 
(bottom) 1448 hr at 1750° F, X200, Reduced approximately 
53 pet for reproduction, 
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Fig. 3—Effect of time at 1750° F on the total carbon con- 
tent of each side of diffusion couples made of 0.60 pet Cr 
and 4,7 pet Cr cast irons, 


The electron probe microanalyzer examination 
across the junction of one of the couples (by L. S. 
Birks and R. E. Seebold of this Laboratory) showed 
that only negligible amounts of chromium diffused 
from the high-chromium side into the low-chromium 
side during the 1448-hr anneal at 1750°F, as shown 
in Fig. 6. Examination of cementite areas on the 
high-chromium side showed that, although individual 
cementite particles were homogeneous with respect 
to chromium, there was a general trend toward 
higher chromium with distance from the weld, 

z.e., with progression into regions where the car- 
bide particles had not grown so much. Fig. 7 il- 
lustrates this gradation in chromium content of the 
cementite. (The absolute values of chromium indi- 
cated are accurate only to about +2 pct because 
adequate comparison standards were not available, 
but the precision between different measurements 
is +0.5 pct.) 


DISCUSSION 


The results demonstrate that chromium in suffi- 
cient amounts causes orthorhombic cementite to 


Fig. 5—Microstruct 
made of 0.06 pct Cr and 4.7 pet Cr cast irons in region 1 
mm back from weld, after 0 hr (left), 540 hr (center), and 
1448 hr (right) at 1750° F. X200, Reduced approximately 
62 pet for reproduction. 
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Fig. 6—Chromium concentration in the low-chromium side 


of a couple after 1448 hr at 1750° F. 


become the thermodynamically stable phase with 
respect to graphite at 1750°F. The carbon accruing 
in the high-chromium side does not concentrate 
greatly at the interface (in which case it would lower 
drastically the chromium concentration in the ce- 
mentite phase), but rather diffuses throughout the 
specimen so that the chromium concentration in the 
cementite particles varies only to a limited extent 
over comparatively large distances from the weld 
interface, Fig. 7. In other words, moderate dif- 
ferences in chromium content of the carbides are 
adequate to induce carbon migration over long dis- 
tances. This phenomenon appears in another form 
in the diffusion couple involving 0.60 pct Cr and 

4.7 pct Cr. Metallographic examination, Fig. 8, 
showed that little graphite remained in the low- 
chromium side after 540 hr at 1750°F, and that 
most if not all the remaining 1.9 pct C was either 
dissolved in austenite (about 1.3 pct) or persisted 
as carbides. After the same couple was annealed 
for 1448 hr at 1750°F, however, the 0.60 pct Cr side 
contained only about 1.3 pct C, indicating that the 
medium-chromium carbides had dissolved and the 
carbon had migrated to the high-chromium side of 
the couple. Fig. 9 shows data on the graphitization 
kinetics of some similar chromium-bearing white 
cast irons which confirm that an 0.60 pct Cr white 
cast iron would not be expected to graphitize com- 
pletely. These data were obtained by measuring 
with quantitative metallography the amounts of 


Fig. 8—Microstructure of the low-Cr (0.60 pct Cr) side of 


couple after 540 hr at 1750° F, X200, Reduced approxi- 
mately 66 pct for reproduction. 
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Fig. 7—Chromium concentration in the cementite of the 
high-chromium side of a couple after 1448 hr at 1750° F. 


graphite developed in the various cast irons with 
time at 1650°F. The tendency of the graphitization 
curves of the chromium-bearing cast irons to reach 
a plateau short of complete first-stage graphitiza- 
tion is explainable as an enrichment of the cementite 
in chromium during graphitization, as partition data 
on the same irons have demonstrated.’ 

Thus the termination of graphitization in a me- 
dium-chromium cast iron is not caused by some 
carbide-austenite interface which inhibits escape of 
carbon but represents a change in bulk properties of 
the cementite by the presence of chromium. This 
is substantiated by the data of Tomo-o Sato, et al.,* 
who have shown that cementite particles isolated 
from cast irons yield similar graphitization curves 
to those in Fig. 9, and that the kinetics are similarly 
influenced by the presence of chromium. All of 
these observations point to carbide stability as con- 
trolling graphitization. 

The present results, together with some data in 
Ref. 11 serve to cast doubt upon the frequently ad- 
vanced thesis that alloying elements influence graph- 
itization kinetics via their effects on some diffusion 
processes not related to the relative thermodynamic 
stability of the carbide. To support such theories, 
it has been popular to employ ‘‘activation energy’’ 
determinations: Graphitization rates are estimated 
at several temperatures by some arbitrary meas- 
ure, usually the time to complete graphitization, and 
the slope of a plot of the log of these rates against 
the reciprocal of absolute temperature is identified 
with the nearest matching activation energy available 
from diffusion data on single-phase systems. As 
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Fig. 9—Typical first-stage graphitization kinetics of white 
cast irons as influenced by chromium, 
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Birchenall and Mead have pointed out,® however, this 
identification is not proper unless the solubility dif- 
ference between graphite and cementite (in austenite) 
remains constant with changing temperature. This 
cannot be the case with chromium-bearing irons: 

As a consequence of the second law of thermody- 
namics, the demonstration of stable cementite in 
chromium-bearing cast irons at 1750°F is equally 

a demonstration that the solubility of graphite in the 
austenite of such cast irons must be greater than 
that of cementite, a reverse of the situation in pure 
iron-carbon alloys. Consequently, as chromium is 
introduced into iron-carbon alloys, the cementite 
and graphite solvus lines (the Acm and A graphite lines 
of the iron-carbon diagram) must move together and 
eventually reverse positions. Moreover, the mag- 
nitude of this shift in the solvus lines caused by 
chromium must vary with temperature, because at 
different temperatures above the eutectoid there 
are—for a given cast iron—different proportions of 
cementite and austenite, and consequently” different 
concentrations of chromium in the cementite. It is 
therefore evident that the solubility difference be- 
tween cementite and graphite cannot remain constant 
with temperature in chromium-bearing cast irons. 

The changes in the relative positions of the Ac, 
and Apraphite SOlubility lines that are caused by the 
presence of chromium also suggest an explanation 
for the conflicting data in the literature relative to 
the positions of these two solvus lines in ‘‘pure’’ 
iron-carbon alloys. As Darken and Gurry have 
pointed out,*? the best direct experimental data are 
incompatible, indicating 1) that the solvus lines 
cross at about 945°C, and 2) that cementite is 
metastable at all temperatures between the eutectoid 
and the eutectic. It is advanced here that the pres- 
ence of extraneous elements may have influenced 
these results. Some published experimental proce- 
dures have involved treatments of iron-carbon al- 
loys in vacuo,** whereas other procedures have re- 
quired the equilibration of iron-carbon alloys with 
gas mixtures—some containing hydrogen.***> Hy- 
drogen is known to suppress graphitization rates, 
even when its presence originates from the anneal- 
ing furnace atmosphere;***® like chromium, it may 
well cause a shifting of the solvus lines. 

An extension of the experiments reported here at 
temperatures other than 1750°F, both above and be- 
low the eutectoid, would make it possible to specify 
the minimum level of chromium (or other element) 
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necessary to eliminate all danger of graphitization 
in cast irons and steels during service. It might 
also be possible to apply the diffusion-couple test 
for stability toward a better understanding of the 
changes in graphite morphology that parallel dif- 
ferences in composition of cast irons. 


SUMMARY 


A simple diffusion-couple experiment demon- 
strated that sufficient chromium may make cemen- 
tite thermodynamically stable relative to graphite 
and austenite in cast irons at 1750°F. The im- 
plication of the results to some current theories 
on graphitization mechanisms were discussed. 
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Short-Time Creep-Rupture Behavior of Tungsten 


at 2250° to 2800°C 


The creep-rupture behavior of commercial powder-metal- 
lurgy tungsten rod is reported for temperatures of 2250°, 2500°, 
2700°, and 2800°C, stresses up to 7000 psi, and times up to 4 hr. 
The temperature dependence and the stress dependence of creep 
rates are evaluated. Rupture time is fitted to the Larson-Miller 


parameter and compared to lower-temperature and higher stress 


results reported by Pugh.* 


Tue tensile strength of single-crystal wire’ and 
of polycrystalline wire? have been measured by 
Goucher. More recently Bechtold® and Pugh* have 
studied the mechanical properties of tungsten rod 
between room temperature and 1200°C. 

Since tungsten has the highest melting point of 
all metals, it should retain useful strength to very 
high temperatures, and should find many applica- 
tions in missiles, rockets, and so forth. Therefore, 
the mechanical usefulness of polycrystalline tungsten 
rod was investigated in the 2250° to 2800°C tem- 
perature range by short-time creep-rupture tests. 


MATERIALS TESTED 


Creep specimens were machined from ’/,-in. 
round commercial tungsten rod which was manufac- 
tured from powder by cold pressing, sintering, and 
hot swaging. Purity reported by the vendor was 
99.95 pct W. Spectrochemical analyses showed 
“traces’’ (less than 0.01 pct) of silicon, iron, and 
titanium, and ‘‘faint traces’’ (less than 0.001 pct) of 
calcium and manganese. Carbon content was 30 ppm 
and nitrogen content was 70 to 110 ppm. No oxygen 
analysis was obtained. 

Room-temperature stress-strain tests on the as- 
received tungsten gave badly scattered results. 
Threaded end specimens broke at the threads. When 
these specimens were retested using shoulder grips, 
the specimens broke at the shoulders. No fractures 
occurred in the gage lengths. The fracture stresses 
were: 127,000; 137,000; and 154,000 psi for three 
specimens which fractured at the shoulders. 

The microstructure of the as-received tungsten 
rod is shown in Fig. 1. 


SPECIMENS USED 


Fig. 2 shows the two types of creep specimens 
tested. The threaded-end type specimen, which was 
used in most tests, had a %,-in. gage length and 
%,-in. gage diam. The cone-end specimen, which 
was used primarily to investigate the effects of a 
smaller gage diameter and the practicability of the 
modified ~ and specimen, had a %-in. gage 
length and a /s-in. gage diam. In both cases, the 
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gage length terminated at 0.005-in. high shoulders 
which served as fiducial marks for optical strain 
measurements. Surface finish on the gage length 
was 16 y-in. rms. Creep rates and rupture times 
were not significantly different for the two types of 
specimens and were not affected by electropolishing 
the specimens before testing. 


TESTING PROCEDURE 


The constant-load creep-testing machine used has 
been described by Smith, Olson, and Brown.° In it 
the specimen is held vertically by grips of similar 
material and on the axis of a cylindrical tungsten or 
tantalum heater-tube. The specimen is loaded by 
means of the specimen grips, a pull rod (which is 
sealed to the chamber lid by a vacuum-tight bel- 
lows), a mechanical lever system, and hanging dead 
weights. Both specimen and grips are heated by 
radiation from the heater-tube, which is heated by 
its own electrical resistance. An optical system 
views the incandescent specimen through slits in 
the radiation shielding and heater-tube. The optical 
system projects an enlarged image of the specimen 
gage length on a ground-glass screen. Periodic 
gage-length measurements are made on this image 
with two cathetometers. 

Thorium oxide coatings on the specimen threads 
or conical end surfaces completely prevented dif- 
fusion-welding of specimens to grips, and were used 


Fig. microstructure of commer- 
cial powder-metallurgy tungsten rod. X250. Etched in 5 
pet KsFe(CN),. Reduced approximately 27 pct for reproduc- 
tion. 
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Fig. 2—Creep specimens used, after testing. About 
X1 1/2. Reduced approximately 23 pct for reproduction. 


on most of the specimens. Without these coatings 
welding usually occurred during testing, and grips 
were frequently broken by subsequent efforts to re- 
move the tested specimen. 

All tests reported here were performed in static 
helium atmospheres at 2 psig. After the specimen 
was installed, the test chamber was sealed, evacu- 
ated, heated until the specimen temperature was 
about 300° to 500°C, purged with helium and re- 
evacuated several times, and finally filled with the 
helium test atmosphere After heating was re- 
sumed, the desired test temperature was reached 
in about 30 min and was maintained for an anneal- 
ing period of about 30 min before the stress was 
applied. 

Specimen temperatures were measured with an. 
L. and N. optical pyrometer which was calibrated 
against a standard carbon arc source. Little, if 
any, temperature drift was observed during testing. 
Absorption corrections for observation windows 
were computed from the spectral transmittance of 
the windows. 

Longitudinal temperature gradients were too 
small to be measurable with the optical pyrometer. 
Circumferential temperature gradients (which were 
caused by nonuniform heating and radiation losses ~ 
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Fig. 4—Representative creep curves for various stresses 
at 2250°C. Stresses are engineering stresses. 
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Fig. 3—Typical microstructure, with intercrystalline 
cracks perpendicular to the stress axis. Longitudinal sec- 
tion. The test stress was 3040 psi and the temperature 
was 2500°C. X250. Etched in saturated solution of 
K3Fe(CN)g. Reduced approximately 27 pct for reproduction. 


resulting from the viewing slits) were observed, but 
were estimated to be 10°C or less. 


RESULTS 


Three typical crept specimens are shown in Fig. 2. 


Mild thermal etching and extensive intergranular 
cracking can be observed on the specimens. Failure 
always occurred by intercrystalline cracking, in the 
gage section, and without sharp necking. Total elon- 
gations at fracture varied between 7 and 38 pct, but 
were within the limits of 15 to 25 pct elongation in 
most tests. 

A typical microstructure after test is shown in 
Fig. 3. Typical intercrystalline cracks are shown 
and tend to be normal to the stress axis. 

Figs. 4 and 5 are representative of the creep 
curves obtained. These figures show the percent 
increase of gage length compared to the initial gage 
length at the test temperature as a function of time. 
Fig. 4 shows the effect of varying stress on the 
creep curves obtained at 2250°C. Fig. 5 shows the 
effect on the creep curves of varying both stress 
and temperature. 

Slopes of the essentially linear portions of the 
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Fig. 5—Representative creep curves for various combina- 
tions of stress and temperature giving similar rupture 
times. Stresses are engineering stresses. 
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Fig. 6—Stress vs creep rate. Open points represent engi- 
neering stress vs linear creep rate; filled points represent 
true creep stress corresponding to minimum true creep 
rates. 


creep curves were determined graphically. These 
rates, as a function of the initial test stress, are 
shown as empty points in Fig. 6 on a logarithmic 
plot of each test temperature. With the assumptions 
of constant volume and uniform elongation through- 
out the gage section, true creep stresses corres- 
ponding to the minimum true creep rates were com- 
puted. These minimum true creep rates were the 
rates at the end of the period of linear elongation. 
These results are shown in Fig. 6 as filled points. 
Differences between the two types of curves in Fig. 6 
are small, but are greatest at low temperatures and 
high stresses. These are the conditions which gave 
the largest values for both total elongation and elon- 
gation during linear creep. 

Minimum true creep rates, €, in sec’, corres- 
ponding true creep stresses, 0, in psi, and testing 
temperatures, 7, in °K, were least-square fitted to 
the relation 
where A and B were assumed to be material con- 
stants, @ was an activation energy for creep, and 
R was the gas constant. A was evaluated as 
1.34 x 10°**, B as 6.30, and Q as 160, 000 cal per 
mole. This comparatively high value of the ac- 
tivation energy for high-temperature creep appears 


consistent with the melting point of tungsten. 
In Fig. 7, the Zener-Holloman® temperature- 
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Fig. 8—Engineering stress vs rupture time. 
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Fig. 7—True creep stress vs temperature-compensated 
minimum true creep rate parameter, Y. 


compensated creep rate parameter, Y, is plotted 
logarithmically against true creep stress. Here: 


Y=€e AT 
An approximately linear relationship is shown in 
this figure. 

In Fig. 8, a linear relationship is shown at each 
test temperature between the logarithm of the rup- 
ture time and the logarithm of the initial stress. 

In Fig. 9, the Larson-Miller’ parameter, Z, is 
shown as a linear function of the logarithm of the 
initial test stress. Here, 


Z =T,(C + log t) x 


where Tp, by convention, is absolute temperature 
in °R, C is a material constant, and ¢ is rupture 
time in hours. C was evaluated as 12.2 by a least- 
square fitting procedure in which it was assumed 


that 
Z = D loga + E = Tp(C + log t) x 10° 


where D and E are material constants; z.e., that the 
Larson-Miller parameter, Z, is a linear function of 
the logarithm of stress. The filled points at lower 
stresses in Fig. 9 show that an essentially linear 
relation exists between Z and the logarithm of 
stress. These filled points are the present data 
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Fig. 9—Larson-Miller parameter, Z, vs engineering 
stress. 
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fitted to the Larson-Miller parameter in the above- 
described manner. 

Pugh’s* low-stress data, at temperatures up to 
1205°C are also shown. The set of filled points at 
high stresses represents his results after they have 
been least-square fitted to the Larson-Miller pa- 
rameter. (The value of this Larson-Miller constant 
is 13.9.) Because Pugh’s Larson-Miller plot showed 
a change of slope at higher stresses, his high-stress 
data have not been included. 

The empty points at both stress levels show the 
present data plus Pugh’s data, least-square fitted 
to the same straight line. The value of this Larson- 
Miller constant is 12.6 


CONCLUSIONS 


Tungsten retains an appreciable creep strength 
and reasonable ductility in the temperature range 
2250° to 2800°C. Creep failure occurs by inter- 
granular fracture throughout this range. 

The observed behavior is summarized as follows: 

1) The creep curves obtained showed initially 
constant rates of elongation followed by third stage 
creep, but no initial diminishing rates of elongation. 

2) At a given temperature, the logarithm of the 
linear creep rate is a linear function, not of initial 
stress, but of the logarithm of the initial stress. 

3) Minimum true creep rate, €, at absolute tem- 
perature T and true creep stress o,, is approxi- 
mately given by 


7160,000 


The activation energy, 160,000 cal per mole was 
obtained by an indirect method with the assumptions 
of only one rate controlling process, an activation 
energy which is independent of stress and identical 
structures in all specimens at the strains corres- 
ponding to the minimum creep rates. This value 
seems reasonable considering the empirical re- 
lationship® between melting points and self-diffusion 
activation energies, and the observation by Dorn® 
that activation energies for high-temperature creep 
and self diffusion are equal. The ratio of the pres- 
ent value of the high-temperature creep activation 
energy to the melting point is 43.4. The stress- 
term exponent, 6.3, is larger than the frequently 
observed’® value of 4. 

4) At a given temperature, the logarithm of rup- 
ture time is a linear function of the logarithm of 
initial stress. 
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5) The logarithm of the temperature-compen- 
sated creep rate parameter, Y, is a linear function 
of the logarithm of true creep stress. 

6) The Larson-Miller parameter, Z, is a linear 
function of the logarithm of initial stress. Because of 
the apparent good fit of the present plus Pugh data, 
some confidence is given to use of the open point 
line in Fig. 9, for estimating rupture life at tem- 
peratures and stresses intermediate between the 
present test conditions and the conditions used by 
Pugh. The present data plus Pugh data were not 
least-square fitted to the less empirical Zener- 
Holloman parameter because the activation energy, 
stress term exponent, and specimen structures for 
the present data were not similar to those obtained 
from Pugh’s data. 

According to Pugh,* the ductility of tungsten in 
creep at 980° to 1205°C is considerably greater 
than that in the present tests at 2250° to 2800°C. 
The Larson-Miller plot, however, seems to be in- 
sensitive to this difference in ductility and to the 
differences in fracture mechanism which it probably 
reflects. 
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Short-Time Creep-Rupture Behavior of 
Molybdenum at High Temperatures 


The creep-rupture behavior of commercial powder-metal- 
lurgy molybdenum rod is reported in the temperature range 1600° 


to 2500°C, at stresses up to 9000 psi and times up to 1 month. The 
effects of temperature, stress, and grain growth are discussed. 
Rupture time is fitted to the Larson-Miller parameter and com- 
paved to lower-temperature and higher-stress results reported by 


Pugh.’ 


Because of its high melting point, molybdenum 
should retain useful strength to relatively high 
temperatures. Combined with its ready availability 
in the United States, this makes it attractive for 
many applications in missiles, rockets, and so 
forth—wherever its susceptibility to oxidation can 
be tolerated or overcome. 

The mechanical properties of molybdenum rod 
in the temperature range —200° to 1540°C have 
been reported by Pugh,’ Bechtold,* Parke,* and 
Carriker and Guard.* Madden and Chen’ have 
measured the tensile properties of molybdenum 
single crystals in vacuum up to about 2500°C. 

As one further step in evaluating its mechanical 
usefulness, the constant-load creep-rupture proper- 
ties of commercial powder-metallurgy molybdenum 
rod have been investigated in the range 1600° to 
2500°C. 


MATERIAL TESTED 


Creep specimens were machined from 1/2-in. 
round commercial molybdenum rod, manufactured 
from powder by pressing, sintering, and swaging. 
Spectrochemical analysis of the rod showed ‘‘traces”’ 
(less than 0.01 pct) of silicon, aluminum, chromium, 
iron, and zirconium, and ‘‘faint traces’’ (less than 
0.001 pct) of manganese, magnesium, cobalt, and 
nickel. Carbon content was 130 to 200 ppm, nitrogen 
was 110 to 180 ppm, and oxygen 30 to 35 ppm. 

A typical microstructure of the as-received rod is 
shown in Fig. 1. Room temperature tensile proper- 
ties for five specimens strained at about 0.015 in. 
per in. per min are shown in Table I. 


CREEP SPECIMENS USED 


The specimens used for creep-rupture testing are 
illustrated in Fig. 2. The 1/4-in.-diam gage section 
was 3/4 in. long, and terminated at shoulders 5 mils 
high. These shoulders served as fiducial marks for 
optical strain measurements. Surface finish on the 
gage section was 16y in. r.m.s. 

One specimen, for a ‘‘long-time’”’ test described 
below, was modified by dividing the 3/4-in. gage 
length into three 1/4-in. long sections with individual 
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diameters of 0.250, 0.230, and 0.210 in., each termi- 
nating in a pair of fiducial shoulders. 


TESTING PROCEDURE 


The constant-load creep-testing machine used has 
been described by Smith, Olson, and Brown.° In it the 
specimen is held vertically on the axis of a cylindri- 
cal tantalum or tungsten heater tube by threaded 
molybdenum or tungsten grips. Both specimen and 
grips are heated by radiation from the heater-tube, 
which is heated by its own electrical resistance. The 
bottom specimen grip is held at its lower end by a 
clevis pin. The testing load is applied to the speci- 
men through the upper grip by means of hanging 
weights, a constant force-multiplication lever sys- 
tem, and a pull rod sealed to the chamber lid by a 
bellows. The incandescent specimen is viewed by an 
external optical system through slots in the heater- 
tube and radiation shielding, and an enlarged image 
of it is projected on a ground-glass screen. Gage- 
length measurements are made on this image with a 
pair of cathetometers. 

Thorium oxide coatings were applied to the 
threaded ends of most specimens, to prevent dif- 
fusion-welding of specimens to grips during testing. 
Without such a coating welding usually occurred, 
and grips were often broken by subsequent efforts 
to remove the tested specimens. 


Fig. 1—Typical microstructure of as-received commercial 
powder-metallurgy molybdenum rod. X50. Etched in 30 
pet H,O,. Reduced approximately 27 pct for reproduction. 
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Table |. Room-Temperature Tensile Properties of As-Received Molybdenum Rod 


Specimen Yield Ultimate True Stress Elongation Reduction Young’s 
Number Point, Psi Strength, Psi at Fracture, Psi in %-in., Pct of Area, Pct Modulus Psi x 10° 
A-1 67,000 74,000 84,000 14 11 44 
A-2 73,000 77,000 86,000 12.5 10 43 
B-1 79,000 84,000 88,000 6 5 46 
) aa 84,000 87,000 93,000 10 7 44 
B-3 81,000 84,000 101,000 19 18 46 
Average 77,000 81,000 90,000 12 10 45 
All tests but one—which was run in vacuum—were RESULTS 


performed in static helium atmospheres at about 
2 psig. After a specimen was installed the testing 
chamber was sealed, evacuated, heated until the 
specimen temperature was 300° to 500°C, purged 
with helium and reevacuated several times, and fin- 
ally filled with the helium testing atmosphere. Heat- 
ing was then resumed, and the testing temperature 
reached in about 30 min. Specimens were annealed 
at the testing temperature for 30 min before loading. 
To evaluate the effect of furnace atmosphere, 
oxygen analyses were made on a few specimens after 
testing. In one sample held in the helium atmosphere 
at 1650°C for 220 min, oxygen content after testing 
was about 25 ppm, compared with about 30 to 35 ppm 
in the as-received rod. A specimen held at 2250°C 
for 50 min contained 5 ppm, and one held at 2500°C 
for 40 min had 5 ppm or less. Oxygen content after 
testing at 2250° and 2500°C appeared not to depend 
upon testing time; apparently an equilibrium between 
atmosphere and specimen was reached during the 
30-min anneal which preceded load application. 
Specimen temperatures were measured with an 
L. and N. optical pyrometer which had been cali- 
brated against a standard carbon arc, and were cor- 
rected for window absorption by calculation from the 
«measured spectral transmittance of the observation 
windows. Longitudinal temperature gradients in the 
specimen gage length were too small to be meas- 
ured with an optical pyrometer. Circumferential 
gradients, due to nonuniform radiation heating and to 
radiation losses through observation slots, and so 
forth, were detectable, but were estimated to be 
10°C or less. Temperature drift during testing was, 
in general, also less than 10°C. 


Before test 


After test 


Fig. 2—Creep specimens used, before and after testing. 
About X11/2. Reduced approximately 41 pct for reproduc- 
tion. 
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A typical tested specimen is shown in Fig. 2. Mild 
thermal etching and surface roughening—caused in 
part by intercrystalline cracking—are evident in the 
gage section. Fracture in every case was intercrys- 
talline, and in all specimens but one occurred within 
the gage section. In some cases, particularly at the 
higher testing temperatures, fracture was preceded 
by localized necking, and multiple necking occurred 
in a few specimens. Gage-section elongations at 
fracture varied between 2.5 and 50 pct, but generally 
were 5 to 15 pct at 2000°C and higher, and 30 to 
50 pct at 1600° to 1700°C. 

Creep Curves— Figs. 3 and 4 are representative 
creep curves, showing percent elongation as a func- 
tion of time under load, for various temperatures and 
stresses. Percent elongation is based on initial gage 
length, and stress on initial cross-sectional area in 
the gage section. 

In Fig. 3, creep curves are shown for three tests 
in which creep rates were nearly equal, but tempera- 
tures and stresses differed. The test represented by 
circles was stopped before rupture occurred. In the 
one represented by squares, necking was first ob- 
served at 25 min, which corresponds with the be- 
ginning of third-stage creep. 

Fig. 4 illustrates the effect of initial stress on 
creep behavior at a constant testing temperature 
(2250°C). 

Engineering creep rates were determined graphic- 
ally as the slopes of the essentially linear portions 
of individual creep curves. In Fig. 5 these rates are 
shown by open points, as a function of engineering 
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TIME IN MINUTES 
Fig. 3—Representative creep curves for various combina- 
tions of temperature and stress giving nearly the same 
creep rate. Stresses are engineering stresses. 
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Fig. 4—Representative creep curves for various stresses 
at 2250°C. Stresses are engineering stresses. 


stress. With the assumptions of constant specimen 
volume and uniform extension, minimum true creep 
rates were calculated—from elongations at the ends 
of the periods of linear creep. True stresses cor- 
responding to these minimum true rates were cal- 
culated, and are plotted against them as the filled 
points in Fig. 5. 

Grain-Size Effects—Several of the points shown in 
Fig. 5 for testing temperatures of 2250° and 2500°C 
fall definitely on the low creep-rate side of lines 
drawn through the rest of the experimental points at 
these temperatures. In every such case, low creep 
rate was associated with development of abnormally 
large grains. Long slip bands, quite straight although 
with some forking, were observed to develop on the 
surfaces of some of these specimens during test. 
Subsequent metallographic and X-ray examination 
verified that each of these specimens was nearly a 
single crystal, although a few regions of each— 
frequently at the specimen surface—consisted of 
small-diameter grains. About 50 slip bands per cm 
were counted on one specimen tested at 2250°C. 
Maddin and Chen® observed similar slip bands on 
molybdenum single crystals tested in tension at 
2300°C, and counted about 90 bands per cm. 

All other specimens which showed unexpectedly 
low creep rates at 2250° and 2500°C were found to 
be polycrystalline, but to have developed a mixed 
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CREEP RATE IN SECONDS 
Fig. 5—Stress vs creep rate. Open points represent engi- 
neering stress vs linear creep rate; filled points repre- 
sent true creep stress corresponding to minimum true 
creep rate. 


grain size which included some very large grains. 

One specimen, described above and tested at 
2000°C, was divided into three short gage sections 
of different diameters, so that a single applied load 
would produce three different stresses. Diameters 
and load were selected to produce fracture in the 
most highly stressed section in about 15 days, with 
elongation of only a few percent in the section where 
the stress was least. During the first 5 days of the 
test, each of the three gage sections crept at ap- 
proximately the predicted constant rate. (No di- 
minishing-rate period preceded creep at these con- 
stant rates.) Thereafter, however, creep rate for 
each gage section dropped to about one-tenth of its 
initial value, and creep continued at this second 
constant rate until, after a total testing period of 1 
month, the test was discontinued without rupture. 
This specimen, after test, was a bicrystal. 

Maddin and Chen’® grew single crystals in molyb- 
denum rods up to 1/4-in. in diam by heating each 
rod in vacuum to about 2200°C, holding at tempera- 
ture to degas, and then straining the rod about 1 pct 
in tension. The same mechanism of coarse recrys- 
tallization was evidently active in the creep tests 
described above, and apparently a helium atmosphere 
is nearly as effective as vacuum in promoting de- 
velopment of very large grains. 


Fig. 6—Mixed grain size in a region of rapid creep at 
1600°C. X150. Etched in 30 pet H,O,. Reduced approxi- 
mately 40 pet for reproduction. 
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Fig. 7—Uniform grain size, with typical intercrystalline 
cracks. X150. Etched in 30 pct H,O,. Reduced approxi- 
mately 27 pct for reproduction. 
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Fig. 8—Bicrystal plus a few small grains. X150. Etched 
in 30 pct H,O,. Reduced approximately 39 pct for repro- 
duction. 


Small amounts of molybdenum oxide at grain 
boundaries appear to inhibit development of coarse 
grains. Three specimens tested at 2500°C and 1000 
psi crept at nearly the same rate which was typical 
for specimens having mixed grain size; a fourth 
specimen, tested under these same conditions except 
that a small amount of air was introduced into the 
test atmosphere, crept at the higher rate typical of 
material having uniform, relatively fine grain size. 

As might be expected, the effect of coarse grain 
size on creep rates was reversed at lower tem- 
peratures. The tests at 1600°, 1650°, and 1700°C 
were run primarily to obtain a few preliminary 
results in the region between 2000°C and about 
1100°C, which was the upper temperature limit of 
Pugh’s work. However, in one specimen tested at 
1600°C, a few coarse grains were developed by a 
prestraining treatment that involved loading with 800 
psi at 2250°C until creep of 1 pct had occurred. One 
very large surface grain, about 4 mm diam, was 
formed just outside the gage length. During subse- 
quent testing at 1600°C, creep in the region of this 
grain was so rapid that it necked in severely. An 
edge of the large grain, and the microstructure 
around it, are shown in Fig. 6. 

Figs. 6, 7, and 8 illustrate microstructures de- 
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RUPTURE TIME IN MINUTES 
Fig. 10—Engineering stress vs rupture time. 
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Fig. 9—True stress vs temperature-compensated minimum 
true creep rate parameter, Y, for commercial powder- 
metallurgy molybdenum and tungsten. 


veloped during creep under varying conditions of 
temperature and stress. The specimen shown in 

Fig. 6 developed a mixed grain size, in which a 

large number of grains of uniform size are clustered 
around a few much larger ones. That shown in Fig. 7 
maintained uniform grain size throughout, and shows 
typical intercrystalline cracks—whose trend is 
normal to the stress axis. Fig. 8 shows a specimen 
which was essentially a bicrystal, with a few small 
grains clustered along the boundary between the 

two large grains that occupied most of its volume. 

In general, development of single crystals or ab- 
normally large grains is favored by high testing 
temperatures and moderate creep rates, so that 
distortional energy stored by creep is partially dis- 
sipated in rapid grain growth, and rate of nucleation 
of new grains is low. 

Creep Constants— Minimum true creep rates, é, in 
sec, corresponding true creep stresses, 07, in psi, 
and testing temperatures, 7, in °K, were least- 
square fitted to the relation 


= Aor 


where A and B are material constants, @ is the 
activation energy for high-temperature creep, and 
R is the gas constant. By this means A was de- 
termined to be 2.95 x 10~°, B was 4.5, and Q was 
114,400 cal per mole. 
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Fig. 11—Larson-Miller parameter, Z, vs engineering 
stress. 
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For each minimum true creep rate, a tempera- 
ture-compensated minimum true creep rate param- 
eter, Y, (which is the Zener-Holloman’ parameter) 
was calculated from the relation 


Y =e */RT 


In Fig. 9, these values are plotted logarithmically 
against stress, together with those for tungsten.® 
Scattering of values is considerably broader for 
molybdenum than for tungsten, probably because of 
the wide variations in microstructure developed in 
molybdenum during testing. 

Rupture Constants—In Fig. 10, engineering 
stresses are plotted logarithmically against rupture 
times for each testing temperature. Again, speci- 
mens in which some extremely coarse grains were 
developed during testing gave rupture times that 
fell off the normal curves; at both 2250° and 2500°C, 
grain coarsening increased time to rupture. 

The empirical Larson-Miller ° parameter, Z, is 
plotted against engineering stress in Fig. 11, both 
for rupture times determined in this work and for 
those given by Pugh.’ Here 


Z =Tr(C + log t)x 10°, 


where Tr, by convention, is absolute temperature in 
°R, C is the material constant, and ¢ is rupture time 
in hours. The constant C was evaluated by a least- 
squares procedure in which it was assumed that 


Z= Dilogo+E, 

where D and E are material constants and o is 
engineering stress. The filled points at low stresses 
in Fig. 11 represent the present results at 2000°C 
and higher, and indicate an approximately linear re- 
lation between log Z and log o. The filled points at 
intermediate stresses represent the present results 
at 1600° to 1700°C, and those at high stresses repre- 
sent Pugh’s* results below 1100°C. The open points 
in Fig. 11 represent the present results plus Pugh’s* 
results, least-square fitted together as one set of 
data. Three lines are shown, representing least- 
square fits for results of the present work, for re- 
sults reported by Pugh, and for the combined re- 
sults. The uppermost line, for which the material 
constant C is 15.8, represents the present results. 
The short lower line, for which C is 13.9, repre- 
sents Pugh’s’ results. The intermediate line, for 
which C is 14.3, represents the combined results. 
While this treatment of the data is arbitrary, it is 
felt that these lines will permit usefully accurate 
prediction of rupture times in intermediate tem- 
perature regions where tests have not yet been run. 


DISCUSSION 


Although molybdenum retains appreciable creep 
strength in the temperature range 1600° to 2500°C, 
its creep-rupture behavior is complicated by varia- 
tions in grain-size. Under certain conditions of 
temperature and stress, abnormally coarse grains 
appear, in a mixed grain size which sometimes de- 
velops into a bicrystal or a single crystal. At 1600° 
to 1700°C, large grains accelerate creep and reduce 
rupture life. At 2000°C and above, large grains 
reduce creep rate and increase rupture life. 
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Development of these large grains has not been 
studied in detail. They seem, however, to originate 
in coarse recrystallization occurring under condi- 
tions of relatively high temperatures and relatively 
low strain rate. Under these conditions, rates of 
nucleation are very low but are not zero, and rates 
of growth of the new essentially stress-free grains 
are high in relation to rupture times. At higher 
creep rates nucleation rates are increased, and the 
competition among a large number of growing 
grains keeps grain size moderate and relatively 
uniform. At still lower creep rates, dissipation of 
stored strain energy by recovery processes is rapid 
enough so that nucleation does not occur, and growth 
of grains initially present is relatively slow. 


On very little evidence, it appears that the pres- 
ence of a significant amount of intergranular molyb- 
denum oxide restrains growth of individual grains 
to very large sizes, as might be expected. 

The mechanism by which large grains affect creep 
rate and rupture life is not understood in detail. 
Even at temperatures as low as 1600°C, evidence of 
grain boundary sliding was observed in displace- 
ments of surface scratches at grain boundaries, and 
fracture occurred by development and growth of in- 
tergranular cracks. At temperatures even as high as 
2500°C, grain deformation by slip was demonstrated 
by formation of visible slip lines on the larger 
grains. Formation of distinct subgrain boundaries 
was observed in all tests. Throughout this tempera- 
ture range, then, creep of polycrystalline molyb- 
denum involves slip, subgrain formation, and grain- 
boundary sliding, and it is easy to assume that these 
mechanisms are in some way cooperative. 

In spite of the disturbing effect of grain-size dif- 
ferences upon creep rates, the activation energy 
obtained for high-temperature creep (114,400 cal per 
mole) is thought to represent a reliable value. It is 
in reasonable agreement with the empirical relation- 
ship’® between self-diffusion activation energies and 
melting points and with the observation by Dorn” that 
activation energies for self-diffusion and for high- 
temperature creep are equal. The ratio of the acti- 
vation energy for creep to the melting point is 39.5 
for the present results. Pugh’s’ activation energy of 
86,400 cal per mole for creep of molybdenum at 
1100°C seems equally reasonable if, at the lower 
temperatures, a different creep rate controlling 
mechanism predominates. 

The stress exponent, B, which indicates stress 
dependence of creep rate at a given temperature, was 
evaluated as 4.5. This is approximately equal to the 
values obtained for other metals.” 

Although the creep strengths of molybdenum and 
tungsten® are quite different at any given tempera- 
ture, it is of some interest to compare them on a 
temperature-compensated basis. In Fig. 9 they are 
compared by a logarithmic plot of true stress vs 
temperature-compensated minimum true creep rate. 
Greater scattering of results and greater increase in 
creep rate per unit increase in stress are evident in 
the data for molybdenum. On the basis of this com- 
parison, it appears that, at the higher stresses, the 
creep strength of molybdenum is slightly greater 
than that of tungsten. However, when a similar com- 
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parison is made using equal values of homologous 
temperature to compare creep rates at equal 
stresses, tungsten is found to be a little stronger 
than molybdenum. Differences are small, and when 
a comparison is made on the basis of a temperature- 
compensated rate, it may be considered that creep 
strengths of molybdenum and tungsten are approxi- 
mately equal. 
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Technical Notes 


Observations on the System Zirconium 
Iron 


L. E. Tanner and D. W. Levinson 


Durinc the course of an investigation of the zir- 
conium-iron-tin system the zirconium-iron system 
was reexamined up to 55 pct* Fe. The alloys pre- 


*All alloy compositions referred to are in weight percent. 


pared for this program were based on higher purity 
materials than those used by Hayes, Roberson, and 
O’Brien’ in the original determination of this sys- 
tem. No extreme change is presented in the dia- 
gram at this time; however, it is not surprising to 
find some shifting of phase boundaries and transfor- 
mation temperatures as a result of the higher purity 
maintained in the alloys. 

The materials used in this study were Grade 1 
iodide zirconium crystal bar and 99.97 pct pure Fe. 
All but the dilute alloys were based on the as- 
received crystal bar. For the dilute alloys the zir- 
conium was electron-bombardment melted in a 
high vacuum (<107* mm Hg).* The alloys were 

*Melted by Temescal Metallurgical Corp., Richmond, Cal., under the 
direction of Dr. C. Hunt. 

prepared by nonconsumable-electrode arc-melting 
techniques? and heat treated under protective at- 
mospheres. Besides metallographic examination, 
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visible melting® and X-ray diffraction studies were 
made of samples of the alloys. The ferromagnetic 
properties of ZrFe, were determined by Professor 
P. W. Selwood* using a modified Faraday balance.* 


*Department of Chemistry, Northwestern University, Evanston, Ill. 


The zirconium-rich portion of the phase diagram 
is presented in Fig. 1 and compared with the work 
of Hayes et al.’ The maximum solubility of iron in 
B is somewhat decreased while the eutectic tem- 
perature is raised. There seemed to be no change 
in the eutectic composition of 16 pct Fe. Since the 
base material was so low in iron content, it was 
possible to establish the maximum solubility in 
a between 0.017 and 0.025 pct Fe at the eutectoid 
temperature. The observation of fine ZrFe, par- 
ticles in the microstructure of a specimen of 0.012 
pet Fe alloy quenched from 700°C indicated that the 
solubility drops below this composition at 700°C 
and lower. 

Further study was made of the intermediate phase 
ZrFe,. Wallbaum? identified the compound initially 
as ZrFe, with a C 15 (MgCu,2) structure, placing it 


at 55 pct Fe stoichiometrically. Hayes et al.’ be- 
lieved they found the phase at about 47.2 pct Fe and 
called it Zr2,Fe, but reverted to ZrFe, in the dis- 
cussion of their paper.® Jordan and Duwez’ con- 
firmed Wallbaum’s work as well as finding the same 
single-phase structure to about 62.3 pct Fe or 

Zro.s: Fe, 19. In order to establish the ternary phase 
relations in the zirconium-iron-tin system® the ex- 
act position of this phase had to be known. This was 
accomplished by X-ray diffraction, visible melting, 
and metallographic techniques. 

Elliott® obtained a single-phase ZrFe, X-ray dif- 
fraction pattern from an alloy of about 55 pct Fe. 
This was confirmed in the present study with an al- 
loy of 54.81 pct Fe. However, extra lines (attribu- 
table to a or 8 zirconium) were found in diffraction 
patterns of the 47.42 and 49.83 pct Fe alloys. The 
melting characteristics of these same alloys were 
studied by suspending 47.42, 49.83, and 54.81 pct 
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Fig. 1—The zirconium-rich portion of the zirconium-iron 
system. 


Fe samples on tungsten wires in a vacuum re- 
sistance furnace and heating them simultaneously 
until melting was observed. The two alloys with 
lower iron contents started melting first at some 
temperature above the eutectic. Complete melting 
occurred at the following temperatures: 47.42 pct 
Fe at 1590°C and 49.82 pct Fe at 1640°C. It is ap- 
parent that these were passing through a liquid + solid 
phase field. The 54.81 pct Fe alloy showed no signs 
of incipient melting prior to melting completely at 
1650°C in the manner expected of a maximum- 
melting compound. Microstructures of the 49.83 
and 54.81 pct Fe alloys annealed at 900°C provided 
additional confirmation. The latter was nearly 
single-phase ZrFe, with very small amounts of 
retained 8 at the compound grain boundaries. 
Results of the ferromagnetic studies of ZrFe, 
are plotted in Fig. 2. The compound has magnetic 
properties remarkably similar to those of nickel, 
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Fig. 2—Specific magnetization of ZrFe. 
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which has a specific magnetization of 55.1 cgs at 
room temperature and Curie temperature of about 
355°C. The Curie temperature of the 54.81 pct Fe 
sample is not defined as sharply as in the case of 
pure nickel. 
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Slip Markings and Plastic Instability of 
Crystals 


Robert L. Fleischer 


In 1925 a criterion for localized deformation in a 
single crystal was derived by Taylor and Elam.’ 
They noted that for a single active slip plane the 
slip plane area is constant, but the direction of the 
stress with respect to the slip direction changes 
during deformation so that, when the increase in 
stress due to this rotation is large enough relative 
to the work hardening, instability occurs. (By in- 
stability is meant continued slip on the active slip 
plane.) The instability criterion may be written 


2 
t > /m tan*r [1] 


where ¢ and y are resolved shear stress and strain, 
m the Schmid factor for resolving shear stress, and 
A’ is the angle between the slip direction and the axis 
of tension. The formula points out that regardless 
of the atomic mechanism involved, for large flow 
stresses and low work hardening rates, slip on a 
single plane—once started—should continue. 

The case of alloying provides a direct possibility 
of adjusting the parameters in Eq. [1]: As an alloy- 
ing element is added to a pure metal, the flow stress 
is raised and the work hardening in easy glide may 
be either decreased? or unaltered.* Since flow 
stresses in easy glide may rise to the kg/mm? 
range for alloy crystals while easy glide slopes 
may be less than '/; kg/mm2,? it is possible for 
the inequality to be satisfied. Indeed Garstone and 
Honeycombe’ report that slip becomes coarser with 
increasing stress in the easy glide range, where the 
flow stress would be increasing and the slope would 
be essentially constant. Another case where nigh 
flow stresses and low hardening rates accompany 
coarse slip is that of quench hardening.* Maddin 
and Cottrell report that quenched aluminum crystals 
display slip markings resembling those of a brass. 
A similar effect has been observed after irradiation? 
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In both of these types of hardening, the hardening 
slope may be essentially zero,*’® so that the in- 
equality is clearly satisfied. 

Another case to which the above consideration 
should be relevant is that of nonhardening straining 
during single crystal fatigue.”* After many cycles 
of straining dt/dy appears to be essentially zero,’ 
so that Eq. [1] is satisfied. This indicates that 
where single slip occurs, it should be concentrated 
into bands separated by regions which are not slip- 
ping. Earlier in life, because work-hardening is 
still appreciable, more uniform slip should occur. 
Fig. 5 of Ref. 8 indicates this to be the case. 

Summary—The possibility has been suggested that 
plastic instability contributes to 1) the coarse slip 
observed in hardened but low-hardening single crys- 
tals and 2) the concentration of slip into bands in the 
case of nonhardening, constant strain-amplitude 
fatigue. 

The author is pleased to give thanks to Professor 
W.A. Backofen for stimulating discussions and to 
the Atomic Energy Commission for financial support. 
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Creep-Rupture Tests at 1800° and 2000°F 
on Hyper-Pure Silicon Polycrystals 


Jack T. Brown 


As far as could be ascertained, no one had previ- 
ously investigated the creep strength of silicon poly- 
crystals. Literature has appeared showing evidence 
for plastic deformation in silicon single crystals and 
whiskers.*'~* Also the fact that germanium, a ma- 
terial of similar crystal structure to silicon under- 
goes plastic deformation under stress at tempera- 
tures above about 60 pct of its melting temperature, 
has been known for some time.*~” ” This investiga- 
tion was performed for the purpose of determining 
the strength and ductility of silicon polycrystals 
under creep conditions that would give fairly long 
times to rupture. 


PROCEDURE 


The silicon specimen blanks were obtained by 
first placing granulated transitor grade silicon 
(99.999 + pct pure) in a silica crucible. The cru- 
cible was surrounded by a graphite susceptor, and 
induction heating was used for melting the silicon 
in a vacuum furnace. Blank specimens were formed 
by freezing molten silicon onto a polycrystalline 
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Fig. 1—Longitudinal photograph of tested creep-rupture 
specimen. X10. Reduced approximately 39 pct for repro- 
duction. 


seed of silicon in a vacuum furnace. The seed was 
attached to a motor driven revolving rod. As sili- 
con solidified, this rod was gradually withdrawn 
from the melt. A shape with a contracted center 
section was obtained by varying the rate of with- 
drawal from the melt. 

Specimens for the creep-rupture tests were ground 
from these ‘‘pulled’’ blanks. Creep-rupture tests 
were performed in spring loaded machines under 
constant load at 1800° and 2000°F. 


RESULTS AND DISCUSSION 


A test specimen which was sectioned longitudinally 
is shown in the photomacrograph in Fig. 1. Very 
little deformation has taken place in the portion of 
the specimen shown, however, slip lines from 
several slip systems within the same grain, and de- 
formation band formation was seen. The elongated 
appearance of the grains is due to the method of 
growing the specimens. 

One of the most interesting aspects of the results 
obtained from the creep-rupture tests was the high 
strength and the accompanying large amount of 
ductility. The data obtained is listed in Table I 
which shows the stress to rupture in 100 hr at 2000°F 
is between 8000 and 9000 psi. This indicates that 


_ silicon’s strength at 2000°F is about equal to that 


of the best commercial super-alloys. It is impor- 
tant to mention that silicon has less than 1/3 the den- 
sity of iron-, nickel-, and cobalt-base alloys. The 
usual type alloys for high-temperature applications 


Table |. Creep-Rupture Results 


Tempera- Rupture Pct Rupture 

ture, °F Stress, Psi Time, Hr Elongation 
2000 9500 33 39.8 
2000 9000 6.5 19.1 
2000 8000 145.5 33.5 
2000 7500 328.6 102.2 
1800 9500 302.2 30.4 
1800 8000 458.0* 16.0 


*Testing machine mechanism failed at the indicated time on this 
test. The elongation figure is the indicated strain on the specimen up 


to 458 hr. 
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Fig. 2—Silicon 
jet-engine 
nozzle vane. 


lose a large portion of their strength at about 50 to 
70 pct of their melting point, and they have the bene- 
fit of alloying elements which cause precipitation 
hardening or dispersions of relatively stable parti- 
cles which impede deformation. Since obviously 
neither of these conditions is present in silicon its 
strength must be due to some intrinsic mechanism. 
It is suspected that the unusual strength of silicon 
at 80 pct of its melting point is associated with its 
diamond cubic crystal lattice structure and the 
covalent atomic bonding. 

One is able to calculate the activation energy for 
creep or specifically creep-rupture from the data 
provided in Table I. When the relationship 
t,e—AH/RT, = t,e-AH/RT, is used, the 9500-psi test 
data gives a value of about 140,000 kcal per mole 
for the activation energy. One might suspect that the 
activation energy for self-diffusion in silicon should 
be about 50 to 60,000 kcal per mole since the activa- 
tion energy for self-diffusion seems to correlate 
well with melting point and silicon melts at a tem- 
perature slightly below iron and nickel. Thus we 
can infer that dislocation climb is not the rate con- 
trolling process for creep in pure silicon, provided 
of course, the very limited data is truly representa- 
tive. 

Even though silicons’ structure tends to restrict 
deformation, considerable plastic flow does occur 
under creep conditions, as was shown by the fracture 
elongations in Table I. Although this large amount of 
creep ductility is present, it is strongly suspected 
that the amount of ductility is strain rate sensitive 
and that the impact strength would still be low at 
2000°F. 

We were also interested in investigating whether 
it was possible to cast silicon into intricate shapes. 
Fig. 2 which is a photograph of a jet-engine nozzle 
vane illustrates that precision casting can be ac- 
complished. 
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The Influence of Nucleation and Thermal 
Gradients on the Development of 
Solidification Texture 


M. E. Glicksman and G. S. Ansell 


It has been shown by Walton and Chalmers,’ that 
the mechanism of the development of solidification 
textures in castings involves the preferential 
growth of dendrites along certain crystallographic 
directions as determined by the influence of pre- 
vailing heat-transfer conditions. Specifically, this 
growth is parallel to the direction of heat flow. The 
purpose of the present investigation was to deter- 
mine the applicability of this mechanism to: 1) com- 
mercially pure aluminum (99.75 pct) solidified to 
coarse columnar crystals, 2) an aluminum-silicon 
casting alloy (5.25 Si, 0.38 Fe, 0.02 Cu, 0.10 Ti, 
0.002 S) cast to a fine-grained structure under com- 
plex and reproducible heat transfer conditions. 


PROCEDURE AND RESULTS 


1) Specimen Preparation— Using a technique sim- 
ilar to that employed by Northcott and Thomas, ? 
samples were melted in the directional solidifica- 
tion mold, Fig. 1, by heating the entire assembly to 
670°C. The mold was then end cooled using a water 
jet. From considerations of harmonic analysis, the 
likely distribution of isotherm normals encountered 
by the growing crystals is shown in Fig. 1. 

2) Orientation Analysis—The pure aluminum sam- 
ple froze to large columnar crystals, nucleated close 
to the metal diaphragm, with the growth direction 
parallel to the mold axis. Using the back-reflection 
Laue technique, the growth direction of these crys- 
tals was determined to be a <100>, which coincided 
within +3 deg to the mold axis. Metallographic ex- 
amination of the relatively fine-grained aluminum- 
silicon sample revealed a dendritic mode of growth 
having its primary dendrite arms along isotherm 
normals. 

Back-reflection Debye-Scherrer patterns, taken 
with the specimen rotating about its cylinder axis, 
yielded rings displaying symmetrical arcing, thus 
proving that the sample did, indeed, possess the 
solidification texture inferred from the preliminary 
metallographic examination. 

To determine the extent and orientation of the 
texture in the aluminum-silicon alloy, a density 
distribution of the (111) poles of the sample was 
plotted using the transmission Debye-Scherrer 
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orientation spread was 10 deg at both locations. This 
texture can be described as a <100> texture parallel 
method. The samples for this analysis were thin 
sheets, removed from the as-cast specimen by 


grinding opposite sides of the specimen in toward 
the mold axis. The high-density portions of the 
diffraction halo were plotted stereographically. The 
poles associated with locations A and B were cen- 
tered at 10 and 55 deg to the mold axis. The pole 


to the mold axis at point B, and at 45 deg to the mold 
axis at point A. Fig. 1 shows that the <100> direc- 
tions were both orthogonal and tangent to the 
isotherms. 


CONCLUSIONS 


1) The texture developed in an area immediately 
ahead of the solidification front is determined by the 
imposed heat flow conditions only during the period 
of initial crystal growth. In the coarse, columnar- 
grained, pure aluminum sample, in which nucleation 
occurred primarily at the base of the mold assem- 
bly, the major growth direction throughout the sam- 
ple was parallel to the mold axis and conformed to 
the heat flow conditions at the base and independent 
of these conditions elsewhere. 

2) In the fine-grained aluminum-silicon alloy, in 
which nucleation occurred throughout the sample, 
the major growth trend could continuously conform 
to the imposed heat flow conditions and give rise to 
the observed texture. 

3) The growth directions of an aluminum-3 silicon 
alloy were shown to be the <100>. 

The authors wish to thank A. A. Burr, and W. J. 
Childs for their helpful discussion during the prog- 
ress of this investigation. 
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Note on the Existence of ‘‘UTa,,C,”’ 
Erwin Parthé and J. Paul Pemsler 


Two references can be found in the literature con- 
cerning the ternary system uranium-tantalum- 
carbon. C. H. Schramm, P. Gordon, and A. R. 
Kaufmann reported in this Journal’ on the existence 
of the ternary carbide ‘‘UTa,,C,.’’ They also re- 
port a second face-centered-cubic carbide phase in 
the system U-Ta-C, which they denote as ‘“‘white’’ 
phase. The publication includes a reproduction of 
a Debye-Scherrer powder photograph of ‘‘UTa,,C,’’ 
and a list of the sin* @ values of this compound. 

H. Nowotny, R. Kieffer, F. Benesovsky, and E. 
Laube? report the complete solid solubility between 
TaC and UC with a B1 structure. 

Since the ternary phase ‘‘UTa,,C,’’ lies very 
close to the binary system Ta-C, and the established 
phase Ta,C with a C27 structure had not been men- 
tioned by Schramm et al., it was thought worthwhile 
to compare the patterns of ‘‘UTa,,C,’’ with Ta2C. 
The strong lines of the given pattern were indexed 
on a hexagonal unit cell with the approximate cell 
parameters a = 3.09A and c = 4.93A. These are the 
values reported for Ta.C in the literature.* The 
correspondence between reported and calculated 
sin? 9 values may be studied in columns 4 and 5 of 
Table I. The agreement is fair, but there remain 
weak lines which cannot be assigned to the hexagonal 
unit cell. The extinctions correspond to those of 
Ta,C, but a comparison of the calculated and ob- 
served intensities of the Ta2C lines (columns 2 and 
3) with those of the corresponding lines of ‘‘UTa,, m," 
(column 6) show occasional deviations. 

To clarify this situation, four new samples were 
prepared. The compositions of these samples were 
chosen in such a way as to observe any existing 
ternary phase in the system TaC-UC-U-Ta. The 
samples were arc melted in an inert atmosphere 
and annealed at 1100°C for 36 to 72 hr. Composi- 
tions of the samples determined by chemical analy- 
sis are given along with the results of X-ray in- 
vestigations in Table II. The following conclusions 


~ may be drawn from these data: 


a) No ternary compounds occur in the section 
TaC-UC-U-Ta of the ternary system Ta-U-C. The 
‘‘white’’ phase reported by Schramm et al. corre- 
sponds to a solid solution between TaC and UC. 
Only one three-phase field exists: C27-B1-A2. 
(Both tantalum and y uranium have body-centered- 
cubic A2 structures.) The a uranium observed in 
sample 4 transformed from the high-temperature 
y phase on cooling. 

b) The phase Ta,C with a C27 structure extends 
into the ternary system. ‘‘UTa,,.C,’’ is, therefore, 
a uranium-enriched Taz,C. Good agreement is ob- 

ERWIN PARTHE is Research Staff Member, Metallurgy Dept., 
Massachusetts Institute of Technology, Cambridge, Mass. J]. PAUL 
PEMSLER is Group Leader, Chemical Metallurgy, Nuclear Metals, Inc., 
Concord, Mass. This work was performed under AEC Contract No. 


AT(30-1)-1565. 
Manuscript submitted May 28, 1959. IMD 
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Table 1. Comparison of the X-Ray Diffraction Lines of “UTaj9C4” and Ta2C, CuK , Radiation 


“UTa,,C,” U Enriched Ta,C, 
Ta,C C.H. Schramm and Coworkers Sample 3 
Intensity This Work Intensity, sin’6, Intensity, 
hkel Calculated Observed Calculated Observed Observed Intensity, Observed 
- - 0.05626 vw 
10.0 11.6 m 0.0828 0.08468 w m 
00.2 12.5 m 0.0976 0.1024 s m 
10.1 47.6 vs 0.1072 0.1112 s vs 
- ~ = - 0.1206 w - 
10.2 7.6 m 0.1805 0.1848 m m 
- - 0.2008 vvw - 
~ - - 0.2189 vvw = 
11.0 8.9 m 0.2485 0.2487 m m 
- - 0.2775 vvw - 
0.2910 vvw - 
10.3 9.4 m 0.3026 0.3077 s ms 
- - 0.3215 vvw - 
20.0 1.4 vw 0.3314 0.3345 vvw vw 
11.0 10.1 m 0.3462 0.3500 m m 
20.1 7.4 m 0.3558 0.3593 w-m m 
~ 0.3828 vvw - 
00.4 1.4 vw 0.3907 0.3964 m w 
20.4 1.8 vw 0.4290 0.4327 w vw 
10.4 1.6 vw 0.4735 0.4779 m w 
20.3 4.2 w 0.5511 0.5538 m w 
21.0 15 vw 0.5799 0.5806 vvw vvw 
2h.1 7.9 m 0.6043 0.6045 m m 
114 6.3 m 0.6392 0.6418 s ms 
21.2 2.5 w 0.6776 0.6775 w w 
10.5 4.0 w 0.6933 0.6969 s ms 
20.4 1.4 w 0.7221 0.7230 w w 
30.0 2.9 w 0.7456 0.7436 w w 
2.9 8.9 ms 0.7997 0.7986 s ms 
3.2 6.7 ms 0.8433 0.8413 m m 
00.6 1.3 w 0.8791 0.8800 m m 
20.5 8.2 ms 0.9419 0.9386 s ms 
10.6 3.4 ms, d 0.9619 0.9596 s ms 
21.4 7.5 ms, d 0.9706 0.9706 vw ms 
22.0 ~10 d 0.9942 0.9858 w-m d 


tained in a comparison between calculated and ob- 
served sin? 6 values of the C27 structure in sam- 
ple 3. No change of lattice parameters of the 
uranium-enriched Ta2C has been observed, but the 
diffraction lines have not been very sharp. Slight 
deviations in the intensities of the uranium rich 
alloy (column 7) from those calculated and observed 
for pure Ta2C (columns 2 and 3) have been observed 
and should be the object of further study. 

c) The depicted X-ray pattern of ‘“‘UTa,,C,’’ con- 
tains additional lines which do not correspond to any 
phase in the system TaC-UC-Ta-U. Some of the 
lines appear to correspond to Ta20,, but there still 
remain other lines which cannot be accounted for. 


Table Il. Results of Chemical and X-Ray Analysis 


Results of Chemical Analysis Phases Identified 


4C. H. Schramm, P. Gordon, and A. R. Kaufmann: A/ME Trans., 1950, 


vol. 188, p. 195. 
4w. A. Burgers and J. C. M. Basart: Z. anorg. Chem., 1934, vol. 216, p. 209. 
*H. Nowotny, R. Kieffer, F. Benesovsky, and E. Laube: Mh. Chem., 1957, 


vol. 88, p. 336. 


Deformation Modes of Yttrium at Room 
Temperature 


E. J. Rapperport and C. S. Hartley 


Y rrr is a close-packed-hexagonal metal with 
a c/a ratio of 1.5712.’ This low c/a value prompted 
a cursory examination of the deformation modes to 
obtain more data on the deformation characteristics 
of hcp metals with subideal c/a ratios. 

The chemical analysis of the arc-melted stock 


by 
Sample af, C a/o U X-ray Analysis from which the specimen was cut is given below in 
Table I. 
A 
E. J. RAPPERPORT, Junior Member AIME, is a Metallurgist at 
2 23 1 C27 + A2 Nuclear Metals, Inc., Concord, Mass., C. S. HARTLEY, Junior Member 
AIME, presently Lt., USAF, assigned to Materials Laboratory, WADC, 
3 27 30 C27 + Bl Wright-Patterson Air Force Base, Ohio was formerly associated with 
Nuclear Metals, Inc. 
4 14 32 C27 + Bl + aU Manuscript submitted June 19, 1959. IMD 
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Table |. Chemical Analysis of Arc-Melted Yttrium Ingot from Which 
Specimen Bar Was Cut. Impurity Contents Given in Ppm by Wt 


Table 1. Deformation Planes Found Active in Yttrium Crystal 
Deformed in Bending at Room Temperature 


Element Analysis Element Analysis 
Cc 119 Mg 30 
N, 91 O, 2170 
Fe 101 Cu 45 
Ti 1340 Si 140 
Zr 100 Ni 240 
Ca 12 B 10 


A bar 2 by '/, by /, in. was cut from the coarse- 
grained, arc-melted ingot and polished mechanically 
through 4/0 abrasive paper, then electro-etched in 
a bath of 16 pct acetic acid and 84 pct perchloric 
acid. Following this, the sample was swabbed with 
a solution of one part ethyl alcohol and two parts 
phosphoric acid to produce a surface suitable for 
metallographic examination. 

A grain in the bar was selected for study on the 
basis of size (approximately '/, in. cube) and surface 
polish. The bar was bent with the selected grain on 
the tension side to produce deformation traces for 
stereographic analysis. The tensile force generated 
by bending the crystal made an angle of about 60 deg 
with the c axis and 31 deg with an a axis. 

After approximately 5 pct bending strain, the 
crystal was examined metallographically and the 
trace angles with respect to an edge were measured. 
These angles were plotted on a stereogram of the 
crystal to obtain the active planes. Some of the 


Slip Planes Twin Planes 
(0002)* {1012} 
{1010}° {1121} 

{1122} 


8Single-trace analysis techniques. 
bTwo-trace analysis techniques. 


planes were obtained by two-trace techniques as 
described by Barrett,? and others were obtained by 
single-trace techniques. The latter do not permit a 
unique solution but do allow reasonable inferences 
of the active planes. 

The active planes found in this manner are given 
in Table II. 

The predominant slip plane was {1010} and the 
most active twin plane was {1012}. Other deforma- 
tion planes may appear in samples of other orien- 
tations, or in samples strained more severely. It 
is also possible that the relatively high oxygen con- 
tent of this sample influenced the activity of the 
various slip planes,* and material of other purity 
might show somewhat different slip characteristics. 


4F. H. Spedding, A. H. Daane, and K. W. Herrmann: Acta Cryst., 1956, 
vol. 9, p. 559. 

2C. S. Barrett: Structure of Metals, McGraw-Hill Book Co., Inc., New York, 
1952, second edition. 

3A. T. Churchman: Proc. Roy. Soc., Series A, — and Physical 
Sciences, November 9, 1954, vol. 226, no. 1165, p. 


CORRECTIONS 


Strain-Hardening Exponent of Cross-Rolled Beryllium Sheet by S. R. Maloff, Vol. 215, No. 5, page 872, 
was omitted from Table of Contents for the October issue. 


Stabilization Phenomena in Beta Phase Au-Cd Alloys by Howard Birnbaum, Vol. 215, No. 5, page 786. 
The figure denoted Fig. 1 should be Fig. 3, Fig. 3-should be Fig. 4 and Fig. 4 should be Fig. 1. The 


captions are in the proper sequence. 


Activity of Carbon in Liquid Iron Alloys by Tasuku Fuwa and John Chipman, Vol. 215, No. 4, page 708. 
First equation, right hand column, page 710 should read 


(Cr) 
log 
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